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FOREWORD 


It is now ten years since the American Institute of Mining and Metal- 
lurgical Engineers started the policy of devoting one volume of its Trans- 
actions each year to the papers and discussion of the Institute of Metals 
Division. Including the present one, eleven volumes have now been 
published, containing 292 papers (approximately 5400 pages). Many of 
the papers in these volumes are of fundamental importance and the 
volumes in general constitute a reference library that is indispensable to 
physical metallurgists. 

Of the various papers published in these volumes those on precipita- 
tion-hardening constitute a very important classification, for they con- 
tribute much to both the theory and practice of the utilization of the 
phenomenon. The present volume is no exception in this respect, for in 
it there are four papers dealing with precipitation-hardening, which, 
together with the discussion, add much to the subject. 

Fifteen years ago the Institute of Metals Division listened to its first 
annual lecture. Since then the roll of lectures has expanded to contain 
the names of many distinguished men from both this country and abroad. 
This year we take pleasure in adding the name of Dr. R. S. Hutton, whose 
lecture on Refractories was presented at our New York meeting. 

In 1934 the Division instituted a program of making an annual award 
for the best paper published during the past three years. This year the 
award was presented to Arthur Phillips and R. M. Brick for their paper 
“Effect of Quenching Strains on Lattice Parameter and Hardness Values 
of High-purity Aluminum-copper Alloys,” published in volume 111 of 
the Transactions. 

It is customary for the chairman to extend his thanks to the mem- 
bers of the Papers and Publications Committee for their work in caring 
for the publications of the Divisions and arranging programs for the meet- 
ings. These duties have been carried out this year under Dr. R. F. Mehl 
as Chairman and Dr. D. K. Crampton as Vice-chairman, with the usual 
sacrifice of personal time and energy that is so often accepted without too 
much consideration, merely because it is so essential to the office. To 
Dr. Mehl and Dr. Crampton and their associates on the committee, the 
Division owes its thanks for this volume. 

Albert J. Phillips, Chairman, 
Institute of Metals Division. 


Perth Amboy, N. J. 
June 19, 1937 
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Refractories 

By R S. Hutton* 

(Institute of Metals Division Lecturef) 

When I had the honor of receiving an invitation to give the Institute 
of Metals Lecture, it occurred to me that it might be of interest to review 
the advances which have been made in refractories, considering how 
important these materials of construction are in the carrying out of many 
metallurgical operations and what a large factor they represent in our 
costs of production. Frankly, I can claim no recent contact with the 
refractories industry and what little work I myself have been concerned 
with has been rather unorthodox in character. However, perhaps in 
consequence of this, I can approach the review without bias and include 
some suggestions which may prove stimulating or provocative to some of 
you, who have a more intimate knowledge of refractories and their uses 
than I possess. 

It is neither possible nor necessary for me to survey the progress of 
industrial refractories, for this has been so thoroughly undertaken by 
pthers 1-7 in recent publications. Perhaps the best way to get a broad 
picture of this progress is to compare the Faraday Society Symposium 
on Refractory Materials 20 years ago 8 , containing a report on one of the 
first attempts at standardized testing, with the American Society for 
Testing Materials Committee Report of February 1935. Suffice it to 
say, lest my provocative remarks be misunderstood, that I do appreciate 
that great advances have been made, particularly by companies that have 
established their own research laboratories and by universities and 
cooperative research institutes working for the common weal of groups of 
manufacturers or for national and international progress. 

The scientific study of the constitution diagrams of binary and ternary 
refractory oxides, which American workers have been foremost in under- 
taking^ led by the work of the Geophysical Laboratory at Washington, 
has laid a firm foundation for the whole subject. It should be remem- 
bered, however, that to a much greater degree than with the constitution 
of metal alloys, the equilibrium conditions are so sluggishly arrived at 

* Goldsmiths’ Professor of Metallurgy, University of Cambridge, England. 

t Presented at the New York meeting, February, 1937. Sixteenth annual lecture. 
Manuscript reoeived at the office of the Institute Feb. 12, 1937. 

1 References are at the end of the paper. 

t As a typical example, the diagram SiOj-AljOs of Bowen and Greig is shown in 
Fig. 1. See also F. P. Hull and H. Insley 8 . 
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that, in many practical applications, wc may with appreciation accept the 
definition of this field as covering the “chemistry of frustrated reactions.” 
The applications of petrological and X-ray methods of examination are 
also proving most fruitful in advancing our knowledge. On the manufac- 
turing side, high-pressure forming, de-airing and electrocasting represent 
major advances in recent years, as also docs the utilization of new 
materials, both from diligently sought out natural resources or from 
ar tificiall y produced materials such as silicon carbide and fused alumina. 
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Above all, the industry has been advanced by the recent cooperative 
effort for standardization of testing methods in which again America has 
taken a foremost position. 

The insistent call for progress in refractories seems to be due (1) to 
the urgent demand for more rapid metallurgical production, which 
entails higher temperatures and the concomitant more severe conditions 
of service; and (2) to the greater consideration which is being given to the 
thermal efficiencies of metallurgical processes. In both these directions 
we are still only on the bottom rungs of our ladder of ascent. 


Temperature Conditions 

As an example of the severe conditions which exist let us consider the 
open-hearth production of steel, of which present-day temperature condi- 
tions have recently been investigated with the help of a new form of 
optical pyrometer 10 * 11 : 

Temperature of steel, after melting down, 1650° to 1750° C. 

Temperature of flame, after melting down, 1800° to 2050° C. 

Temperature of refractory roof, after melting down, 1670° to 1720° O. 
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These temperature measurements were made with a furnace built with a 
silica roof and the limitation of temperature is entirely due to the fact that 
any higher temperature would entail the very rapid melting of the 
roof and destruction of the whole furnace. Whereas it is readily possible, 
by suitable regeneration, by the selection of combustible gases, and by 
utilizing recent knowledge of the importance of radiation from luminous 
and nonluminous gases 10 * 12 , to attain flame temperatures of 2700° to 
2800° C. — i.e., about 1000° C. higher than the maximum steel temperature 
of present practice — we are probably limited to an increase of 100° to 200° 
even if we replace the silica-brick roofs with chrome-magnesia or any other 
of the better refractories at present available commercially. Although 
we now know that radiation is far more important than convection for the 
transmission of heat units from the burning gases to the metal, it is 
obvious that we need as high a “temperature head” as possible, and the 
fact that the refractories can only withstand such a low temperature 
shows how radically they fail to attain any reasonable standard for 
designing much of our furnace equipment. 

It is needless for me to point out, however, that the problem of furnace 
refractories is not merely one of the melting point of the refractory, for, 
as we all know, the service requirements are complex and severe, as I shall 
have occasion to refer to later. On the other hand, it is not widely 
enough appreciated how vital it is for improvement of our metallurgical 
production processes to attain higher temperatures than those to which 
we are limited at the present time. Apart from the prospect of greater 
throughput and more rapid production, we already know from experience 


Table 1 . — Thermal Efficiencies of Some Furnaces 


Furnace 

Thermal 
Efficiency, 
Per Cent 

Authority 

Open-hearth steel furnace: 

Useful heat in steel (stack losses, 
40 per cent; radiation and other 
losses, 40 per cent) 

20 

\ Haslam and Bussell: Fuels and 
1 their Combustion, 535, 1926. 
/ See also Bone and Himes: Coal, 
l Its Constitution and Uses, 487, 

| 607, 1936; and W. Heiligen- 
V staadt: W&rmetechnische Eech- 
] nungen ftir Bau und Betrieb von 
/ Oefen. 1935. 

Coke ovens: 

Useful heat (stack losses, 20 per 
cent; radiation losses, 15 per 
cent) 

65 

Coke-pit-fircd crucible furnaces for 
brass or steel 

5-10 

Forging, annealing and rolling-mill 
furnaces 

Electric-arc steel furnaces 

8-48 

Up to 67 
62 

Trinks: Industrial Furnaces, 3d 
Ed. 1934. 

\ Robiette: Electric Melting Prac- 
( tice, 51, 178, 1925. (These 
( percentages are on electric 
/ energy input.) 

Electric coreless induction furnaces. . . 
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in electric steel melting how favorably the slag reactions can be influenced 
and how beneficial from the point of view of reduced inclusions and gases 
is the attainment of a higher temperature of melting. 

If we turn to the problem of thermal efficiency, it is even more obvious 
how important are the refractories to our metallurgical processes. 
Whereas in modern steam-boiler practice, despite furnace-chamber tem- 
peratures of 1300° C., we have attained a 90 per cent efficiency in the 
utilization of the thermal units of our fuel, our metallurgical furnaces are 
still for the most part highly inefficient, as shown in Table 1. 

Fuel Economy 

It is astonishing how limited is the attention given to fuel economy 
at the majority of metallurgical works. Except in the most highly 
organized establishments, a staff of fuel economists engaged to control 
this major factor of process expenditure is seldom found, and when one 
has the opportunity of examining a cross section of an industry one finds 
surprising divergencies between the best and the worst practice of 
competing firms. 

This question of fuel economy is most intimately connected with 
refractories, for if we analyze out the heat losses they come under one or 
other of the following headings: 

1, Stack losses, mainly sensible heat carried away in the flue gases and 

primarily due to: 

а. Excess air and other forms of inefficient combustion. 

б. Limited temperature gradient ; e.g. , in high-temperature processes 
not having the combustion gases hot enough to assure a rapid 
heat transfer by radiation and convection, which as shown above 
may be due to limitation of refractories to withstand high 
temperature. 

c. Inefficient recuperation or regeneration of the heat in flue gases. 

2. Radiation losses primarily due to: 

a. Inefficient heat insulation. 

b. Large volume of furnace structure and large exposed surface 
of furnace. 

c. Too slow heat transfer, prolonging the duration of the process 
for any given plant capacity. 

If we can visualize such an operation carried out in a proper scientific 
manner, we should have precise quantitative data of the location and 
amount of the items of heat loss, and with such a picture before us the 
crude economic wastefulness would surely offer a powerful incentive to 
striving for drastic improvements. Some of these are already available, 
others may need further advance in the quality of the refractories, but 
I venture to believe that the bugaboo of prime cost of construction has for 
far too long hindered rapid advance. Does it really pay to construct 
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furnaces with a life of only a few hundred heats, with high upkeep costs, 
and with an over-all efficiency of, say, 20 per cent? Does a silica brick at 
5j4 really show an over-all economy over a superbrick at 50 or even at a 
dollar? Fuel economy, and above all long life and long runs between 
repairs of furnace structures, may go far to offset such high costs and 
render the use and development of super-refractories of real value to the 
progress of the metallurgical industries. 

Requirements 

What, then, are the requirements? The most difficult of achievement 
is a high-temperature refractory suitable for use at temperatures well 
above 2000° C. without melting, of sufficient hot strength, resistant to the 
wear and tear of the persistent streams of combustion gases and, above 
all, capable of withstanding attack by slags and fluxes and the clouds or 
jets of basic or acid discharges projected upon it from the molten metal. 
Fire clay has given place to silica and to magnesite and recently to 
chrome-magnesite bricks, each in turn showing important but relatively 
small advantages 13 , offset to a large extent by the ever-increasing rigor 
of the operation of the process and fundamentally hampered by all of 
them having temperature limits below what is really wanted. 

Another requirement is for materials and design of our furnaces to 
reduce the appalling figure of over 40 per cent in the radiation losses. 
Although this is in part due to the limitation referred to above of refrac- 
tories for the lining of the furnace, which has necessitated water-cooling 
and other means to prevent the destruction of the internal surfaces, it is in 
great measure due to the neglect until recent years of the study of insulat- 
ing refractories. 

I myself remember the day when almost the same fire-clay refractories 
were used for furnace walls required to box in the heat as for crucibles and 
muffles required to give optimum conductions of heat to the charge; and 
in default of any existing information on the thermal conductivity of 
refractories, I had to undertake the first of such measurements 14 . In this 
work attention was also directed to the necessity for utilizing stratified 
insulation, so that while the hot internal faces of the furnace could be 
made of materials stable at high temperatures, progressively less refrac- 
tory materials of higher insulation properties could be employed for 
the walls. 

This idea of stratification is capable of considerable development and 
might result in much more than the use of successive layers of different 
bricks. The temperature slope in furnace walls is sometimes very steep 
and composite bricks with well graded structures should find most effec- 
tive applications. 

In recent years great advances have been made in heat insulation and 
we now have a whole range of bricks, some of which can withstand face 
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temperatures up to 1500° C. The thermal conductivity and the specific 
heat of refractories are fortunately at last receiving the attention they 
deserve, for there is tremendous scope for development and for a wise 
selection and application of improved materials. The requirements of 
service are so varied that this branch of the subject takes us far beyond 
merely avoiding heat losses. Whereas in lagging we ask for insulation, 
in recuperators we need high conductivity and in regenerators both high 
heat-storing capacity and, if it can be secured at the same time, high 
thermal diffusivity, so that the brickwork can rapidly take up as much as 
possible of the thermal units from the momentary glancing contact with 
the waste gases and give them up again as quickly as possible when the 
reverse air heating is turned on. It is unfortunate that great discrep- 
ancies still exist between the data for thermal conductivity at high 
temperature, provided by individual investigators — for instance, some 
results indicate that fused magnesia increases steeply in thermal con- 
ductivity and silicon carbide decreases steeply with rise of temperature, 
whereas others show almost constant or reversed values. (See Fig. 2; 
also Golla and Laube 15 and Salmang and Frank 16 .) Then again there arc 
many cases in which the time factor calls sometimes for the lowest possi- 
ble “thermal ballast” of the furnace structure, if rapid or intermittent 
heating is required, and at others for quite the opposite, when slow and 
continuous processes are sought. Surely in this field there is still much 
scope for the employment of heat physicists, who seem to be more active 
in the field of electric heating furnaces 17 * 18 * 19 than in connection with direct 
fuel consumers, where much larger aggregate costs are entailed. 

No review of refractories could be made without some reference to 
silicon carbide and the remarkable development work which followed its 
discovery by E. G. Acheson. Despite its limitations in oxidizing atmos- 
phere, which render it unsuitable for many ordinary furnace refractory 
bricks, its outstanding properties of stability up to temperatures of 
2500° C. and of high thermal conductivity provide it with a prominent 
position as a constructional material for thermal recuperators, for electric 
heating resistors, for zinc retorts and in other special applications. The 
discovery of the late F. A. J. Fitz Gerald of its recrystallization 46 is perhaps 
the first example of bonding by sintering, which has lately become so 
important for oxide refractories. The all too short review of super-refrac- 
tories by F. J. Tone 72 , and the papers by M. L. Hartmann 20 and colleagues, 
provide indications of some of the properties and uses of silicon carbide. 

The ideal high-temperature refractory must be infusible and also 
possess adequate strength and coherence at the service temperatures; in 
addition, it should not disintegrate when exposed to pressure or to sudden 
changes of temperature, and it needs to be highly resistant to attack by 
any gases, vapors, metals, slags and fluxes with which it may come in 
contact while forming part of the furnace structure. 
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These ideals are admittedly difficult of achievement, but considerable 
progress has been made by systematic study and selection. Fusibility 
and behavior to chemical attack are basic properties of the individual 
refractory components and to a certain extent can be foretold from 
available data. Whether a refractory brick will maintain its form and 
structure for a long life under load and with cycles of steep temperature 
change, is by no means so easy to foresee. The struggle against “spall- 
ing” has at least demonstrated that it is not simply a question of thermal 
expansion and contraction with which we have to deal, and even magnesite 
bricks of superior spalling resistance arc now available and depend 
mainly on improved methods of molding. 

Difficulties in Attaining Ideal 

It seems to me that the major hindrances to the achievement of the 
ideal refractory in these respects lie in the instability of the components 
which are utilized and in the fact that we are dependent in most cases upon 
the cementing together of refractory grains by ceramic bonds, frequently 
of quite different physical properties, both as regards thermal expansion 
and melting point, compared with those of the grains themselves. 

If this be true (see Fig. 3) even to a partial extent, surely our road lies 
in the use of more stable and uniform components, fused or thoroughly 
shrunk refractory grain of as high a purity and uniformity as possible, 
and the development of autogenous sintering processes for their agglomer- 
ation. Metaphorically we may look upon present-day industrial refrac- 
tory bricks with the same disappointment that we should view a metal 
made up of granules glued or at the most soldered together, in comparison 
with metal cast or autogenously welded. It happens that a good deal of 
laborious study has been devoted to this other aspect of refractories, but 
so far almost exclusively from the point of view of laboratory vessels, and 
it may not be amiss to review some of this work in the hope that this may 
stimulate its application to the major industrial field. 

These super-refractories for laboratory work possess two main charac- 
teristics: (1) they are fired at such high temperatures that the grains are 
sintered or fritted together and caused to recrystallize and produce a solid 
and strong structure, with little if any intermediate ceramic bond; (2) 
they are made of highly purified and single-phase constituents or pur- 
posely chosen admixtures of constituents. I believe that the prime cause 
of hesitation to develop large-scale production in this direction lies in the 
fear that costs must necessarily be prohibitive. All new ventures at 
times need vision to overcome this hindrance. In metallurgy there arc 
countless examples overcome by grim determination, which has made 
such metals as aluminium, magnesium, and vanadium relatively cheap 
handmaidens of civilization. No one can surely believe, in this electric 
age and with oxygen gas available at less than the cost of the cheapest 
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town gas if we really set out to make it 21 * 22 , that high temperatures are 
out of our reach economically. Again, pure refractory oxides are expen- 
sive only when no one has yet developed their large-scale production. 
Pure alumina is already available on a vast scale for the production of the 




Fig. 3. — Structure op refractories (diagrams). 

Black regions represent ceramic bond; white regions, pores, and hatched areas 
grog or granular refractory. . 

а. Two-phase material made up of grog or refractory grains cemented with 
relatively large proportion of ceramic bond ; 25 per cent porosity. 

б. Two-phase material but much smaller proportion of ceramic bond; 25 per cent 

P ° r cf 1 Mngle-phase sintered material but with normal porosity. 
d. Dense sintered single-phase material, negligible porosity. 


metal, pu rifi ed zirconia, magnesia and most of the other potential require- 
ments are to be had at a cheap price, if we can muster up the will to make 
them. So far as the costs of electric energy are concerned, whether this is 
required for the production of the raw material or for firing of the formed 
refractories, such data as are available indicate that this factor will 
certainly not be prohibitive. On a small scale I have produced recrystal- 
lized magnesia with 1.17 kw-hr. per kilo, and it is said that fused alumina 
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can be produced for less than 3 kw-hr. per kilo and silicon carbide for 
7 kw-hr. per kilo. 

Perhaps an example from the borders of the refractories industry may 
/"—v n « - . . . serve to drive home my argument. 


(O ) ? A Refractories In the year 1903 ’ Sma11 fused_silica 

F° ) < C° T Degrees c. tubes and vessels made with oxy- 

■7232 4000 4 Ta c + iHfC 3940. hydrogen blowpipe were available 

-- 3800 Tnc and Hfc 3880 [ n Europe at a price of 1 Mark 

3TOO per gram, equivalent to, say, 

6332 3500 C 3500 $225,000 per short ton, and the 

-- 3400 makers held out no hopes of a 

II 3200 reduction. The application of 

— 3ioo Th0 30s0 electric heating which I introduced 

5432 3000 2 in 1902 led to the establishment of 

II 2800 MaO 2800 a flourishin g industry in which 

2700 Hfb 2 2700 vessels up to 200 U. S. gallons 

— 2600 C g 0 2 2570 capacity have been produced, and 

4532 2500 BeOl 2500 the price promptly fell to less than 

-- 2400 Decomp-SiC one-hundredth of the figure quoted 

1 1 2200 Crz03 2275 above and is now in some cases as 

-- 2100 Spinel Mg0:Atz0j 2135 low in Europe as $60 per short 

3632 2000 Al 2°3 2080 ton 23-26 . 

„ r Aete ,- n loin The extreme limit of every 

Sr 4.11 i9oo ire 2Mg0 Si0 2 1910 . , . ., ... . , 

1 m it w refractory is its melting point, so 

-S.-8 Y o Mullife3AI 2 0 3 :2Si0, [830 , , , J , 

jfjjj ;:::;:^:::^|i 8 k_ 37 18?o let us look at the data which we 

g :p: ^ : |j 34 „Bo ¥, ms sio, have available. (See Fig. 4.) 

J llll ^^^^£^32,^ 1728 How great are the possibilities if 

"§ fHH ^^^29,^|-3pi6so we could use these pure materials, 

H l ?«Bd 60 0 ^/ i 6 m || and not weaken them by inter- 
crystalline bonds of lower melting 
2732 1500 points! For instance, as Sosman 70 

|400 has pointed out, pure alumina will 

not melt below 2040° but if we 
-- 1300 bond it even with the smallest 

amount of clay we have merely 
1200 a cemented agglomerate whose 

bond becomes fluid at 1545° O. 
Next to fusibility, we arc con- 
1832 1000 cemed with the changes which 

„ . „ occur when the grains of the 

Fto. 4,-Manrmo poxhts or befeacxories. refractories are heated up from 

normal to service temperatures. In most cases it appears undoubted that 
a high-temperature pretreatment or even a fusion of the raw material 
affords advantages, not only in limiting subsequent shrinkage but 


4T otC+IHfC 3940 
ToiComdHfC 3860 


Th0 2 3050 


Zr0 2 2700 
CaO 2570 


Decomp-SiC) 

Cr z 03 2275 

Spinel Mg0:4l 2 0 3 2135 
AljOj 2080 

jsterife 2Mg0 Si0 2 1910 
lMullite3AI 2 0 3 :2Si0 2 [830 

434^ ,, 1785 SiO z 
P^TO32,^ 1728 

^31 1630 Zn °° 

^°I595 


Fig. 4. — Melting points of refbactokies. 
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in rendering the material more' resistant to attack by metals, oxides 
and fluxes. 

The recent development of high-pressure molding for ordinary refrac- 
tories has proved one of the most valuable technical advances and 
scientific work is throwing light on its mechanism, which appears to be 
largely due to very localized high temperatures at the frictional contact 
surfaces of the grains 26 * 2 '. In this connection, the advantage of rapid 
repetitive pressings, with momentary intermediate releases, as is adopted 
in some of the processes of mineral briquetting may be worthy of atten- 
tion. So far as the sintering process is concerned, there is ample evidence 
that even with technically pure materials an effective bonding can be 
secured by raising the temperature of powders, the particles of which are 
in sufficiently intimate contact. 

Tammann, for instance 28 , found that fritting commences at the follow- 
ing temperatures: CaO, 1112° C.; A1 2 0 3 , 1160° C.; MgO, 1283° C.; Si0 2 , 
880° C.; kaolin, 1037° C. Hedvall 29 differentiates weak sintering due to 
shrinkage effects from strong bonding commencing at the recrystallization 
temperature. Many have been disappointed with such sintering proc- 
esses of making refractory bricks and vessels because they have not 
utilized a sufficiently high firing temperature. Rysehkewitz points out 
the great difference between the structure of formed alumina fired at 
1800° and 1900°C. and considers that higher temperatures of at least 
2000° C. are essential for magnesia and zirconia. 

As shown by some of the earlier experimenters 30 * 57 and confirmed by 
most of those who have worked in this field up to the present time, the 
sintering is greatly facilitated by the presence of a small proportion of 
low-fired powder in the agglomerate and by a selected variation in the 
grain size of the powders, it is also sometimes most helpful to employ 
“mineralizing” or “activating” agents such as chlorides, fluorides or 
boracic acid, which after serving this function are volatilized during the 
high-temperature firing. Another method which sometimes is effective 
for securing intercrystalline growth is to expose the mass temporarily to a 
reducing atmosphere or to combine with it a small amount of some organic 
material, which after incineration has the same action. 

All this demonstrates how vital is the recrystallization process; whether 
this be effected by the well-known propensity of large grains to grow at 
the expense of small ones, by localized vaporization or by the more occult 
phenomena of surface activation. The physicochemical work in progress 
in this field should be of vital interest and importance 31 * 32 * 33 . 

Beyond the sintering process itself there remains much stimulating 
thought in the work of Ruff, von Wartenberg, Bunting and others on the 
solid solutions of refractory oxides. We are beginning to realize the 
innate limitations of pure magnesia and have indications of its modifica- 
tion and improvement by spinel formation with such oxides as CrsOs and 
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Fig. 5.— Dense sintebbd pure Al 2 Os refractory. 

Fig. 6.— Dense sintered MgO refractory. 

Fig. 7.— Soled fused magnesia. 

Fig. 8.— Highly sintered magnesia. 

All X 26. 

I am indebted to Prof. C. E. Tilley, of the Mineralogical Department, University 
of Cambridge, for the photographs of thin sections of these refractory oxides. 
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Fe 20 3 but these also deserve closer scientific study and the properties of 
sintered masses of such products free from silicate bonding should 
be determined. 


Table 2. — Degussa Refractories 


Material 

Melting 
Point, 
Deg. C. 

Maximum 
Service 
Temper- 
ature, 
Deg C. 

Porosity 

_ 

Hot 

Strength: 

Softening 

Commences 

2 Kg per 
Sq Cm , 
Deg. C. 

! Sensitivity 
\ to Sudden 
l Change of 
Temperature 

Dense sintered: 

A1 S 0 8 

2050 

I 

l 

1950 

Negligible 

1730 


Spinel (= MgO.AIjOs). 

2135 

2000 

Negligible 

1730 

+ 

BeO 

2500 

2200 

Negligible 

2150 

— 

Zr0 2 

2700 

2500 

Marked 

2000 

+ 

ZrSiO* 

2500? 

1750 

Marked 

1500 


MgO (fused) 

2800 

2200 

High 

2000 

+ 

MgO (calcined) 

2800 

2400 

Negligible 

2000 

| + 

ThOj 

3000 

2700 

Negligible over 1900 

; 

+ 


The accompanying tabulation of some of the properties of densely 
sintered oxide refractories (Table 2) will serve to indicate what has 
already been accomplished on a relatively small scale. In parallel with 
these results, which have been achieved by Ryschkewitsch and his 
co-workers in Germany, both American and English work have largely 
confirmed the results which have served to provide most useful apparatus 
for metallurgical research. 

Accomplishments and Outlook 

I have not time to refer to the work of all the pioneers in this field, so 
must limit myself to the select bibliography on high-temperature refrac- 
tories attached to this lecture (references 36 to 80). Among these 
pioneers many have worked purely for the scientific interest of the subject 
and others in order to provide themselves with research apparatus 
required for their own metallurgical or other investigations. I may 
perhaps be allowed to mention such names as: Otto Ruff, H. von Warten- 
berg, R. Rieke, and E. Ryschkewitsch in Germany, W. H. Swanger and 
F. R. Caldwell and others at the Bureau of Standards; also H. M. 
Goodwin, R. B. Sosman, Louis Navias, H. K. Richardson and others in 
the United States, Donald Turner and others at the National Physical 
Laboratory, England. 

One of the most important considerations, as already pointed out, is 
the resistance to slag and oxide attack, and there is evidence from the 
experience with laboratory crucibles made of these oxides (see, for 
instance, references 34, 69, 71, 80) that the purity and, above all, low 
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porosity of these products renders them exceptionally resistant. The 
technical studies of slag and flux attack also demonstrate the importance 
of structure, the outstanding example being the resistance of electrocast 
mullite refractories in glass tanks 36 . One cannot, of course, pretend that 
the large-scale production of such super-refractories is in sight but I hope 
that I have not taken up too optimistic an attitude in urging that they 
are within our reach if we approach the subject from such a standpoint 
as I have proposed. Let us, at any rate, take more active interest in 
higher temperatures of pretreatment and firing, in the sintering process, 
in the provision of purer raw materials, and in the further exploration of 
the constitution and properties of solid solutions of the refractory 
oxides, et cetera. 
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The Stereographic Projection 

Bt Charles S. Barrett,* Member A.I.M.E. 

(New York Meeting, February, 1937) 

Metallurgists are making use of the stereographic projection to a 
steadily increasing extent. In the last five years no less than 20 papers 
in American metallurgical journals alone have employed the stereographic 
projection; recent books on physical metallurgy, plastic deformation, 
X-rays and their applications, and crystal structure use it. 

Mineralogists have used the stereographic projection for many years 
in the description of symmetry classes and crystal planes, for it presents 
an accurate, easily understood plot of any angular relations in crystals 
with all unessential features eliminated (such as the accidentally deter- 
mined size and shape of crystal faces). In metallography and physical 
metallurgy the projection is much used for the analysis of markings 
appearing on polished grains: slip lines, twins, cracks, structures formed 
by precipitation, magnetic-powder patterns, etch pits, etc. Data from 
certain types of X-ray photograms are most conveniently analyzed by 
its use, particularly those for determining the orientation of single crystals 
or the preferred orientation of grains in an aggregate. Calculations of 
how to tilt or cut a crystal parallel to a certain crystallographic plane or 
to reflect X-rays from a certain plane are rapidly carried out. It has 
been adopted almost universally to the exclusion of other methods by 
those studying the deformation of metallic crystals, save where the accu- 
racy required is greater than a few tenths of a degree. Any directional 
property in a crystal or polycrystalline material can be shown on a stereo- 
graphic projection; for example, the modulus of elasticity, yield point, etc. 

It has been repeatedly called to our attention that there is need of an 
elementary explanation of the principles and methods of stereographic 
projection, covering all the common applications in the field of metal- 
lography and physical metallurgy. The following contribution is an 
attempt to fill this need. 

The description of each method is supplemented with references to 
publications in which the method has been used. For convenience to 
the reader, these illustrative references are chiefly in American journals, 
particularly the publications of the American Institute of Mining and 
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Metallurgical Engineers. The references arc not intended to cover every 
application that has been made of the methods, nor to refer in every case 
to the first use of any particular method. 

TV fun dam ental principles of the method and the common operations 
are first explained at some length, for these must be understood before 
the applications can become clear. In presenting the applications that 
follow, it has been necessary to discuss numerous details. While it is 
not expected that these will all be clear in a single reading, nevertheless 
they involve only simple principles and are readily mastered with study. 
The sections “Applications to Metallography” and “Preferred Orienta- 
tions” are independent, so that a reader interested only in one need not 
read the other. 

Reference Sphere and Its Stereogkaphio Projection 

Crystallographic planes, axes, and angles are very conveniently repre- 
sented on a sphere. The crystal is assumed to be very small compared 



Fig. 1. — PROJECTION of crystal plane upon reference sphere. 

Plane F represented on sphere by great circle MMM or polo P. 

with the sphere (known variously as the reference sphere or polar sphere) 
and to be located exactly at the center of the sphere. Planes on the 
crystal can then be represented by extending them until they intersect 
the sphere, as in Fig. 1, where the plane F intersects the sphere at MMM* 
The crystal is assumed to be so small that each of these planes passes 
through the center of the sphere, which results in the plane intersecting 
the sphere in a circle of maximum diameter — a great circle. If all planes 
of the crystal are projected upon the sphere in this manner, it will be 
found that the great circles intersect each other at the same angles as 


* Assistance in preparing the illustrations for this paper was furnished by the 
Works Progress Administration and the National Youth Administration. 




CHARLES S. BARRETT 31 

do the planes of the crystal and so exhibit without distortion all the 
angular relations of the crystal. 

Crystal planes can also be represented on the reference sphere by 
erecting perpendiculars to the planes. These plane normals are made to 
pass through the center of the sphere and to pierce the spherical surface 
at a point known as the pole of the plane. This is illustrated in Fig. 1, 
where the plane F and its pole P are shown. The array of poles on the 
sphere, forming a “pole figure,” represents the orientation of the crystal 



Fig. 2. — Angle <j> between poles Pi 

AND P 2 IS MEASURED ON GREAT CIRCLE 
THROUGH POLES. 



PROJECTION. 

Pole P of crystallo- 
raphic plane projects to 
u on projection plane. 


planes without, of course, indicating the size and shape of the crystal 
planes. The angle between any two planes is equal to the angle between 
their poles, and this is the number of degrees between the poles measured 
on a great circle through them, as indicated in Fig. 2. 

The applications discussed in this paper can all be carried through 
by using the spherical projection just described, but in practice it is 
usually more convenient to use a map of the sphere, so that all the work 
can be done on flat sheets of paper. The stereographic projection is one 
of the methods — and the most satisfactory one, generally — by which the 
sphere may be mapped without distortion of the angular relations between 
planes or poles. 

In Fig. 3 it will be seen that there is a very simple relation between 
the sphere and its stereographic projection. If the sphere is transparent 
and a source of light is located at a point on its surface , the markings on 
the surface of the sphere will be projected as shadows upon a plane erected 
as shown. The plane is perpendicular to the diameter of the sphere that 
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passes through the light source. The pattern made by the shadows is a 
stereographic projection of the sphere; the point P' is the stereographic 
projection of the pole P. The distance of the plane (“projection plane”) 
from the sphere is immaterial, for changing the distance will merely 
change the magnification of the map and will not alter the geometrical 
relations (in fact, the plane is frequently considered as passing through 
the center of the sphere). 

Obviously, only the hemisphere opposite the source of light will pro- 
ject within the “basic circle” shown in the figure. The hemisphere 
containing the source of light will project outside the basic circle and 
extend to infinity. It is possible, however, to represent the whole sphere 
within the basic circle if two projections are superimposed, the one for 
the left-hand hemisphere constructed as in Fig. 3 and the one for the 
right-hand hemisphere constructed by having the light source on the left 
and screen on the right. The same basic circle is used for both projec- 
tions and the points on one hemisphere are distinguished from those on 
the other by some notation such as plus and minus signs. 

Projection of Great and Small Circles 

Let us consider how great circles and small circles inscribed on the 
sphere will appear on the projection (Fig. 4a). Any great circle on the 




Fig. 4. — Stereographic projection op small circle. 

Projection of great circle through N is EE: projection of small circle (shaded) is 
circle having center C displaced from projected center P'. 

sphere that passes through the point N will project to form a straight 
line passing diametrically through the basic circle on the projection; thus 
SPN projects to EE . (That this is true will be seen from the fact that 
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the great circle SPN and its projection EE are, in fact, lines of intersection 
of a plane with the sphere and projection plane respectively.) If the 
great circle is graduated in degrees, its projection EE will be a scale of 
stereographically projected degree points and will be useful for reading 
off angular distances on the projection; it is shown with 5° graduations in 
Fig. 46. Penfield has engraved a scale of this type for a projection of a 
basic circle of 14-cm. diameter 1 , and such a scale is inherent in the stere- 
ographic nets that are discussed in the next section. 

A small circle inscribed on the sphere about a point such as P that lies 
on the great circle SPN will cut the great circle at two points, each of 
which are <£° from P. The point P will project to P'. The bundle of 
projection lines for the small circle will form a cone with its apex at S , and 
the cone will intersect the plane in a true circle of which the center is on 
the line EE, either inside or outside of the basic circle. The center of 
area of this projected circle will not, however, be at P r , but will lie on the 
line EE at a point distant an equal number of stereographically projected 
degrees from all points of the projected circle. The scale of projected 
degrees enables the size of the projected circle to be determined quickly, 
as indicated in Fig. 46: The scale EE is laid diametrically across the basic 
circle so as to pass through P then two points are laid down at a distance 
of <£° from P f in each direction, and a circle, centered on EE, is drawn 
through the two points thus located. (In Fig. 46, <j> — 30° and the 
center of area on the projected circle is at C .) 

If the radius of the small circle about P is increased, it finally becomes 
a great circle. Since this great circle does not pass through the point N, 
its projection will not be a straight line. It will be a circle with a large 
radius of which the center is on EE extended; it will cut the basic circle 
at two diametrically opposite points, and it will cut the line EE at the 
point <£ = 90° from P'. Its position and radius will thereby be 
uniquely determined.* 

Ruled Globe and Stereographic Nets 

A ruled globe is useful in crystallographic work, just as it is in geog- 
raphy, and the method of ruling is the same in both cases. Great circles 
are drawn through the north and south poles of the sphere for meridians, 
connecting all points of equal longitude. Another set of circles is drawn 
concentric with the north and south poles to connect points of equal 
latitude (since they have diameters less than the great circles, these are 


1 References are at the end of the paper. 

* Penfield's protractors give the radii of stereographically projected small and 
great circles directly; they may, however, be determined by trial and error in the 
manner indicated; many will be found on the stereographic nets discussed in the next 
section and can be traced directly from the nets. 
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“small circles”)- A globe ruled with latitude and longitude lines is 
shown in Fig. 5. 

If the net of latitude and longitude lines on the reference sphere is 





Fig. 5. — Ruled globe. 
Projections of this form stereo- 
graphic nets of Figs. 6 and 7. 


projected upon a plane, it will form 
a “stereographic net” much resem- 
bling the rulings of the globe in 
appearance. When the north and 
south axis of the sphere is parallel to 
the projection plane } the latitude and 
longitude lines form the stereographic 
net of Fig. 6, frequently referred to 
as a “Wulff net.” The meridians 
extend from top to bottom, and the 
latitude lines from side to side (com- 
pare with Fig. 5). If, on the other 
hand, the north-south axis is per- 
pendicular to the projection plane, 
the net of Fig. 7 will be formed, 
which is known as the polar net or 
equatorial net. In this case the 
meridians radiate from the. pole in 
the center, and the latitude lines 


are concentric circles. 

The nets reproduced here are graduated in intervals of 5° and are 
suitable for exercises, but are not accurate enough for research work. 




Fig. 6. — Stebeogbaphig net ob 
Wtjlfp net. 

Used in all stereographic problems. 


Fig. 7. — Polar stebeogbaphig net. 

Rotation of data with this net is 
equivalent to rotation of projection 
about its center point. 


Larger nets of greater precision have been published repeatedly.* Nets 


* An accurate stereographic net 15 % in. diameter, of the type reproduced in Fig. 6, 
was engraved by Admiral Sigsbee and is available on special order from the Hydro- 


CHARLES S. BARRETT 


35 


of reasonable size will enable problems to be solved with an error of a 
degree or at best a few tenths of a degree ; for greater precision it is neces- 
sary to resort to mathematical analysis. 


Manipulations with Stereographic Nets 

Rotation . — For the solution of crystallographic problems on a 
ruled globe it is necessary to use a device similar or equivalent to the 
one sketched in Fig. 8, a trans- 
parent cap fitting accurately over 
the globe but free to rotate with 
respect to it. Poles marked on the 
cap, such as Pi and P 2 may then 
be studied with reference to the 
underlying net of latitude and lon- 
gitude lines. Rotating this cap 
about the north-south axis of the 
globe will cause each point on the 
cap to move along a circle of con- 
stant latitude on the globe, as 
shown, and in so doing each point 
will cross the same number of 
meridians; i.e., each point will 
retain its latitude and each will 
alter its longitude equally. 

An exactly analogous rotation 
may be carried out with stereo- 
graphic nets. A transparent sheet 
of tracing paper replaces the transparent spherical cap, and the stereo- 
graphic net laid under the paper replaces the ruled globe. An arfay of 
poles on the tracing paper is rotated with respect to the net by moving 
each point along the latitude line that passes through it, counting off 



PARENT cap. 

Rotation of cap about N-S' t axis moves 
Pi to Pi and Pz to P/ . 


graphic Office of the United States Navy, known as No H. 0. Miscellaneous 7736. 
As a convenience to crystallographers requiring small quantities of these, the Metals 
Research Laboratory retails them at cost. The author would also undertake the 
printing and distribution of somewhat smaller nets for rough work and for student use 
if there were sufficient demand for them. Nets are sold by Penfield Stereographic 
Supplies, Mineralogical Laboratory, Yale University, New Haven, Conn. (14 cm. dia.); 
University Press, Cambridge, (12 in. dia.) ; R. Seifert and Co., Hamburg 13, Germany 
(50 cm. dia.); Mineralogischen Institut der Universitat Leipzig (100 cm. dia.); 
Schweizerbartschen Verlag, Stuttgart (20 cm.); reproductions appear in the following 
references: F. Rinne: Einf tihrung in die kristaUographische Formenlehre, Leipzig, 
1922 (12 cm.); H. E. Boeke: Die Anwendung der stereographischen Projektion bei 
kristallographischen Untersuchungszeichnung, Bomtrager, Berlin, 1914 (14 cm.); 
B. Gossner: Kristallberechnung und Kristallzeichnung, Leipzig and Berlin, 1914 
(20 cm.); G. Wulff: Zteck. Kri$t. (1902) 36, 14 (20 cm.); F. Rinne: Ztach Krist. (1927) 
66, 83 (10 cm.). 
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along that line the required difference in longitude. Using the Wulff net 
of Fig. 6, the poles shift to the right or left, whereas with the polar net of 
Fig. 7 they rotate about the center. 

A greater freedom of rotation is possible with the cap and globe device 
than with the nets, for the axis of rotation in the former case can be 
chosen at random, while in the latter, rotation must always be done about 
the north-south axis of a net. But it is possible to rotate first about the 
axis of one net, and then about the axis of the other, and by thus combin- 
ing rotations to effect a rotation about an axis inclined to both. In this 
way, rotations of any amount about any axis, whatever its inclination to 
the projection, can always be done. The method amounts to resolving 
the rotation into components, one component being about the axis parallel 
to the plane of the paper and carried out by the Wulff net, and the other 
component being about the axis normal to the paper, and accomplished 
by using the polar net. 

In practice, rotation about an inclined axis can be accomplished with- 
out transferring the tracing paper from one net to the other, for obviously 
the circular rotation with the polar net can be performed simply by 
rotating the tracing paper about a pin at the center of its basic circle. 
Rotations of both types can be carried out conveniently with the tracing 
paper lying on the Wulff net and free to swing about a central pin. 

Angle Measurement. — As has been stated in connection with Fig. 2, 
the angle between two points on a sphere is the number of degrees separat- 
ing them on the great circle through them. The angle can be read on 
the spherical cap and ruled-globe apparatus by so rotating the cap that 
the two points are made to lie on the same meridian of the globe, for all 
meridians are great circles (they all pass through two diametrically 
opposite points — the north and south poles). With the two points on the 
same meridian, the angle between them is their difference in latitude, 
directly read with the help of the latitude lines ruled on the globe. Angles 
are measured with a stereographic net in exactly the same way, by bring- 
ing the points to the same meridian of the stereographic net and counting 
their difference in latitude. Any two points can be brought to the same 
meridian by merely rotating them a certain amount about the center 
(swinging the tracing paper about the central pin of a Wulff net). 

The most frequent source of errors in students’ work with the projec- 
tion comes from misunderstanding or forgetting this principle, that 
the angle between two 'points is equal to their difference in latitude only when 
they lie on the same meridian . It is also true, of course, that the angle 
between two points is equal to their difference in longitude when, and 
only when, they lie on the equator , the equator of the Wulff net then 
serving as the scale of projected degrees that was mentioned earlier. 

The operation of angle measurement described above is, of course, 
identical whether the points on the projection represent poles of crystal- 
lographic planes, crystallographic directions, or points on a sphere. 
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When planes appear in a stereographic projection as great circles, 
like the circle MMM of Fig. 1, it is easy to plot the poles of the planes 
and then to measure the angle between the poles. To plot the projection 
of pole P (Fig. 1) it is merely necessary to turn the tracing paper about the 
central pin in a Wulff net until the projection of great circle MMM falls 
on a meridian of the Wulff net; then the point on the equator and 90° 
from that meridian is the pole P of the plane. 

Properties of Stereographic Projection . — Elaborate treatises have been 
written on the properties and uses of the stereographic projection for 
crystallographic work* and the reader is referred to these for details not 
mentioned in the present discussion and for mathematical proofs; we 
are presenting here only items that have been found most useful in metal- 
lurgical problems. The properties of the stereographic projection that 
are of chief importance may be summarized as follows: 

1. It is perspective. The reference sphere is projected as it would 
appear to the eye at a point on the spherical surface. It is also the 
“shadow projection” when a source of light is on the sphere, as has been 
discussed above. 

2. Small circles on the sphere appear as circles on the projection; 
however, the centers of these circles on the sphere will not project to the 
center of the area of the projected circles, but will be displaced radially 
an amount sufficient to correspond to equal angular distances from the 
center to all points on the circumference. 

3. Great circles on the sphere appear on the projection as circles 
cutting the basic circle at two diametrically opposite points; a great 
circle lying in a plane perpendicular to the projection plane becomes a 
diameter on the projection (one of the meridians of a polar net), while 
great circles in inclined positions on the sphere may be made to coincide 
with one of the meridians of a Wulff net. 

4. Angles between points are measurable and may be read as a differ- 
ence of latitude on a net so rotated as to give the points the same longi- 
tude. The linear distance on the projection representing 1° of arc varies 
from the center to the basic circle by a factor of two. 

5. The projection is angle true; the angle between intersecting planes 
equals the angle at which the projection of the planes intersect. (How- 
ever, see earlier paragraph for a more suitable method of determining 
the angle.) 

6. Angle relations between points on the projection remain unchanged 
by rotation of the points about the axis of a stereographic net as 
described earlier. 

7. Half of a sphere is projected within a basic circle; the other half is 
projected on a plane of infinite extent but is more conveniently projected 
within the basic circle and distinguished from the first by some notation. 


* See footnote on page 34 and references 2 to 5. 
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Miller Indices . — It will be necessary to introduce here the Miller 
indices of crystal planes, the notation now universally adopted to signify 
the orientation of planes with respect to the axes of the crystal. Crystal 
axes are chosen so as to be parallel to the edges of the unit cell of the 
space lattice. Distances along these axes are measured in terms of the 
dim ensions of the unit cell (length a , width b and height c) ; a distance of 
x cm. along the X axis, that is along the a dimension of the cell, is 
counted as a distance x/a, a distance y cm. along the F, or b, axis as y/b 
and a distance z cm. along the Z, or c, axis as z/c. Planes are described 
by numbers proportional to the reciprocals of their intercepts on the 
three axes (Fig. 9). If the intercepts in centimeters are x , y and z , respec- 
tively, in terms of unit distances on the axes they are x/a, y/b and z/c, 
and their reciprocals are a/x, b/y and c/s. The Miller indices are the 
three smallest integers ( hkl ) proportional to these numbers. 



The plane shown cutting the axes in Fig. 9 has intercepts 1, 1, 1 and 
therefore indices (111). A plane that has intercepts 2, «> (infinity), and 
1 times the unit axial lengths, respectively, has for reciprocal intercepts 
K, 0, 1 and for Miller indices (102). The figure shows some of the most 
important planes in relation to the unit cell, but it should be noted that 
all planes parallel to the crosshatched ones have the same indices. If a 
plane intercepts the — X 7 — F or — Z axes, the intercepts are negative 
numbers and so are the indices. This is indicated by placing a minus 
sign above the negative indices: (hJcl). Parentheses, (hkl), are used to 
signify any single plane or set of parallel planes; braces, {hkl}, to signify 
all planes of a “form” — those which are equivalent in the crystal — such 
as the cube faces {100} = (100), (010), (001), (TOO), (0T0), and (OOT). 

Somewhat different indices are used for specifying a direction in a 
crystal. A line in the given direction is passed through the origin, and 
the coordinates of any other point on the line are determined in terms 
of the unit axial distances a, b and c. The indices of the direction are the 
three smallest integers proportional to these coordinates. Indices of a 
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direction are written with square brackets, [uvw\, and may also contain 
negative numbers corresponding to negative coordinates, [uvw\. It 
should be remembered that reciprocals are not computed in getting the 
indices of a direction, and that only in exceptional cases (for instance in 
crystals of the cubic system) will a direction be perpendicular to a 
plane of the same indices. Directions of a “form” are indicated by 
carats, <uvw>. 

Planes of a crystal that are parallel to a given line are called planes 
of a zone and the line is the zone axis. For example, in a cubic crystal 
four of the six cube faces are parallel to a given cube edge, thus these four 
belong to a zone of which the edge 
is the zone axis. On a stereo- 
graphic projection, the poles belong- 
ing to planes of a zone will lie on a 
great circle (the “zone circle”). 

Standard Projections of Crystals . 

A stereographic projection of the 
poles of all the important planes 
in a crystal is indispensable in 
metallographic studies. When 
such a projection is prepared with 
a plane of low indices as the plane 
of projection, it is called a standard 
projection. Fig. 10 is an example, ^ IG * projection of cubic 

. - . - , . CRYSTAL. 

representing a cubic crystal with a Unit stereographic triangle is outlined, 
cube face parallel to the projec- which contains specimen axis P. 
tion plane; the X and Y axes of the crystal lie in the projection 
plane, so that the poles of the planes (100) and (010) respectively 
are on the basic circle and the Z axis is normal to the plane of projection 
so that the pole of the plane (001) is at the center of this circle. The plot 
is constructed by calculating the angles between the poles and crystal- 
lographic axes and laying off these angles by the aid of the stereographic 
net. The process is much shortened by using the symmetry properties 
of the crystal; for example, in constructing Fig. 10, if one quadrant is 
plotted the other three quadrants may be derived from it by rotating the 
first about the center by the amounts 90°, 180° and 270°. Further short- 
cuts are possible by using zonal relations — by locating poles through the 
intersecting of zone circles. The more important zone circles are shown 
in the projection. 

Tables of angles that may be used for plotting standard projections 
have been published for many crystals and are particularly useful for 
cubic crystals, since the angles are identical for all crystals of the cubic 
system. A convenient list of the angles between different planes of two 
different indices (. HKL ) and (hkt)^ for cubic crystals is given in Table 1®. 
Schiebold and Sachs 7 have published standard projections of cubic crystals 




40 


THE STEREOGRAPHIC PROJECTION 


with (001), (110), (112), (130) and (111) as the projection plane, and 
most mineralogical textbooks have numerous standard projections. 


Table 1 . — Angles between Crystallographic Planes in Crystals of Cubic 

System 6 


{HKL) 

(hkl) ' 

Values of Angle between (HKL) and (hkl) 

100 

100 

0° 

90° 






110 

45° 

90° 






111 

54° 44' 







210 

26° 34' 

63° 26' 

CD 

O 

o 





211 

35° 16' 

65° 54' 






221 

48° 11' 

70° 32' 






311 

25° 14' 

72° 27' 





110 

110 

0° 

60° 

CD 

O 

o 





111 

35° 16' 

90° 






210 

18° 26' 

50° 46' 

71° 34' 





211 

30° 1' 

54° 44' 

73° 13' 

90° 




221 

19° 28' 

45° 

76° 22' 

90° 




311 

31° 29' 

64° 47' 

90° 




111 

111 

0° 

70° 32' 






210 

39° 14' 

75° 2' 






211 

19° 28' 

61° 52' 

90° 





221 

15° 48' 

54° 44' 

78° 54' 





311 

29° 30' 

58° 30' 

79° 58' 




210 

210 

0° 

36° 52' 

53° 8' 

66° 25' 

78° 28' 

90° 


211 

24° 6' 

43° 5' 

56° 47' 

79° 29' 

90° 



221 

26° 34' 

41° 49' 

53° 24' 

63° 26' 

72° 39' 

CO 

o 

o 


311 

19° 17' 

47° 36' 

66° 8' 

82° 15' 



211 

211 

0° 

33° 33' 

48° 11' 

60° 

70° 32' 

80° 24' 


221 

17° 43' 

35° 16' 

47° 7' 

65° 54' 

74° 12' 

82° 12' 


211 

10° 0' 

42° 24' 

60° 30' 

75° 45' 

90° 


221 

221 

0° 

CD 

T— I 

o 

38° 57' 

63° 37' 

CO 

o 

CO 

00 

90° 

311 

311 

0° 

35° 6' 

50° 29' 

62° 58' 

84° 47' 



In the cubic system, and only in the cubic system, can a standard 
projection of poles of planes also serve as a standard projection of crystal- 
lographic directions of similar indices, for only in this system is the direc- 
tion [hkl\ perpendicular to the plane ( hkl ) for all values of the indices 
hj k and Z. 

Orientation of Single-crystal Wires and Disks . — The orientations of 
single-crystal wires, rods or disks are conveniently represented with a 
stereographic projection. It is customary to plot the position of the 
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axis of the specimen on a standard projection of the crystal. The speci- 
men axis appears on the projection as a point such as P, Fig. 10, at the 
required angular distances from the axes of the crystal. It is not neces- 
sary, however, to draw the whole standard projection before plotting the 
axis P in it, for the axis may just as well be referred to the three neighbor- 
ing poles of (100), (110), and (111) planes. If poles of these three types 
are joined by great circles, there results (for the cubic system) a pattern 
of 24 equivalent triangles, one of which is outlined with heavy lines in 
Fig. 10, and it is common practice to draw only one of these triangles or 
two adjacent triangles before plotting the specimen orientation. 

It is easy to show by means of a projection of this sort (using one 
triangle or sometimes two adjacent ones) how the orientation of the 
lattice changes during deformation of the crystal, for deformation causes 
a certain rotation of the axis with respect to the lattice, and causes the 
point P, Fig. 10, to move along a definite path on the standard projection. 
For examples of applications of the projection for this purpose, see refer- 
ences 8 to 12. It will be noted that plotting the specimen axis in this 
way leaves unspecified the orientation of the lattice with respect to rota- 
tion around the specimen axis, but in many problems this is unimportant; 
as, for example, in tensile tests of a wire. A number of investigators 
have made use of this kind of plot to show the variation of physical prop- 
erties with lattice orientation; measurements of a physical property of a 
wire can be written beside the point representing the wire orientation, and 
points of equal magnitude can be joined by contours.* 

Applications to Metallography 

The combination of standard projection and stereographic net is 
particularly convenient for analyzing the crystallographic features of the 
deformation of crystals by slip, twinning, and cleavage, or the growth 
habits of crystals precipitated within a crystal. Such studies deal with 
the orientation of planes in space, the angles between these planes, and 
the intersections of these planes with one another, which are matters 
readily visualized and handled on the stereographic projection with the 
principles that have already been reviewed in this paper. To aid the 
beginner in acquiring confidence in the solution of problems of this nature 
it is desirable to list the more common problems and to give the operations 
by which they are graphically solved, but it should be borne in mind that 
as soon as one is accustomed to think clearly of the sphere and its “pic- 
ture,” the stereographic net, these operations become self-evident. 


* For example see physical tests plotted in this way by W. Fahrenhorst and E. 
Schmid 18 , and rates of oxidation studied with respect to orientation by R. F; Mehl and 
E. L. McCandless 14 . 
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Obviously the solutions are independent of the choice of projection 
plane and are applicable to problems in pure spherical trigonometry. 
But to make the operations more easily understood by the metallographer, 
we will present them from his standpoint rather than in the abstract: we. 
will speak of polished surfaces of specimens and the traces (lines of inter- 
section) of crystallographic planes in these surfaces, and we will generally 
consider the projection plane to lie in one of the surfaces. 

1. Orientation of Planes Causing a Given Trace in a Surface.— Let us 
consider the stereographic projection of a polished surface containing the 
trace of a crystal plane, the projection being made on a sheet of paper laid 

parallel to the polished surface. The 
surface will then be represented on 
the paper by the basic circle, and 
markings in the surface will be plotted 
as points on the circumference of this 
basic circle. A trace in the surface 
that runs lengthwise of the page 
(“vertically”) will be plotted in the 
projection as the diametrically oppo- 
site points T and T at the top and 
bottom of the basic circle, Fig. 11. 
A trace in any other direction in the 
surface would be plotted similarly, as 
the end points of a diameter parallel 
poles A', B', ~C', and all othbes with to the given direction. 

POLES ALONG UUETOBRSECT PROJECTION To find the planes that WOuld 
FLANS IN TRACS 2 2. c 

intersect the surface in the direction 
TT' the points TT' are superimposed on the N and jS poles of a Wulff net. 
It will then be seen that all of the meridians of the net — such as, for 
example, the meridians A, B and C of Fig. 11 — are projections of the 
required planes, since they intersect the basic circle, which represents 
the surface, at T and T'. Similarly, any other plane whose pole lies on 
the equator of the Wulff net will intersect the surface in the direction 
of the N-S axis. 

Conversely, if the pole of a plane is given, such as A', its trace in the 
projection plane is readily found. The transparent sheet on which the 
pole is plotted is laid on a Wulff net and turned until the pole falls on 
the equator, in which position the required trace will be parallel to the 
N-S axis of the net. 

2. Trace of One Plane in Another, When Both Are Inclined to the Pro- 
jection Plane. — Given two poles A' and B' (Fig. 12), the planes A and B 
are first plotted by rotating the projection over a Wulff net so that the 
pole A' lies on the equator Ej., and then tracing on the projection the 
meridian lying at 90° to the pole A', then repeating the operation for 



11. — Planes A , [B, 
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the second pole, B, with the net turned so that its equator is in the posi- 
tion E b . The point of intersection, C", of the two planes thus plotted 
is the projection of the required line of intersection of the planes. 

3. Direction Normal to Two Given Directions (or Zone Axis of Two 
Planes Whose Poles Are Given). — Referring again to Fig. 12, let us assume 
that the directions A ' and B f are given and the direction normal to both 
is required. This may be given by the construction described in the 
preceding paragraph, for obviously every line in plane A is normal to A', 


and every line in B is normal to B ‘ 
is normal to both A' and B ' . 



; hence, the line common to A and B 



Fig. 13. — Alternative method of 
LOCATING C", NORMAL TO A ' AND B'. 


An alternative solution is shown in Fig. 13. The projection is rotated 
over a Wulff net until both A r and B' lie on the same meridian, then the 
point C' on the equator and 90° from this meridian is the projection of 
the required direction. If A' and B' are poles of planes, C is the zone 
circle and C' is their zone axis. 

4. Determination of Orientation of Plane from Its Traces in Two Sur- 
faces. — The surfaces are first plotted on the projection as in Figs. 14a and 
146, one surface lying in the plane of projection and forming the basic 
circle A of Fig. 146, the other surface, B , coinciding with the meridian 
of the stereographic net that lies $° from the first about the axis NS. 
(To draw this meridian the net is rotated so that the direction NS is 
parallel with the line of intersection of the two surfaces.) On the planes 
A and B thus plotted in Fig. 146 are then located the points Ta and T B , 
which represent the directions of the traces in the two surfaces, respec- 
tively; they will lie at angles laid off from the edge NS to correspond with 
the angles on the specimen, the angles being measured as differences of 
latitude, \pA and fo, on the stereographic net. Having plotted the traces 
Ta and T Bj the plane that causes them can be drawn in by rotating the 
net so that some single meridian of the net will pass through both points; 
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this meridian (the dashed circle C in the figure) is then the projection of 
the required plane. 

5. Determination of Crystal Orientation from Traces of {hkl} Planes 
When h , k and l Are Known . (o') Traces m One Surface Only . — On tracing 



SURFACES. 

Traces are Ta and T B in surfaces A and B, respectively. Plane causing these is C. 


paper a basic circle is drawn representing the specimen surface; through 
this circle are drawn diameters perpendicular to the directions of traces 

seen on the specimen surface. These 
diameters are then the loci of all poles 
capable of forming the traces. A 
standard projection of all poles of the 
given form {hkl} on a transparent 
sheet is then superimposed on this plot 
and on a Wulff net, and a pin is put 
centrally through all three sheets. By 
trial and error, the relative position of 
the three sheets is found in which each 
pole of the standard projection may be 
rotated into coincidence with one of the 
diameters by the same amount of rota- 

This 

position of the sheets is illustrated in 
Fig. 15, in which appear the { 111 } trace 

gSSlriSaiS’iS 1 ,??!" ■“»“* (dmmatemj, th. (Ill) poles 

of the standard projection (O), and the 
position of these poles on the trace normals after the rotation with the 
net (•). This final array of poles (•) describes an orientation of 
the crystal consistent with the observed traces; it may not, however, be 



Fig 15. — Orientation of cubic . 

CRYSTAL DETERMINED FROM TRACES OF tlOn about the axis Of the UCt 
{111 } PLANES. 

Indicated on projection are nor- 
mals to traces (diameters); j 111 j poles 
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the only consistent orientation. In fact, if traces on one surface only 
are studied, the crystal may have the orientation shown or a mirror 
image of this orientation in the plane of projection, the poles lying in 
either of the hemispheres. 

The example in Fig. 15 is an orientation determination in which a 
method of this sort was necessary, for the crystal in which the traces 
originated had decomposed. (The traces were formed by decomposition 
of a gamma iron crystal into alpha iron crystals which formed lamellae 
on {111} planes 15 .) 

5. (6) Traces in Two Surfaces . — The solution is more direct and rigor- 
ous if traces can be followed from one mli 

surface around the edge to the other 

surface, thus eliminating any uncertainty jr 1 / 

as to the proper pairing of traces on the Jr \ 

two surfaces. If this is the case, the / 1 J \ 

first operation is to plot the orientation 1 / 

of each plane by method 4 above. 

The poles thus plotted then give the f\ 

crystal orientation. If the orientations \ n t 

of other poles of the same crystal \ ^ 

are required, they may be obtained / 1 jr 

by rotation of the standard projec- 

tion, as in the previous method — „ 

' Fig. 16 . — Orientation of cubic 

the plotted poles on one sheet and the crystal determined from traces 

standard projection on another being 0N *7° ST ^ F * C3 J S - . n T . 

. . , ,, , . ® Normals to traces are full lines; 

rotated With respect to the net until a standard projection {111} poles (O); 

difference of <f>° of longitude and no Jill} poles in orientation explaining 

traces (•). 

difference of latitude exists between each 

{ hkl } pole of the standard and a corresponding plotted pole. Rotation of 
$° then puts any pole of the standard into its proper position in the plot. 

When the pairing of traces on the two surfaces is uncertain, it is neces- 
sary to make a plot of poles for all possible pairings. Among this array 
of poles there will then be one or more groupings having the angular 
relations appropriate for { hkl] planes, and these may be singled out from 
the whole number by trial and error rotations of the {hkl} poles of the 
standard, possible solutions being those for which 3>° rotation about the 
net axis brings the standard poles into coincidence with the plotted poles. 

6. Determining Indices of Set of Planes Causing Traces on One or More 
Surfaces, (a) Crystal Orientation Unknown . — The poles of the planes (or 
of all possible planes in cases of uncertain pairing) are plotted as in the 
preceding problem. Trial and error rotations are then performed, using 
different sets of standard projection poles until a set is brought into 
coincidence with the plotted poles. For example, traces on two polished 
surfaces were found to be consistent with {111} planes by the analysis 
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shown in Fig. 16 16 . Normals to traces on the plane of projection appear 
in this figure as diameters, while normals to traces on a second plane of 
polish appear as great circles. The dots are poles of {111} planes that 
have been rotated from a standard projection, so as to lie at or near the 
intersections of diameters and circles and that are therefore capable of 
explaining the traces in both surfaces. 

The procedure in this problem is laborious and leads to uncertain 
results unless traces are measured on two surfaces and unless the planes 
are of low indices. It is frequently possible to save labor by noting the 
number of different directions of traces on each surface, for in this way 
certain planes may be eliminated from further consideration. If, for 

example, a single crystal of a cubic 
metal exhibits more than three direc- 
tions of traces, they could not have 
been produced by {100} planes alone; 
if more than four directions are found, 
neither {100} nor {111} planes alone 
could have produced them; if more 
than six directions, neither {100}, 
{111}, nor {110}, et cetera. 

An example of counting trace direc- 
tions to determine the indices of planes 
was a proof by this method that the 
familiar martensite “needles” in 
quenched steel are traces of {111} 
planes 17 . These needles, when formed 
from a single grain of austenite, lie 
parallel or nearly parallel to three 
directions in some grains and to four 
directions in others, but never to more 
than four; therefore, the needles are traces of {111} planes. Numer- 
ous applications of this method have been made, particularly in 
Widmanstatten studies, both for determining the indices of planes and 
for excluding planes of certain indices. (References 16 and 18 to 21 may 
be cited as examples.) 

6. (b) Crystal Orientation Known . — If X-ray data or other observa- 
tions have already given the orientation of a crystal, a standard projection 
of all likely planes can be rotated to their positions for this crystal orienta- 
tion. By the methods presented above, the traces that each set of planes 
will make in the plane of polish may then be plotted. The coincidence 
of predicted and observed traces will then single out the set of planes best 
able to explain the data. (See references 16, 18 to 21 and 22 to 26 
for examples.) 



Fig. 17. — Determination of indi- 
ces WHEN" CRYSTAL ORIENTATION IS 

known. Traces on one surface 

AVAILABLE. 

Diameters are normals to traces of 
“nitride needles” in polished surface. 
Circles (o) are {210} poles, located by 
X-rays, that account for traces. 
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Fig. 17 illustrates the method for traces in one surface 20 . The direc- 
tions of “nitride needles” in a single crystal of iron were measured and 
diameters were drawn perpendicular to these directions. The poles of 
various low-index planes of the matrix crystal of iron were then plotted 
on the projection in positions determined by X-rays. The poles of {210} 
planes lay on or near the trace normals without exception and were thus 
adequate to explain them. One becomes convinced that planes of no 
other index could be involved, however, only after several individual 
examples have been analyzed in this way. 

That “nitride needles” are plates formed on {210} planes in alpha 
iron was more rigorously proved by analyzing traces that appeared simul- 
taneously on two surfaces. Poles of the plates could then be plotted by 
the method of section 4. These are 
shown as circles in Fig. 18. These 
observed poles agreed well with the 
poles of {210} planes located by X-ray 
diffraction, shown as crosses in the 
figure. 

Methods of Determining Orientation 
of Crystals . — Space is not available here 
for an adequate treatment of the 
numerous methods of determining the 
orientation of crystals. The reader is 
referred to some of the recent books for 
summaries of the more common meth- 
ods 27 ” 30 . Stereographic projection is 
particularly useful in the X-ray meth- 
ods, using Laue photograms of the 
forward reflection type 7 - 31 ” 88 or the 
back-reflection type (which is fre- 
quently more convenient) 34 ' 36 and using 
monochromatic rays registered simultaneously on stationary and oscil- 
lating films in the technique devised by Davey 38 and outlined in detail 
by Wilson 87 . When the orientation of a crystal has been determined and 
plotted on a projection, it is a simple matter to see from the projection 
how to cut the crystal so as to expose any given crystal face.* 

Twinning 

A crystal is said to be twinned if it is made up of sections that are 
related to each other in pairs, the two individuals of a pair being oriented 

* As an example see C. H. Mathewson and K R. van Horn 88 , and the description 
there given of a miter box for cutting to the required angle; also W. 0. Elmore and 
L. W. McKeehan**. 



known. Traces on two surfaces 

AVAILABLE. 

Circles are poles of “nitride nee- 
dles” appearing simultaneously on two 
surfaces: crosses are {210} poles, 
located by X-rays, that account for 
traces. 
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symmetrically with respect to each other. The relation between the 
individuals may be such that one is the mirror image of the other in the 
plane of symmetry (the “twinning plane”) or it may be such that one is 
related to the other by a rotation of 180° about some axis of the crystal. 
Very commonly among the metal crystals, which frequently have a center 
of sy mm etry, the first type and the second are equivalent to one another 
and equivalent to rotations about other axes as well.* Orientation 
relationships in twinning can be shown conveniently in stereographic 
projection, as, for example, in Fig. 19. In this projection the cube axes 

of a cubic crystal arc plotted as hollow 
squares, one of the twinning planes, 
(Hi), is plotted with a full line (a great 
circle) and the cube axes of the twinned 
portion of the crystal are indicated by 
black squares marked A. The axes A 
are mirror images of the hollow squares 
in the twinning plane (111). One of 
the several rotations by which the 
hollow squares can be put into the 
twinned orientation is indicated in 
dot-dash lines. 

It is also true that the (112) plane, 
shown by the dashed great circle, could 
also be a twinning plane and produce 
the same twinned orientation. If all 
possible orientations are plotted in a 
similar way, there will be found to be 
four new orientations, indicated by the 12 black squares, cither 
twinning mechanism giving the same result. The projection thus illus- 
trates both the orientation of twins in a body-centered cubic crystal, 
where {211} planes are the twinning planes, and the orientation of twins 
in a face-centered cubic crystal, where {111} planes are the twinning 
planes. While {111} and {211} types of twinning lead to identical 
orientations in cubic crystals 41 , they are not equivalent with respect to 
atomic arrangement 42 - 43 , nor, of course, are the traces of the twinning 
planes in a polished surface of the specimen identical. The methods of 
determining twinning planes and twinning axes will not be treated in this 
paper, but may be found elsewhere 27 . Data on twinning in metals have 
also been adequately summarized 10 - 27 - 44 , together with discussions of the 
role of twinning in the deformation of metals, and stereographic plots 
of the orientation relationships occurring. 

* A more extended treatment of these and other possiblo twinning orientations and 
growth characteristics will be found in N. H. Hartshornc and A. Stuart 40 , and in the 
textbooks on mineralogy. 



Fio. 19. — Twinning relationships 

IN CUBIC CRYSTALS. 

Cube axes of original crystal are 
hollow squares and of first order twins 
are black squares: twinning planes are 
indicated by full and dashed great 
circles. 
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Preferred Orientations 

The orientation of grains in a metal following a deforming process, 
such as rolling, for example, is of fundamental importance because of its 
influence on the physical properties of the material. Only with a statis- 
tically random orientation of the grains will the properties be the same in 
all directions (isotropic). If certain orientations are preferred by the 
grains there result — even with cubic metals — directional or anisotropic 
properties. The stereographic projection or f 1 pole figure” has no equal 



Fig. 20. — Diffbaction pattern of gold-rolled steel, showing preferred 

ORIENTATION. 

Taken with molybdenum target tube operating at 35,000 volts. Indices of prin- 
cipal Debye rings are indicated. 

as a method for interpreting X-ray photograms in terms of the distribu- 
tion of crystal orientations, and as a means of accurately and quantita- 
tively presenting the data. Since its first use by Wever 45 for this 
purpose in 1924, it has been steadily increasing in favor and is now con- 
sidered by most X-ray workers to be quite indispensable in X-ray studies 
of the complex deformation structures encountered in rolling and 
deep drawing. 

The pole figures used in preferred orientation studies are stereographic 
projections of all poles of given indices { hkl } in the grains of a sample. 
Pole figures are plotted only for planes of low indices, either for planes 
of the form {100}, {110} or {111} with cubic metals and usually only 
for (0001) planes of hexagonal metals. In materials with random orienta- 
tion the normals to {hkl} planes pierce the reference sphere with equal 
frequency all over its surface, but when certain orientations are preferred 
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by the grains the intersections occur with greater frequency in restricted 
areas. On the stereographic projection of the sphere, the pole figure, it is 
customary to represent the areas most densely populated with poles as 
heavily shaded regions, and to show with lighter shading the regions 
where poles occur less frequently, thus distinguishing from two to four 
degrees of relative frequency in the usual case. More quantitative 
representation is possible by the use of sets of contours drawn through 
points of constant frequency, just as is the practice in ordinary mapping. 
The relative frequency of poles is judged by the blackness of the cor- 
responding portion of the rings on the X-ray diffraction pattern (see 
Fig. 20). Here again there is an opportunity for precise measurements 

and careful corrections for absorption 
effects, but present requirements seem 
to be met adequately by the simple 
visual estimation of two to four degrees 
of blackening. The way in which data 
from the X-ray patterns are transferred 
to the pole figure is presented in the 
following section. 

Plotting of Pole Figures 

There is a simple and direct rela- 
tion between X-ray diffraction patterns 
and pole figures, which is illustrated in 
Fig. 21. A crystal plane is here shown 
in position to reflect a beam of X-rays 
to form a spot S on the film. The 
plane normal intersects the reference 
sphere, inscribed about it, at the point 

Fig. 21 . — Relation between P > which projects stereographically to 
crystallographic planb, DEPFKAO- the point P in the projection plane. 
S.S 0 AltD STHEE0GBAPHIC The incident beam, the reflected beam, 
Pole P, diffracted spot S, and pro- and the pole of the reflecting plane all 

jSSfthfiSdtobSS <"“«> P 1 *”' a PJ* d “Sle 

a from the vertical. When the film 
and projection plane are placed normal to the beam as shown, it will 
be seen that angular positions about the center of the projection will 
correspond to angular positions on the film. This azimuth angle is 
labeled a in the figure. 

Since the angle of incidence, 6, of the beam on the crystal plane is 
determined by the Bragg law n\ = 2d sin 6 whenever reflection occurs, it 
follows that the poles of all planes capable of reflecting must lie at a con- 
stant angle 90 — 6 from the incident beam, and must therefore intersect 
the reference sphere only along the circle known as the “reflection circle,” 
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a circle on the projection 90 - 6° from the centrally located beam. Both 
the azimuthal and radial position on the pole figure are thus determined 
All of the intensity maxima on a single diffraction ring (“Debye 
ring”) are plotted on a single reflection circle on the pole figure. When 
the circle cuts through heavily populated regions on the pole figure the 
diffraction ring will show intense blackening at the same azimuth: when 
it cuts through lightly populated regions the corresponding arc of the 
diffraction ring will be weak. To determine the true extent of the areas 
on the pole figure it is necessary to plot a series of reflection circles that 
form a network covering the projection. This is accomplished by taking 
a series of diffraction patterns with 
the specimen tilted increasing amounts 
in steps of 5° or 10°. The number of 
exposures in such a series may vary 
from 5 to 20 depending upon the detail 
required in the pole figure.* 

We will explain the plotting of the 
data using rolled steel as an example. 

If the characteristic radiation (Ka) from 
molybdenum is used, the diffraction 
from the ferrite {110} planes will occur 
at 0 = 10° and the reflection circle will 
lie 90 — 6 — 80° from the center of the 

pole figure. If the first photograrn is reflection circle with beam 

made with the beam normal to the sur- normal to projection plane. 

face of the specimen, the surface will pia^f ^ecto^SSeS^W 
appear on the projection as the basic 

circle and the reflection circle will lie concentric with it. Let us 
suppose that the specimen is then rotated about a vertical axis, and a new 
photogram taken with the specimen turned, say 30°, the near side rotating 
to the left as we look in the direction of the X-ray beam. We first 
plot the data as before, with the projection plane again normal to the 
beam and the reflection circle again concentric. This is illustrated in 
Fig. 22, where the reflection circle is shown as a dashed circle and an 
intensity maximum is indicated between the limits A and B. But with 
this setting of the specimen, its surface will lie at a tilt of 30° from the 


* An oscillating film arrangement can be used in plotting pole figures so that one 
exposure gives the information ordinarily obtained from many individual exposures of 
the stationary type 36>87, ‘ t6 “ 48 . 

The number of exposures can also be reduced by using information from several 
diffraction rings; for example, by investigating the maxima on the (211) diffraction 
ring, calculating what positions the (110 J or {100} poles must have had to give these 
maxima, and then plotting the data on a (110} or (100} pole figure. For details of 
the method see references 28 and 49. 
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projection plane (the right side tilted up from the projection plane) and 
all data from this setting must be rotated 30° back to the right in order to 
plot a pole figure in which the plane of the specimen is the projection 
plane. The rotation is done with the Wulff net, each point on the 
reflection circle being moved to the right along its latitude line a distance 
of 30° of longitude. This is shown in Fig. 22, where the reflection circle 
with the intensity maximum on it is plotted after rotation as a full line. 
Part of the rotated reflection circle on the right-hand side passes to the 
negative hemisphere and is shown as a broken line. The process is 
repeated with different settings of the specimen and corresponding 

rotations of the data until the areas 
on the pole figure are sufficiently well 
defined. 

Much of the labor of plotting may 
be eliminated if a chart is made up in 
which the series of reflection circles 
are shown in the position they would 
have after rotation back to the normal 
setting; i.e., their position with respect 
to the surface of the specimen as the 
projection plane. A different chart 
is required, of course, for every differ- 
ent value of 0 that is used, thus for 

molybdenum Ka radiation REFLECT- different wave lengths, different speci- 
inq from (HO) planes of iron, men materials and different reflecting 

planes. Wever has published 
charts 60 ’ 61 for copper Ka radiation reflecting from {001} and from {111} 
planes of aluminum, and for iron Ka radiation reflecting from {110} of 
iron. Fig. 23 presents a chart for molybdenum Ka radiation reflect- 
ing from {110} planes of iron (8 = 10°) with reflection circles plot- 
ted for every 5° rotation interval from 0° to 90°. The azimuthal 
positions on all of the circles are given by their intersections with 
the latitude lines that are drawn on the chart and labeled with 
values of the angle a (the numbers around the circumference). When 
the reflection circles lie on the back hemisphere they are shown 
as dashed lines, but the same lines of constant a apply as on the 
near hemisphere. This same chart will serve for plotting the {200} 
reflections from iron if one reads the intensity maxima on the broad 
ring caused by general (“white”) radiation, for the most intense portion 
of the {200} reflection of the general radiation from a tube operating at 
30 or 40 kilovolts is in the neighborhood of 9 = 10°. The maximum 
intensity of general radiation from {110} planes is around 6 = 7°, and 
is particularly suitable for pole-figure work, for it is free from over- 
lapping {200} reflections, and shows clearly the slight differences of 
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intensity that are sometimes important. A chart for plotting the 
{200} reflections of molybdenum Ka from iron ( 6 = 14° 20') is reproduced 
in Fig. 24. 

Areas near the top and bottom of the pole figure are not crossed by 
any reflection circles on the chart. To fill in these areas the specimen 
may be turned 90° in its own plane and then rotated a small amount 
about the vertical axis, as before. (This requires turning the pole 
figure plot 90° with respect to the reflection circle chart.) The number of 



Fig. 24. Fig. 25. 

Fig. 24. — Pole-figure chart fob molybdenum Ka radiation reflecting from 
(200) PLANES OF IRON. 6 = 14° 20'. 

Fig. 25 5a . — Pole figure fob {110} poles of mild steel reduced 85 per cent in 

THICKNESS BY COLD-ROLLING 58 . 

• and — — indicate simple tension texture with rolling direction as axis. 

indicates simple compression texture with normal to sheet as axis. 

shows reflection circle for white radiation incident normal to sheet. 

shows reflection circle for white radiation incident in transverse 

direction. 

exposures may be reduced by making use of the symmetry of the orienta- 
tions in the structure; in rolled sheet, for example, a sy mm etry plane may 
be anticipated normal to the rolling direction and another normal to the 
transverse direction in the sheet, but it is always advisable to test for 
these symmetry planes before assuming them.* 

The pole figure for a mild-steel sheet rolled to a reduction of thickness 
of 85 per cent and etched so that the surface layers are removed is shown 
in Fig. 25. The rolling plane is parallel to the projection plane, with 
the rolling direction at the top. This figure illustrates, incidentally, 
why it is that preferred orientations appear more prominently in photo- 
grams made with the beam along or near to the transverse axis of a rolled 
steel sheet than with the beam normal to the rolling plane. The (110) 


* See, for example, M. Gensamer and R. F. Mehl 5 *. 
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reflection circle for a beam of white radiation normal to the rolling plane 
is shown as a dotted circle near the periphery, and nowhere passes into 
regions of greatly differing intensity. On the other hand, the reflection 
circle for a beam along the transverse direction appears as a dotted line 
extending from top to bottom near the center of the projection, and 
passes through regions of both maximum and minimum intensity, which 
would yield more pronounced maxima and minima on the (110) diffrac- 
tion rings. 

Pole Figures in Transformation and Precipitation Studies 

Pole figures have been of the greatest usefulness in determining the 
orientation relationships that almost invariably exist between new metal 
crystals and the original matrix crystal in which or from which they form 
by precipitation from solid solution,* by lattice transformations 15 * 53 * 54 , 
by recrystallization of single crystals 21 - 55 , by eutectoid reactions 64 - 56 , by 
peritectic reactions 57 , or by oxidation 14 - 58 . 

On the Interpretation of Pole Figures] 

Ideal Orientations . — The simple preferred orientations such as are 
encountered in drawn wires and in electrodeposited metals are appropri- 
ately called “fiber structures,” for they resemble the arrangement of 
natural fibrous materials and have a crystallographic direction parallel 
to the “fiber axis,” with a random orientation of crystallites about this 
axis. It is convenient to describe the structure in terms of scattering 
of a certain number of degrees from an ideal orientation in which a certain 
crystallographic direction is parallel to the fiber axis. This point of view 
is frequently used, in fact, for the analysis of the X-ray patterns and is 
particularly useful in studies of wires. Wever has objected, however, that 
this method of description may lead to an incomplete and arbitrary 
analysis of the deformation mechanism, particularly in the more complex 
cases, and has emphasized that pole figures provide a safer basis for 
studies of the underlying mechanism, for they represent the observational 
data in an unprejudiced manner. 

The interpretation of pole figures will be illustrated by a brief review 
of a number of examples. 

Rolling Textures appear to be best explained as the superposition of 
compression and tension textures, with the axis of compression normal 
to the rolled sheet and the axis of tension in the direction of rolling 61 . 
The compression and tension textures forming the basis for the rolling 

* A summary of the various determinations has been published by C. H. Mathew- 
son and D. W. Smith* 8 and by G. Sachs 84 . 

t We have not included a discussion of stereo graphic projection in the analysis of 
asterism in Laue photograms. This has been summarized in a review of internal 
stresses 19 . 
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texture of mild steel are indicated in Fig. 25. The ideal compression 
texture, with the [111] direction normal to the sheet, is represented on 
the pole figure by two concentric dashed circles, one at 35° 16' from the 
center and the other at 90°. The ideal tension texture (with [110] in the 
direction of rolling) is represented by the points at the top and bottom 
of the basic circle, and by the circles drawn as full lines lying 60° and 90° 
from these. The ideal textures pass through every intense region of the 
pole figure, and account for most of its principle features.* Several 
pole figures for rolled iron and its alloys have been published 51 ' 52 * 62 ” 67 
covering different compositions and rolling conditions. Pole figures have 
also been extensively used for face-centered cubic metals 68 ” 70 . The 
structures are complicated in the face-centered cubic metals by the fact 
that even the simple tension and compression textures are double fiber 
textures, with two lattice directions in the fiber axis. 

Pole figures of the rolling textures of the hexagonal metals and their 
alloys 71 ” 76 have been particularly useful in deciphering the role of twinning 
in the development of the structures, and in comparing the structure 
at the surface with the structure in the interior of the sheet. The rela- 
tion of deformation structures to the mechanism of deformation of single 
crystals is quite direct in the hexagonal metals, but is less clear in the 
cubic metals. The most successful theories seem to be those in which 
the principal orientations in a deformation texture are considered as the 
stable ones that will be approached by a grain whose orientation is chang- 
ing as a result of deformation on several planes 77 ” 78 . Boas and Schmid 11 
have shown by stereographic projection the way in which grains of any 
initial orientation may be expected to rotate — although there have been 
some differing opinions on the point — as the result of slip on the two or 
three slip systems of highest resolved shear stress. These directions of 
rotation lead to the positions the grains assume in deformation textures, 
if the restriction is made that only those slip systems operate that will 
produce the change in specimen shape that is actually observed. 

It should be mentioned, however, that wholly different lands of 
deforming processes leading to the same change in shape produce identical 
preferred orientations; as, for example, rolling and drawing through a flat 
die 79 , or rolling and drawing round wires 80 . There is therefore justifica- 
tion for an interpretation of the preferred orientation in terms of the 
symmetry of flow of the material 27 . 

Surface Deformation Textures . — A few examples can be given of pole- 
figure studies of surface textures produced by machining and rolling 
operations. The surface textures of cold-rolled zinc 72fl and zinc alloys 81 

* There is some divergence of opinion as to whether the compression texture of 
iron is a single fiber structure 80 or a double one, with both [1X1] and [100] in the axis of 
compression 61 . The pole figures published for rolled steels do not require a double 
texture. 
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are different from the textures inside of the rolled sheet and are important 
factors in determining the ability of the sheet to withstand bending. The 
surface of cold-rolled mild-steel sheet has a texture similar to the recrys- 
tallization texture of this material 64 and it has been suggested that local 
recrystallization may occur at the surface during the cold-rolling. The 
outermost layers of a steel block after machining in a shaper have a 
characteristic texture. A pole figure showing this has been plotted using 
data from back-reflection patterns 82 . 

Textures in Deep Drawing . — Textures of deep-drawing sheet have 
recently been studied by pole-figure methods 69 . A drawn brass cup was 
X-rayed at various points from top to bottom and pole figures plotted 
to show the texture at each point. The texture was found to vary from 
point to point to correspond with the directions of flow of metal and could 
be analyzed everywhere as the superposition of ideal tension and com- 
pression textures of differing relative intensity. For example, at the 
center of the bottom of the cup the texture was identical with an ideal 
compression texture with the compression axis vertical (perpendicular 
to the bottom of the cup) as would be expected from the movement of 
metal accompanying the thinning of the sheet during the drawing opera- 
tion. At the upper rim of the cup, on the other hand, there was nearly 
an ideal compression texture with the compression axis tangential (pro- 
duced by the enforced contraction of the sheet to form the rim), and this 
compression texture persisted throughout the upper part of the side wall 
with lesser intensity and superimposed on a tension texture having the 
tension axis vertical (parallel to the axis of the cup). 

Recrystallization Textures . — The preferred orientations found in rolled 
and drawn material after recrystallization are not as yet understood. In 
rolled metals they are commonly of such complexity that an understand- 
ing cannot be hoped for without the use of pole figures, such as have been 
prepared for recrystallized rolled iron 82 , iron-nickel alloys 83 , mild steel 64 , 
iron-silicon alloys 67 , magnesium 81 , zinc 84 * 85 , and aluminum 86 . The exten- 
sive studies in Burgers' laboratory 55 , directed toward a solution of 
recrystallization textures by the analysis of the simpler case of a single 
crystal of aluminum recrystallized after homogeneous deformation, were 
based on pole figures. 
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The Solid Solubilities of the Elements of the Periodic Sub- 
group Vb in Copper* 


By J. C. MERTZ,t Junior Member, and C. H. Mathewson^ Member A.I.M.E. 


(Cleveland Meeting, October, 1936) 

Accurate knowledge of the solid solubilities of the elements that 
dissolve in the important base metals is needed for guidance in the 
preparation and heat-treatment of the alloys derived from these compo- 
nents. While there is still difference of opinion concerning the merits 
of the X-ray and microscopic methods of determining such solubilities, 
it is certainly true that the recent extensive use of X-ray diffraction to 
review the existing constitutional data has revealed many glaring inaccu- 
racies and has brought about a much improved knowledge of phase- 
boundary locations, which will inevitably come to include all of the 
important alloy systems. When the work is done with all necessary 
precautions it appears that in the majority of cases where the solubilities 
extend beyond a few tenths of a per cent the X-ray back-reflection 
technique is capable of furnishing the best of information in this field. 
For the most prolonged and thorough studies it is obviously advisable 
to combine the results of several methods, in particular, to obtain an 
agreement between X-ray and microscopic data. 

This paper reviews the work previously done on the solubilities of 
phosphorus, arsenic, antimony and bismuth in copper and, in considera- 
tion of the uncertainties thus made apparent, presents new X-ray data 
obtained with the first three members of this group. 

COPPER-PHOSPHORUS SYSTEM 

Heyn and Baur 1 found that in slowly cooled alloys phosphorus forms 
a solid solution with copper up to about 0.175 per cent. Huntington 
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and Desch 2 , by microscopic examination and chemical analysis of slowly 
cooled alloys, also found 0.175 per cent phosphorus retained in solid 
solution. Later, Hudson and Law 3 stated that a phosphor copper con- 
taining 0.9 per cent phosphorus had an almost homogeneous structure 
after annealing for 2 hr. at 690° C., or 4 hr. at 640° C. Hanson, Archbutt, 
and Ford 4 made a thorough microscopic investigation of the solid solu- 
bility between 682° and 280° C. Their results indicated that the solu- 
bility of phosphorus in copper increases from close to 0.5 per cent at 
280° C. to between 0.975 and 1.16 per cent at 682° C. In what we 
believe to be the latest work published on the copper-phosphorus con- 
stitutional diagram, Lindlief 6 did not investigate the solid solubility, 
but uses the last mentioned results in his diagram. 

The copper used in the experiments described herein was prepared as 
described by Rhines and Mathewson 6 . Chemical analysis showed 
99.99+ per cent copper, and spectrographic analysis* revealed no appreci- 
able quantity of any other element. The lattice parameter of this copper, 
as determined by the back-reflection method, is 3.6078A., which agrees 
well with the value of Owen and Yates 7 , who give 3.6077 ± 0.0002 A. 
Phosphorus was added in the form of a phosphor copper containing about 
8.5 per cent phosphorus. Spectrographic analysis showed traces of silver 
and cobalt to be the only impurities present in recognizable quantities. 

Alloys were prepared in 50-gram melts in plain graphite crucibles 
under molten borax. The crucibles were heated in a high-frequency 
induction furnace until the borax was liquid and the weighed amount 
of copper was introduced bit by bit. When the copper was entirely 
molten, the desired amount of phosphor copper was introduced and the 
melt stirred by eddy currents for 15 to 30 min.; then the current was 
stopped and the alloy allowed to solidify and cool in the furnace. The 
ingots thus produced were quite sound and showed no loss in weight. 
The ingots were quartered, cold-worked until signs of cracking appeared, 
then individually sealed under vacuum in Pyrex glass and given a homoge- 
nizing treatment at 700° C. for two weeks. At the end of this period 
they were machined into small rods 0.17 in. in diameter and about 
one inch long. 

Analyses were made electrolytically upon the dust from the quartering 
operation, the chips from the machining operation, and a section of the 
X-ray specimen itself. All agreed within ± 0.02 per cent, and the average 
results are shown in Table 1. 

Each specimen was sealed under vacuum in Pyrex glass and annealed 
for the desired period of time in a nichrome-wound tube furnace with a 
constant temperature heating zone of 11 in. Two calibrated platinum- 


* The authors are indebted to Prof. W. E. Milligan, of the Department of Metal- 
lurgy, Yale University, for all spectrographic analyses mentioned. 
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platinum rhodium thermocouples were used, the hot junctions being 
placed next to the specimens. One was connected to a Brown recording 
potentiometer, which gave a control of ±1° C., the other to a Leeds & 
Northrup portable potentiometer for an occasional check on the tempera- 
ture. Specimens were quenched in cold water, X-rayed immediately, 
resealed in vacuo, and replaced in the furnace. 

The back-reflection method of X-ray analysis used has been described 
in detail by Phillips and Brick 8 . The camera used was a modification 
of the van Arkel type, which enabled specimen to film distance to be 



Fig. 1. — Change or lattice parameter or copper-phosphorus allots with 

CONCENTRATION AND EPPECT OP ANNEALING TWO-PHASE ALLOTS TO EQUILIBRIUM. 

held constant regardless of the specimen diameter. Nickel K radiation 
was employed, operating the Seemann tube at 35 kv. with 20 ma. tube 
current. Exposure time averaged one hour. The van Arkel extrapola- 
tion method was employed to determine corrected a<j values, and the 
relative accuracy has been calculated to be approximately +0.0002A. 

Specimens of each alloy were annealed for 400 hr. at 700° C., quenched, 
the parameters determined, annealed at the same temperature for 200 hr. 
longer, and the parameters again determined. The results are tabulated 
in Table 1 and are shown graphically in Fig. 1. 

Since surface conditions are of primary importance in the X-ray 
method employed, the surfaces of several specimens were removed, both 
by a nitric acid etch and by the use of fine emery cloth, and the parameters 
again determined in an effort to ascertain whether any phosphorus was 
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lost from the surface by volatilization during heat-treatment. The 
values obtained were unchanged, the only effect observed being a slight 
broadening of the lines due to stress produced by these operations. 


Table 1. — Lattice-parameter Values of Copper-phosphorus Alloys 
All Specimens Quenched in Cold Water from Solution Treatment at 700° C. 


Alloy 

P, Per Cent by Wt. 

ao Value, A. 

After 400 Hr. 

After 600 Hr. 

PI 

0.58 

3.6092 

3.6091 

P2 

1 00 

3.6101 

3.6102 

P3 

1.31 

3.6107 

3.6111 

P4 

1.60 

3.6117 

3.6115 

P5 

1.94 

3.6120 

3.6118 

P6 

2 17 

3.6119 

3.6119 


The end of one specimen of each alloy was polished and examined 
microscopically. Alloys PI, P2, P3 and P4 contained only one phase, 
while alloys P5 and P6 contained bluish particles of beta, which showed 
extinction when viewed by polarized light. All had a grain size of 
approximately 0.20 mm. diameter. 

Brick, Phillips and Smith 9 recently reported marked differences 
between a 0 values of aluminum-magnesium alloys, depending upon the 
strain produced by quenching. They found that powders were least 
subject to strain, while rods quenched in cold water showed the 
greatest strain and highest a 0 values. 

In order to discover whether the a 0 values obtained from our specimens 
might be anomalously high, because of quenching strains, or approxi- 
mated the true strain-free parameter values, a powder was obtained 
from one end of the specimen P5 by means of a fine file, annealed in vacuo 
at 700° C. for 24 hr., quenched, and a powder photogram taken. The 
parameter value obtained was 3.6118JL, indicating that quenching 
strains do not appreciably affect the parameter measurements obtained 
from our specimens. 

Several specimens of the higher phosphorus content alloys were now 
individually sealed under vacuum in Pyrex glass as before, placed in the 
furnace side by side, and heat-treated under identical conditions at 
temperatures between 700° and 300° C., being held at each temperature 
until successive determinations of parameter values indicated that 
equilibrium at that temperature had been attained. The results are 
summarized in Table 2 and also shown in Fig. 1. 

The solid solubility curve obtained from these data is shown in 
Fig. 2, using the eutectic temperature (714° C.) obtained by Lindlief 5 . 
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For purposes of comparison, the smooth curve drawn by Hanson, Arch- 
butt, and Ford 4 from the results of their microscopic ex ami nation is 
also shown. 


Table 2. — Parameter Values of Copper-phosphorus Alloys after 
Precipitation Treatment 


Temperature, 
Deg. C. 

Alloy 

Time, Hr 

oo Value, A. 

Temperature, 
Deg. C. 

Alloy 

Time, Hr. 

ao Value, A 

600 

P6 

200 

3 6111 

400 

P6 

200 

3 6097 



400 

3.6112 



400 

3.6098 

500 

P4 

150 

3.6104 


P5 

200 




350 

3.6104 

300 

P4 

200 

3.6097 


P6 

150 

3.6104 



400 

3 6095 



350 

3.6102 



600 

3.6092 

400 

P4 

200 

3.6098 


P6 

200 




400 

3.6097 



400 

3.6091 







600 

3.6092 


In a recent paper, Fink and Freche 10 have shown that thermo- 
dynamical equations characterizing the behavior of perfect solutions 
may be used to generalize the solubility data obtained from many 
aluminum-base alloys even outside the range of dilute solutions. By 
plotting solid solubility data of six binary aluminum alloys, employing 
the reciprocal of the absolute temperature and the logarithm of the 
atomic per cent of alloying element as coordinates, they obtained curves 
closely approximating straight lines. It was considered of interest to 
compare the curves of Fig. 2 in this way. 

Corresponding points from these curves were plotted in terms of y 

and log atomic per cent phosphorus, and are shown in Fig. 3, where 
Centigrade temperatures and weight percentages of phosphorus are 
indicated for convenience in comparing the two figures. 

Inasmuch as Hanson, Archbutt, and Ford 4 do not report any thor- 
oughly prolonged homogenizing process, but apparently took their alloys 
as cast and annealed at 685° C. for 96 hr., it seems probable that true 
equilibrium was not attained. The disappearance of the beta particles 
visible in all their alloys at first is no guarantee that portions of their 
specimens were not higher in phosphorus content than others. Upon 
annealing at lower temperatures it seems conceivable that such localized 
concentration zones would precipitate particles of phosphide, thereby 
producing a metastable equilibrium in the zones, while the rest of the 
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alloy is capable of holding in solution more phosphorus than it has 
acquired. Our observations indicate that the migration of phosphorus 
atoms through the copper lattice is a slow process, especially at tempera- 
tures below 400° C. 



o as AO as z.o Z.S 


Weight Percent. Phosphorus 
Fig. 2. — Solid solubility of phosphorus in copper. 

In view of these considerations and the fact that our curve meets 
the theoretical test outlined above, we feel justified in assuming the 
results to be more nearly correct, indicating that the solubility of phos- 
phorus in copper increases from about 0.6 per cent phosphorus at 300° C. 
to approximately 1.7 per cent at 700° C. 

COPPER-ARSENIC SYSTEM 

Friedrich 11 studied copper-arsenic alloys by means of thermal analysis 
and electrical resistivity measurements, and concluded that at 700° C. 
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copper may hold 4 per cent by weight of arsenic in solid solution. Ben- 
gough and Hill 12 , using thermal analysis, micrographic e xami nation 
and scleroscopic tests, reported that copper holds about 3 per cent 
arsenic by weight in solid solution at ordinary temperatures witu a rate of 
cooling of approximately 15° to 20° per minute. Pushina and Dishlera 18 
measured electrical conductivity between 0 and 45 per cent arsenic and 
found a break in the curve at 6 per cent arsenic, indicating a limi t of 



Fig. 3. — Diagram of Fig. 2 in which 1/T is plotted against logarithm of 

ATOMIC PER CENT OF PHOSPHORUS, BUT CENTIGRADE TEMPERATURES AND WEIGHT 
PERCENTAGES ARE SHOWN TO FAVOR COMPARISON WITH FlG. 2. 


solid solubility. Hanson and Marryat 14 , by microscopic examination, 
placed the limit of solubility of arsenic in solid copper at close to 7.25 
per cent by weight, and stated that it changed very little with fall of 
temperature. Katoh 15 studied the system copper-arsenic by X-ray 
methods, but did very little work on the alpha phase. From two powder 
photograms in this region he concludes that copper dissolves about 4 
per cent arsenic by weight at room temperature. Hume-Rothery, 
Mabbott and Channel-Evans 16 investigated the solid solubility micro- 
scopically, and placed the limi t between 5.91 and 6.40 atomic per cent 
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(6.89 to 7.47 weight per cent) arsenic. They found no change 
with temperature. 

The copper previously specified was used in the present experiments 
along with arsenic “Kahlbaum.” A spectrographic analysis of the latter 
showed traces of antimony, bismuth, silicon, tin, lead, copper and 
magnesium to be present as impurities. 

A hardener alloy containing about 27 per cent arsenic was prepared 
in the high-frequency furnace, using a graphite crucible and borax 
flux as before. A series of alloys was then prepared according to the 



practice followed with the copper-phosphorus alloys. The ingots thus 
produced were sound and showed no loss in weight. As before, they were 
quartered, cold-worked, sealed under vacuum in Pyrex glass, homogenized 
for two weeks at 680° C. and then machined into specimens 0.20 in. in 
diameter and about one inch long. 

Electrolytic analyses of powder, chips and portions of the specimens 
checked within 0.02 per cent for each alloy. To further check the 
accuracy of the analyses, the pure copper and arsenic were weighed out 
in amounts proportional to the percentage composition of the alloys, 
dissolved and electrolyzed in exactly the same manner as the alloy 
samples. These determinations checked the weighed amounts to better 
than 0.02 per cent in every case. 

A specimen of each alloy was sealed in evacuated Pyrex tubing, 
annealed at 680° C. for 800 hr., quenched in cold water, and the parameter 
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value determined. It was then resealed in vacuo, held an additional 
300 hr. at the same temperature, quenched, and the parameter again 
determined. The results are tabulated in Table 3 and shown graphically 
in Fig. 4. 

Removal of the surface of several specimens by etching and by use of 
fine emery cloth showed no loss of arsenic in this region. 

Microscopic examination of the specimens after the ends were 
polished showed alloys Al, A2, A3, A4 and A5 to contain only one phase, 
whereas A6 contained considerable beta in small bluish grains, which 
showed extinction under polarized light. The average grain diameter 
was approximately 0.20 mm. A powder obtained from the end of the 
specimen of A5, annealed in vacuo at 680° C. for 24 hr. and quenched in 
cold water, gave a parameter value of 3.6376 A., showing the effect of 
quenching strains to be negligible in these alloys. 

The specimens of alloys A5 and A6 were then individually sealed in 
evacuated PyTex tubes and given identical heat-treatments at tempera- 
tures between 650° and 300° C., the parameters being determined at 


Table 3. — Lattice-parameter Values of Copper-arsenic Alloys Annealed 
at 680° C. and Quenched in Cold Water 


Alloy 

As, Per Ceat by Wt. 

flo Valuea, A. 

After 800 Hr. 

After 1100 Hr. 

Al 

1.85 

3.6148 

3 6153 

A2 

3.10 

3.6212 

3.6208 

A3 

4.35 

3 6257 

3.6262 

A4 

6.50 

3.6352 

3.6348 

A5 

7.31 

3.6375 

3.6378 

A6 

9.76 

3.6407 

3.6412 


intervals. These data are shown in Table 4 and the values obtained at 
300° C. are shown in Fig. 4. The experiments indicate that the solid 
solubility is about 7.9 per cent arsenic by weight at 680° C. and decreases 
slowly and approximately linearly to about 7.5 per cent at 300° C. It 
might be argued that the fall in ao values obtained was due to loss of 
arsenic from the surface of the specimen during the long anneals, but 
this seems precluded by the fact that the oo value of specimen A5, con- 
taining 7.31 per cent arsenic, which received identical treatment, and 
from which no arsenide could precipitate, remained constant within 
the limit of accuracy of the method. 

Fig. 5 shows the solubility curve thus obtained incorporated into the 
diagram given by Bengough and Hill 12 . The uncertain conditions in the 
vicSnity of 30 per cent arsenic have not been subjected to modem investi- 
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gation, and the early data have been thoroughly discussed by Guertler 
on pages 842 to 853 of his Handbuch. 

Friedrich 11 cooled his alloys at the rate of 75° per minute to 700° C., 
quenched, and examined microscopically, hence segregation would 
acco un t for his low value of 4 per cent arsenic held in solution. Bengough 
and Hill 12 used the same methods, cooling their alloys more slowly (15° to 


Table 4. — Lattice-parameter Values of Alloys A 5 and A 6 at Various 
Temperatures , after a Cold-water Quench 


Alloy 

Temperature, 
Deg C. 

Time, Hr. 

ao Values, A. 

Alloy 

Temperature, 
Deg. C. 

Time, Hi 

ao Values, A 

A5 

650 

500 

3 6376 

A6 

650 

500 

3 6408 



700 

3 6377 



700 

3 6406 



900 

3.6380 



900 

3 6407 


600 

500 

3.6379 


600 

500 

3 6403 



700 

3 6378 



700 

3 6405 


500 

350 

3 6376 


500 

350 

3 6403 



550 

3 6379 



550 

3 6401 


400 

400 

3.6380 


400 

400 

3.6398 



600 

3 6378 



600 

3 6396 


300 

400 

3 6378 


300 

400 

3.6393 



600 

3 6377 



600 

3.6389 





j 


800 

3 6390 


20° per minute) to room temperature, but probable segregation would also 
account for their figure of 3 per cent. Pushina and Dishlera 13 prepared no 
alloys between 6 and 10 per cent arsenic, and if they had done so might 
have found the break in the conductivity curve at a higher arsenic content 
than the 6 per cent reported. Katoh 16 gives a 0 values of 3.608A. for 
copper, 3.629A. for 2 per cent arsenic and 3.640A. for the solubility limit. 
The last value is in good agreement with ours, but the 3.629A. should 
correspond to about 4 per cent arsenic instead of 2 per cent. How this 
value was obtained cannot be determined, since no details of heat-treat- 
ment, etc., are given. The 7.25 per cent value of Hanson and Marryat 14 
and the 7.47 per cent upper limit at 550° C. of Hume-Rothery, Mabbott, 
and Channel-Evans 16 , are in fairly good agreement with our results, espe- 
cially since they did not anneal for as long periods of time. Furthermore, 
in all of the investigations outlined above, the copper used was commercial 
electrolytic, hence inferior in purity to our copper. 

Copper-antimony System 

Before 1913 no attempt had been made to determine the solubility of 
antimony in solid copper in annealed and quenched alloys. In that year 
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Carpenter 17 reported that such alloys, on micrographic examination, re- 
vealed a limit of solubility of antimony in solid copper at 4 atomic per cent 



(nearly 8 per cent by weight), and stated further that the slope of the line 
was too steep to be determined by quenching experiments. Westgren, 
Hagg and Eriksson 18 in 1929 investigated the system by means of X-ray 
powder photograms and concluded that Carpenter’s figure was correct, 
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although they prepared only one alloy in the alpha-phase region. Howells 
and Morris-Jones 19 made an X-ray investigation of the copper-antimony 
system, but also prepared only one alloy in the alpha range. A little 
later, Archbutt and Prytherch 20 prepared a series of alloys between 5 and 
10 per cent antimony, annealed in vacuo at temperatures between 400° 
and 750° C., quenched, and examined the microstructures. They placed 
the solubility limit at about 9.5 per cent antimony. Finally, Hume- 
Rothery, Mabbott and Channel-Evans 16 used the same method at tem- 
peratures between 200° and 625° C., and found the solubility to be about 
5.6 atomic per cent (10.2 per cent by weight) at 600° C., practically 
unchanged at 550° C., slightly lower at 500° C., followed by a much more 
marked decrease below 450° to a value of 2.8 atomic per cent (5.23 per 
cent by weight) at 200° C. 

The copper used in our investigation was that previously noted. 
Antimony “Kahlbaum” was used, a spectrographic analysis showing it 
to contain traces of arsenic, tin, lead, copper and magnesium. 

All melts were made by high-frequency induction melting in pure 
alundum crucibles in vacuo. A hardener alloy containing 47 per cent 
antimony was prepared, and when this was used as the addition agent the 


Table 5. — Lattice-parameter Values of Copper-antimony Alloys 
Annealed at 630° C. and Quenched in Cold Water 


Alloy 

Sb, Wt. Per Cent 

<xo Values, A. 

After 700 Hr. 

After 1200 Hr. 

After 1600 Hr. 

SI 

2.36 

3.6199 

3.6197 

3.6198 

S2 

4.25 

3.6330 

3.6325 

3.6330 

S3 

6.43 

3.6413 

3.6455 

3.6455 

S4 

8.40 

3.6570 

3.6595 

3.6591 

S5 

10.63 

3.6706 

3.6715 

3 6712 

S6 

. 12.46 


3.6750 

3.6754 


resulting ingots showed no loss in weight. The ingots were treated 
exactly as in the previous work, except that the two-week homogenizing 
treatment was carried out at 630° C. The final specimens were 0.20 in. 
in diameter by one inch long. 

Analyses were made on the dust, chips and a portion of each specimen 
as before. The copper was electrodeposited, the deposition being carried 
to a point where gassing and a slight deposit of antimony appeared at the 
cathode and the electrolyte showed no copper by H 2 S test. The electro- 
lyte was then discarded, the deposit dissolved and the copper redeposited 
at 0.2 amp. per square decimeter. These analyses checked within 0.02 
per cent. The same treatment was given weighed amounts of the pure 
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copper and antimony in proportions similar to the alloy compositions, 
and the copper checked to within 0.2 mg. or better in a J^-gram sample in 
every case. The analyses also checked well with the determination of 
antimony by the standard permanganate method. 

The specimens were sealed in evacuated Pyrex glass tubes and annealed 
at 630° C., do values being determined at intervals after a cold-w r ater 
quench. Results are shown in Table 5 and Fig. 6. 

Archbutt and Prytherch 20 reported traces of a deposit on the tube and 
thermocouple after vacuum annealing, but their analysis show r ed that 
the deposit contained both copper and antimony and that the loss of 
antimony was too small to be serious. We observed a copper-colored 
deposit on the inside of the Pyrex tubes at the higher temperatures, but 
removal of the specimen surfaces by etching and mech an ical me ans 
showed no change in parameter value, nor did the value drop after 
re-annealing. Consequently it seems apparent that the slight sublima- 
tion does not affect the equilibrium in the solid metal. 

Microscopic examination of the specimens showed SI, S2, S3, S4 and 
S5 to consist entirely of one phase, while S6 showed bluish grey particles 
of beta, generally diamond-shaped. These particles showed extinc- 

Table 6. — Parameter Values of Alloys S 5 and £6 Annealed in Vacuo 
at Various Temperatures and Cold-water Quenched 


Alloy 

Temperature, 
Deg. C. 

Time, Hr. 

oo ValueB, A. 

Alloy 

Temperature, 
Deg Hr. 

Time, Hr. 

oo Values, k. 

S5 

600 

800 

3 6708 

S5 



3.6565 



1000 

3 6712 




3.6562 



1200 

3 6710 




3.6566 

S6 

600 

800 

3.6744 

S6 



3 6567 



1000 

3 6742 




3 6563 



1200 

3.6744 




3 6564 

85 

500 

150 

3.6706 

S5 



a 



350 

3 6710 




3 6305 



550 

3.6708 



■ 

3 6302 

S6 

500 

150 

3.6719 

S6 



a 



350 

3 6712 



600 

a 



550 

3.6712 

’ 



3 6307 

S5 

450 

200 

3 6677 

S6 

211 

200 

a 



450 

3.6659 




a 



600 

3.6661 




a 








3.6200 


a Denotes equilibrium not attained. Lines too broad for accurate measurement, 
tion under polarized light. Average grain size was approximately 
0.25 mm. diameter. 
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A powder prepared from the* specimen of S6 was vacuum-annealed 
for 24 hr. at 630° C., cold-water quenched and X-rayed. The a 0 value 
obtained was 3.6749^., indicating that quenching strains have no appreci- 
able effect on the parameters of these alloys. 

Specimens were now annealed in vacuo at temperatures between 630° 
and 211° C., the latter heat-treatment being carried out in a constant- 
boiling bath of nitrobenzene. The results arc shown in Table 6, also 
in Fig. 6. 

The solubility curve obtained from the data is shown in Fig 7, together 
with the curves of Archbutt and Prytherch 20 and Hume-Rothery, Mab- 



Weiyht Percent Antimony 

Fig. 6. — Change of lattice parameter of copper-antimont allots with con- 
centration AND EFFECT OF ANNEALING TWO-PHASE ALLOTS TO EQUILIBRIUM. 

bott and Channel-Evans 16 . The data of the latter authors were given 
in atomic per cent but have been recalculated to weight per cent for 
this comparison. 

Fig. 8 shows an attempt to apply to our data and those of the last- 
mentioned investigators, the thermodynamical treatment previously 
cited, in which log atomic per cent antimony is plotted against the 
reciprocal of the absolute temperature. For comparison with Fig. 7 
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the coordinates shown are degrees Centigrade and weight per cent 
antimony. The plot of our data closely approximates two straight lines 
intersecting at about 450° C., which is to be expected from theoretical 
considerations, inasmuch as above that temperature we are measuring the 
solubility of beta in alpha, and below it that of gamma in alpha. (The 
nomenclature used is that of Carpenter 17 .) Archbutt and Prytherch 20 
and Hume-Rothery, Mabbott and Channel-Evans 18 determined one 



Weight Percent Antimony 
Fig. 7. — Soled solubility op antimony in copper. 


point on the solidus. A straight line drawn from the melting point of 
pure copper to the intersection of our upper solubility line and the eutectic 
horizontal falls between these two points, as shown. 

Westgren, Hagg and Eriksson 18 took powder photograms of alloys 
containing 3 and 6 atomic per cent antimony. Both revealed lines 
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of the gamma phase, but the authors decided that in the case of the 
former alloy the faint lines would disappear if the alloy were annealed 
to equilibrium. From measurements on the latter photogram they 
reported the parameter of the saturated alpha phase to be 3.66 k. This 
result is low, showing a failure to attain true equilibrium. 

Howells and Morris-Jones 19 took powder photograms of alloys con- 
taining 4 and 20 weight per cent antimony. For the first they give a 
parameter of 3.644JL, which should correspond to about 6 per cent 



Weight Percent Antimony 

Fig. 8. — Diagram op Fig, 7 in which 1/T is plotted against logarithm op 

ATOMIC PER CENT OP ANTIMONY, BUT CENTIGRADE TEMPERATURES AND WEIGHT PER- 
CENTAGES ARB SHOWN TO PAVOR COMPARISON WITH FlG. 7. 


antimony and indicates a failure to get a representative powder or an 
error in analysis. From their 20 per cent antimony photogram a value 
of 3.6701. was obtained for the saturated alpha phase. They give no 
details of heat-treatment, but this approximates our value at 600° C. 
They draw a straight line between their values for pure copper (3.610A.) 
and the 4 per cent alloy as plotted against percentage of antimony, and 
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find that 3.670A. corresponds to about 7 per cent antimony. Had their 
middle point been correct they might have obtained a fair approximation 
of the solubility limit at whatever temperature the 20 per cent alloy 
was annealed, although the location of a line by two points only is always 
a questionable procedure. Archbutt and Prytherch 20 obviously did not 
anneal long enough to attain equilibri um. 

Hume-Rothery, Mabbott and Channel-Evans 16 have done a fine piece 
of work, especially considering the limitations of the microscopic method 
and the fact that melting under charcoal permitted oxygen to enter their 
melts to the extent of 0.3 to 0.4 per cent. They annealed for several 
weeks at the higher temperatures but obviously were mistaken in assum- 
ing that equilibrium was attained in 30 hr. at the lower temperatures. 
Our alloy S6, after annealing for 750 hr. at 211° C. had not reached a true 
state of equilibrium, as indicated by the very diffuse bands on the X-ray 
photograms. It might be argued that this was due to the large amount of 
material to be precipitated, but alloy S2, containing about 4 per cent Sb, 
showed the same broad bands after 300-hr. anneal at the same temperature . 

Copper-bismuth System 

In 1907 Portevin 21 published a constitutional diagram for the copper- 
bismuth system based on thermal and microscopic data, which showed no 
solid solution formation. In the same year Jeriomin 22 reported inability 
to see bismuth in an alloy containing 0.25 per cent, and concluded that it 
was in solid solution in the copper. More recently Hanson and Ford 28 
have prepared a series of oxygen-free alloys containing 0.001 to 0.36 per 
cent of bismuth by melting in an atmosphere of hydrogen. Small 
specimens cut from these alloys were polished and examined micro- 
scopically, sealed in silica tubes, heated at 980° C. for four days, water- 
quenched, and re-examined. In all their specimens particles of bismuth 
were visible before heat-treatment, and the same was true after the anneal 
except for the 0.001 per cent alloy, hence they concluded that the solid 
solubility of bismuth in copper is less than 0.002 per cent. 

Ehret and Fine 24 examined a series of alloys covering the range from 
pure copper to pure bismuth by the powder method, using the General 
Electric equipment. All photograms showed the superimposed patterns 
of copper and bismuth. The mean error of their lattice-parameter 
measurements was 0.004A. and they reached the conclusion that a solid 
solubility of bismuth in copper of about 0.5 atomic per cent would 
have been detected. This low solubility of bismuth in copper is to be 
expected from theoretical considerations, since Hume-Rothery, Mabbott 
and Channel-Evans 16 have shown that inasmuch as the atomic diameter of 
bismuth is more than 14 per cent greater than that of copper, conditions 
are unfavorable for solid solution. 
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In view of the foregoing evidence to the effect that bismuth can be only 
slightly soluble in solid copper, it was considered unnecessary to attempt 
any experimental work upon this system. 

Summary 

1. By me ans of the X-ray back-reflection method the following solid 
solubilities in copper were determined : 

Phosphorus; about 1.7 per cent by weight at 700° C., decreasing to 
about 0.6 per cent by weight at 300° C. 

Arsenic; about 8 per cent by weight at 680° C., decreasing slowly to 
about 7.5 per cent by weight at 300° C. 

Antimony; the curve for beta in alpha falling slowly from about 
11.3 weight per cent at 630° C. to about 10 weight per cent in the neighbor- 
hood of 450° C., that for gamma in alpha falling rapidly from this point to 
about 2.1 weight per cent at 211° C. 

2. Experimental evidence indicates that the effect of quenching strains 
on lattice-parameter values is practically, if not entirely negligible in 
these alloys. 

3. The application of the Law of Dilute Solutions generalizes the 
solubility data, indicating that the experimental observations define a true 
state of equilibrium. 
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Equilibrium Relations in Aluminum-magnesium-zinc 
Alloys of High Purity 

By William L. Fink,* Member A.I.M.E., and L. A. Willey *■ 

(Cleveland Meeting, October, 1936) 

This paper is the nineteenth of a series from the Aluminum Research 
Laboratories, presenting the results of the investigations of equilibrium 
relations in aluminum-base alloys made from electrolytically refined 
aluminum. In previous papers equilibrium relations have been deter- 
mined and correlated for 12 binary systems. Equilibrium relations have 
also been determined for portions of the aluminum corners of three ternary 
systems (aluminum-iron-silicon, aluminum-magnesium-silicon and alu- 
minum-copper-magnesium). The object of the present paper and those 
to follow is to increase our knowledge of the aluminum corner of the more 
important ternary systems. 

In 1926 Dix and Keith f suggested a new method for designating the 
phases encountered in alloy systems. The system has been used to a 
very limited extent 1 - 2 ’ 8 . The system has since been slightly modified 
and will be used in this and future papers. In the system as modified, a 
phase is designated by placing in parentheses the chemical symbols of 
the elements essential to the formation of that phase. The symbols in 
the parentheses are separated by dashes in order to clearly distinguish 
them from a chemical formula. Elements that are not necessary to the 
formation of the phase in question, but which may be present in solid 
solution, are not indicated in the designation. If two or more phases 
would have the same designation according to these rules, they are dis- 
tinguished by prefixing Greek letters, and are definitely identified by 
X-ray diffraction patterns. 

Previous Investigations 

The solid solubility of magnesium in aluminum has been well estab- 
lished by the work of Dix and Keller 4 , Schmid and Siebel 5 , and Saldau and 
Sergeev 6 . There is no agreement as to the composition of the magnesium 
constituents at the aluminum end of the binary aluminum-magnesium 
system. Hanson and Gayler 7 report Mg 2 Al 3 ; Boyer 8 found that the alloy 
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having a composition corresponding to Mg 2 Al s was not a single phase. 
Kauakami 9 reports Mg 5 Al 8 . The present authors, in accordance with 
the system outlined above and the designation used by Keller and Wilcox 
in their paper on Polishing and Etching of Constituents of Al uminum 
Alloys 3 will refer to this constituent as /S(Al-Mg). 

The equilibrium relations at the al uminum end of the aluminum-zinc 
system have been reported by Pink and Willey 10 . The zinc terminal 
solid solution which in that paper was called a will now be called (Zn). 
The aluminum terminal solid solution which was referred to as /3 will be 
designated as (Al). and /9 2 will become (Al) and (Al)'. 

On the basis of a critical review of previous work on the magnesium- 
zinc system (by Chadwick 11 and by Hume-Rothery and Rounsefell 12 ), 
Botschwar and Welitschko 13 published what they considered to be the 
most probable equilibrium diagram for the magnesium-zinc alloys. 
There are three binary constituents in this system, one of which, MgZn 2 - 
[/S(Mg-Zn)], is stable up to its melting point. 

The compound 0(Mg-Zn) forms a binary system with aluminum. 
This system was investigated by Sander and Meissner 14 ; Saldau and 
Zamotorin 18 ; and by Nishihara 18 . It is a eutectic system with the eutectic 
at approximately 475° C. and approximately 75 weight per cent of 
/S(Mg-Zn). These investigations do not agree on the solid solubility at 
the aluminum end of the diagram. 

There have been two investigations of the ternary aluminum -mag- 
nesium-zinc system; one by G. Eger 17 and the other by Botschwar and 
Kuznetzov 18 . Eger was interested in the solidus and liquidus curves; 
Botschwar and Kuznetzov devoted themselves principally to the (Al)- 
phase boundary in solid alloys. 


Alloys 

Materials Used . — Electrolytically refined aluminum was used in pre- 
paring the alloys for the work reported in this paper. Chemical analysis 
showed the following impurities: 0.004 to 0.005 per cent silicon, 0.004 to 
0.006 per cent iron and 0.005 to 0.006 per cent copper. The zinc was 
triply distilled zinc supplied by the New Jersey Zinc Co., which showed 
by analysis the following impurities: 0.001 per cent iron and less than 
0.001 per cent each of aluminum, silicon, copper, lead, cadmium and 
sodium. Distilled magnesium furnished by the American Magnesium 
Corporation was used for most of the alloys, including all those used in 
the determination of the solid solubility curves. This magnesium 
showed by analysis the following impurities: silicon, 0.004 per cent; iron, 
0.004; copper, 0.001 ; manganese, 0.0002. Some of the alloys usedin deter- 
mining the phase boundaries were made from commercial magnesium 
which contained by analysis 0.005 per cent silicon, 0.05 per cent iron, 
0.006 per cent copper and 0.002 per cent manganese. 
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Preparations of Alloys . — The aluminum was melted in a small Hoskins 
electric crucible furnace. All alloys were prepared by the direct addition 
of zinc and/or magnesium to aluminum at 690° to 700° C. in an alundum- 
lined plumbago crucible. The alloys that were to be rolled into sheet 
were cast in an iron mold into small ingots 10 by 75 by 75 mm. The 
alloys to be used in the cast form were cast in a graphite mold into rods 
12 mm. in diameter and 250 mm. long. The procedure used in rolling 
the ingots into sheet was’ varied somewhat, depending upon the alloy. 
The ingots were all given a homogenizing anneal at temperatures ranging 



ZINC, WEIGHT PER CENT. 

Fig. 1 . — Sections and locations op samples containing more than 80 per cent 

ALUMINUM. 

from 400° to 425° C. These alloys were immediately hot-rolled (usually 
with intermediate anneals) to approximately 3 mm. They were then 
cold-rolled to a thickness of 1 mm. (18 B.&S. gauge). The specimens for 
resistivity determinations at elevated temperatures, and for metallo- 
graphic examination after heat-treatment, were cut from the cold-rolled 
sheet. The specimens for resistivity determinations were 1 by 23 cm., 
and for metallographic determinations 2 by 2 centimeters. 

Chemical Analyses . — The specimens that had been used for resistivity 
measurements were later used for chemical analyses. Sometimes the 
results so obtained were checked by analyzing the sheet adjacent to the 
resistivity specimens. For cast specimens the analyses were made on 
small chill-cast slabs poured just before the specimens were poured. Zinc 
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was determined by the mercuric thiocyanate method 19 , and magnesium 
was determined by the usual method of precipitating as magnesium 
ammonium phosphate and ignition to pyrophosphate 19 . The results of 
the analyses are given in Table 1 and the locations of the alloys in the 
ternary system in Figs. 1 and 2. 

Methods 

The principal methods used in this investigation were microscopic 
examination of quenched samples and the measurement of electrical 
resistivity at elevated temperatures. For the definite identification of 
the phases, X-ray diffraction patterns were used. 

Electrical Resistivity Measurements . — The electrical resistivities were 
determined by measuring the potential drop across each specimen and 



0 10 20 50 40 50 60 70 80 90 100 

ZING, WEIGHT PER CENT. 

Fig. 2. — Sections and locations of samples containing 80 per cent or less of 

ALUMINUM. 

across a standard 0.001-ohm resistance when the same current was flowing 
through them in series. The apparatus has been described in a previous 
paper 10 . The temperature of the specimens was held constant within 
1° C. of any desired temperature. 

Microscopic Methods . — The results of the electrical resistivity methods 
were checked at numerous points by microscopic examination of specimens 
heat-treated as described later, and polished and examined as described 
in previous papers. In certain sections of the diagram where the electrical 
resistivity method was relatively insensitive (for example, some of the 
boundaries between two-phase and three-phase fields) it was necessary to 
rely almost entirely upon microscopic examination. 

X-ray Methods. — Debye-Scherrer patterns were prepared from some 
of the alloys used in this investigation. The patterns so obtained were 
used as a primary method of identification of the phases present and as a 
check on the etching procedures used. Most of the specimens for X-ray 
analysis were small rods approximately 0.5 to 1 mm. in diameter. The 
samples were rotated during exposure in order to obtain more nearly 
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Table 1 . — Analysis of Alloys Investigated 


Section Alloy No 


Weight Percentage 


Atomic Percentage 
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Table 1 . — ( Continued ) 


Section 

Alloy No. 

Weight Percentage 

1 Atomic Percentage 

Si 

Fe 

Cu 

Mg 

Zn 

Mg 

Zn 


S13577 

0 006 

0 004 

0 006 

5 80 


6 40 



S13578 




5 98 

0 73 , 

6 62 

0 30 


S13679 




5 96 

1 47 

6 63 

0 61 


S13580 




5 98 

2 11 

6 68 

0 87 


Si 3581 




6 06 

2 83 

6 80 

1 18 

11-12 

S13582 




6 09 

3 54 

6 86 

1 48 


SI 3583 




6 24 

4 27 

7 08 

1 79 


S13584 




6 25 

4 88 

7.09 

2 06 


S13585 




6 28 

5 51 

7 15 

2 34 


S13586 




6 37 

6.43 

7 30 

2 74 


S13587 




6 38 

7 05 

7 34 

3 01 


SI 3588 

0 007 

0 004 

0 006 

6 75 

7.78 

7.79 

3 34 


S13745 

0 007 

0 004 

0 006 

10 10 

1.04 




S13746 




10 19 

1.42 




S13747 




9 98 

1.79 



13-14 

SI 3748 




9 94 

2 16 




S13749 




10 08 

2 51 




S13750 




9 97 

2 93 




1 S13751 

0 007 

0 004 

0 007 

10 03 

3 21 




Section 


Weight Percentage 

Si 

Fe 

Cu 

Mg 

Zn 


S15570 




8 05 

0 56 


S15571 




8.19 

0 56 


S15572 




8.25 

0 55 

15-16 

S15700 




11 32 

i 


S15701 




11 50 

0 49 


SI 5408 




13 67 

0.46 


SI 5409 




13.99 

0.45 


S15410 




14 70 

0.43 


S15704 




10 56 



815705 




10.75 

0 99 

17-18 

S15706 




10.87 

1 00 


S15416 





0.94 


S15417 




13 33 

0.92 


S15418 




13.56 

0.90 


S 15422 




12.27 

1 55 

19-20 

S15423 




12.28 

1 61 


Si 5424 




12 68 

1.59 


S 17225 

0.005 

0 009 


17 24 

3 00 


S17226 




16.17 

4 01 


S 17227 




15.09 

4.96 


S17228 




14.27 

6.02 

21-22 

S17229 




13 25 

7.06 


817230 




12.17 

8.05 


S17231 





8.88 


S 17232 




10.13 

10.01 


S17233 




9.21 

11.17 


S17207 

0 005 

0.008 

0.006 

20.28 

5.02 


S17208 




19.22 

6 01 


S17209 




18.23 

7.05 


S17210 




17 31 

8.04 

23-24 

S17211 




16 27 

9.09 


8172 12 




15.20 



S17213 




14.16 

11,09 


S17214 




13 16 

12 13 


S17215 




12.12 

13.11 


S17216 




11.17 

14 19 


S17181 

0.006 

0 010 

0 007 

26.08 

3.98 


S17183 




24.38 

6.01 


S17184 




23 19 

7.00 

25-26 

S17185 




22.24 

7 97 


S17186 




21 33 

8 98 


S17187 




20.25 

10 02 


S17188 




19.18 

10.93 
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Table 1. — ( Continued ) 


Section 

Alloy No. 

Weight Percentage 

Si 

Fe 

Cu 

Mg 

Zn 


S17189 




18 24 

11 97 


S17190 




17 24 

12 96 


S17191 




16 13 

14 11 

25-26 

S17192 




15 12 

15 06 


S17193 




14 25 

16 22 


S17194 




13 17 

17 14 


S17195 




12 12 

18 06 


S21803 

0 004 

0 002 

0.002 

7 53 

31 06 


S21804 




7 33 

32 19 

27-28 

S21805 




7 07 

33 21 


S21806 




6.76 

34 26 


S21807 




6 63 

35 09 


S21816 




10 03 

40 00 


S21817 




9 87 

40 87 


S21818 




9 55 

41 89 

29-30 

S21819 




9.31 

43 20 


S21820 




9.14 

44 10 


S21821 




8 79 

45 16 


S21822 




8 59 

45 94 


S21832 




13 19 

51 00 


S21833 




12.84 

52 01 


S21834 




12 59 

52.91 


S21835 




12 29 

54 00 

31-32 

S21836 




12.08 

54 84 


S21837 




11 83 

56 05 


S21838 




11 51 

56 94 


S21839 




11 31 

57 88 


S21840 

0 003 

0 003 

0 002 

10 95 

59.10 


S16365 




34.09 



S16366 




35.57 



S16367 




37.12 



S16368 




38 65 



S17538 

0 006 

0.011 

0 007 

34 49 



S17639 




34 80 



S17540 




35 31 


33-34 

S17541 




35 37 



S17542 




35.73 



S17543 




35.75 



S17544 




36.34 



S17545 




36 45 



S17546 




36.82 



S17547 




36 92 



817548 

0 006 

0.011 

0.006 

37.13 



S17583 

0 006 

0.011 

0 006 

34 96 

4 19 


S17584 




33 95 

8 37 


S17585 




33 15 

12.48 


S17586 




32.15 

16.57 


S17587 




30.90 


35-36 

S17588 




29.99 



1 S17589 





29.18 


S17590 




27 95 

33.41 


S17591 




25.07 

45.68 


S17592 

0 003 

0 007 

0.003 

21.78 

58.25 


S17593 




18.81 

71.20 


S17594 




15.65 

84.35 Bydiff 


continuous diffraction circles. Usually unfiltered copper radiation 
was used. 


Investigations op Binary Systems 

Binary Aluminum-zinc System 

The portion of the aluminum-zinc diagram that is directly concerned 
with the present investigation has been previously determined 10 . It is 
reproduced in Fig. 3. 
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Binary Aluminum-magnesium System 

Since previous investigators do not agree on the composition of the 
aluminum-magnesium phase /S(Al-Mg) occurring in aluminum-rich alu- 
minum-magnesium alloys, it became a part of the present investigation 
to determine the homogeneous-phase field occupied by this constituent. 



Cast specimens of alloys, containing from approximately 34 to 37 per cent 
magnesium, were heated at 350°, 400° or 440° C. for sufficient time to 
effect equilibrium, and quenched in water. To protect the specimens 
from oxidization, they were buried in calcined alumina during the heating. 
The thermal treatments given to each of these specimens are given in 
Table 2. The results of microscopic examination of these specimens are 

Table 2. — Heat-treatments for Determination of P (Al-Mg) Phase Limits 

Group No. Section 33-34 

1 47 hi. at 400° C., cooled to 300° C., held 21 hr., heated to 350° C., held 

165 hr. and quenched in cold water. 

2 120 hr. at 400° C. and quenched in cold water. 

3 72 hr. at 440° C. and quenched in cold water. 

shown in Fig. 4. The solid solubility of magnesium in aluminum has 
been determined by previous investigators and is shown in Fig. 5. 

Binary Magnesium-zinc System 

The equilibri um diagram for the binary magnesium-zinc system 
t ak en from data in the literature is reproduced in Fig. 6 . 

Phases and Phase Fields in Aluminum Comer of Aluminum- 
magnesium-zinc System 

Since it has been reported that the section 0 (Al-Mg) - 0 (Mg-Zn) is a 
binary system 20 , and since no other binary system or ternary compound 
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M/teNMIUM, WEIGHT PER CENT. 

Fig. 4. 


MAGNESIUM, WEIGHT PER CENT. 

Fig. 5. 


Fig. 4. — Aluminum-magnesium diagram. Homogeneity range op £(Al-Mg). 
For legenda see Fig. 7. 

Fig. 5.— Aluminum-magnesium diagram. Solid solubility op magnesium in 

ALUMINUM. 



Fig. 6.— Magnesium-zinc diagram: constructed prom data in the literature. 
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has been reported between this line and the aluminum comer of the dia- 
gram, it seemed that the phases occurring in the aluminum comer of the 
system could be identified by a study of the phases occurring along the 
binary line p ( Al-Mg)-/S (Mg-Zn) . Consequently, the alloys of section 
35-36 in Fig. 2 were prepared. These alloys were all examined micro- 
scopically after annealing at various temperatures, as shown in Table 3. 



WEIGHT PER CENT. 

Fig. 7. — Diagram op section 35-36. 

Legenda: 

— (Al) 

0 £(A1-Mg) 

\ a(Al-Mg-Zn) 

0 /3 (Mg-Zn) 

X Other phases 

© Electrical resistivity determination. 

The phases determined in this way were also checked by X-ray diffraction 
analysis of selected samples. The section so determined is shown in 
Fig. 7. The presence of (Al) in two of the phase fields makes it very 
doubtful that this is a binary section. Nevertheless, this section serves 
the purpose of showing the phases that occur in the al umi n um comer of 
the diagram between the aluminum-magnesium binary line and the 
(Al)-0(Mg-Zn) line. The phase fields in order (reading from the binary 
aluminum-magnesium line) are as follows: the first field contains (Al) 
and 0(A1-Mg); the next field contains (Al), 0(A1-Mg) and a(Al-Mg-Zn); 
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the next phase field contains (Al) and a(Al-Mg-Zn) ; the next field contains 
(Al), a(Al-Mg-Zn) and /S(Mg-Zn); the last phase field contains (Al) 
and /S(Mg-Zn). 

Obviously the study of the section /3 ( Al-Mg) -0 (Mg-Zn) gives no 
information concerning the phases in the aluminum corner of the system 
between the sections (Al)-/8 (Mg-Zn), and (Al)-(Zn). In order to identify 
the phases in this region, two samples, Nos. 13928 (0.42 Mg, 13.9 Zn) 
and 13930 (0.72 Mg, 14.8 Zn) were subjected to X-ray diffraction analy- 
sis. These specimens were given a solution heat-treatment at 425° C., 

Table 3. — Heat-treatments for Determination of Phases and Phase-field 
Limits on Section 35-36 

Gbotjp No. Heat-tbeatment 

1 120 hr. at 425° C., air-cooled, 522 hr. at 200° C. and quenched in cold water. 

2 120 hr. at 425° C., air-cooled, 353 hr. at 250° C. and quenched in cold water. 

3 120 hr. at 425° C., air-cooled, 167 hr. at 300° C. and quenched in cold water. 

4 47 hr. at 400° C., 21 hr. at 300° C., 165 hr. at 350° C. and quenched in cold 

water. 

5 120 hr. at 400° C. and quenched in cold water. 

6 72 hr. at 440° C. and quenched in cold water. 

quenched, cold-rolled and then aged at 200° C. The X-ray diffraction 
pattern of both of these samples revealed the phases (Al), £(Mg-Zn) and 
(Zn). Since both of these samples consisted entirely of aluminum solid 
solution at 425° C., the phases p (Mg-Zn) and (Zn) obviously precipitated 
during the aging. Above the eutectoid temperature, of course, no (Zn) 
would exist in the aluminum corner. 

In the zinc comer of the diagram one would expect to find other phases 
such as 7 (Mg-Zn), previously referred to as MgZn 6 , (Zn) and (Al)'.* 
However, it was the object of this investigation to determine the aluminum 
comer of the system, and accordingly the phase fields in the zinc corner 
were not investigated. 

Determination op Phase-field Boundaries 
Boundaries of Ternary Field Containing Single Phase (AT) 

The boundaries of the (Al)-phase field have been determined by elec- 
trical conductivity and microscopic examination of the samples along 
the sections numbered as follows in Fig. 1: 1-2, 3-4, 5-6, 5-7, 5-8, 9-10, 
11-12. The heat-treatments of the specimens are listed in Table 4 and 
electrical resistivity-concentration curves for these sections are given in 
Figs. 8 to 14. The results of both electrical resistivity measurements and 
microscopic examination are given in Table 5. The sections of the equilib- 
rium diagram so determined are given in Figs. 15 to 21. 


* Since this paper was written, an article 21 on the almninum-magnesium-zinc 
system, including the zinc comer, has come to the authors 7 attention. 
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Table 4 . — Heat-treatments for Determination of (Al) -phase Limits 



Temperature 
Deg. C. 


Resistivity Specimens 

Metallographic 

Specimens 




Time to Reach 





Section 



Temperature, 

Total Time at 

Resistivity 


Quenched m 



Measurements, 

Group 

No. 

Cold Water, 


From 

To 


Temperature, 

Time after 

Time after 





Hr. 

Reaching Tern- 

Reaching Tern- 






perature, Hr. 


perature. Hr. 


Room 



48 


1 

1512 s 


200 

Room 

Quench 






Room 

■MW 

4 

17 

16 




200 

250 

2 

21 

3-20 

2 

21 

1-2 

260 


2 

22 

4-21 

3 

22 

300 


2 

4 

4 

4 

4 


350 


4 

14 

13 

5 

14 


400 

440 

2 

4 

4 

6 

4 


Room 



70 


1 

315° 


200 

Room 

Quench 






Room 

mmm 

4 

135 

113-134 



3-4 

200 

250 

4 

44 

22-43 

2 

44 

250 

mmm 

2 

22 

4-21 

3 

22 


300 

350 

2 

22 

4-21 

4 

22 


350 


2 

22 

4-21 

5 

22 


400 

440 

2 

22 

4-21 

6 

22 


Room 


Quench 

122 


1 

624 s 


200 

Room 


39-63-111 




Room 


112 




200 

250 

4 

42 

1-18-42 

2 

42 

5-6 

250 

K>[il 

4 

21 

2-21 



300 

350 

4 

45 

1-20-43 


43 


350 


4 

43 

20-42 

3 


400 

430 

3 

24 

2-22 

4 

24 


430 

450 

2 

167 

18-144-167 

5 

167 


450 

350 

4 

137 

16-39-67-136 

6 

137 


Room 

200 


68 


1 

2735 s 


200 

Room 

Quench 

39 

15-38 




Room 

200 

4 


91 

5-7 

2 00 

250 

3 

91 

2-19-90 

2 


250 

■nl 

3 

21 

2-20 

3 

21 


300 

350 

3 

20 

2-20 

4 

20 


350 

■ HI 

2 

22 , 

4-22 

5 

22 


400 

440 

2 

23 

4-23 

6 

23 


Room 



43 


1 

2352 s 


Room 

158 

6 

19-67 




158 

wTiiw 

4 

68 ! 

2 

21 

5-8 

200 

250 

3 

21 


250 

KISH 

3 

20 


3 

20 


300 

350 

2 

22 

4-22 

4 

22 


350 

■fjn 

2 

22 

3-22 

5 

22 


400 

■gw 

2 

22 

3-22 

6 

22 


Room 


Quench 

408 j 


■ ■ 

3648 s 


200 

Room 

88 

64-88 




Room 


8 


21 


200 

250 

4 

21 

2-20 


9-10 

250 

mxm 

3 

20 

2-19 


20 

300 

350 

2 

26 

4-26 


26 


350 


3 

66 

18-65 

5 

66 


400 

430 

3 


2-22-92 

6 

93 


430 


3 

69 

2-22-67 




Room 


Quenoh 

74 



2040 s 


200 

Room 

HI 

42 

2- 19 

3- 20 



11-12 

Room 

200 

250 

Ei9 

3 

3 

3 

H 

20 

21 


300 

350 

■r kTH 

2 

3 

■1 - 

4-21 

3-20 

Bfl 

22 

21 


400 

440 

2 

22 

4-21 

6 

22 


a Group No. I ot tne metanograpmo Bpetameuo 
each. alloy group were subjected consecutively to the treatments in the order indicated. 












90 EQUILIBRIUM RELATIONS IN ALLOTS OF HIGH PURITY 

In addition to the above, chill-cast alloys along additional sections 
were used for microscopic examination only. These sections are indicated 


Table 5. — The (Al)-phase Limits 




From Electrical ResiBtivity-concen- 
tration Curves 

From Microscopic Examination 
Limit Between 

Seotion 

Temper- 
ature 
Deg. C. 

Atomic Per Cent 

Weight Per Cent 

Weight Per Cent 

Weight Per Cent 



Mg 

Zn 

Mg 

Zn 

Mg 

Zn 

Mg 

Zn 


200 

0.04 

5 08 

0 03 

11.50 

0 

11 62 

0.20 

12.30 


250 

0 06 

5 12 


11 60 

0 

11.62 

0 20 

12 30 

1-2 

300 

0 16 

5 32 

B9 

12 00 

0 

11 62 

0 20 

12 30 


350 

0 40 

5 80 

0 33 

13 00 

0.20 

12.30 

0 36 

13 18 


400 



0 78 

15.20 

0 72 

14 80 

0 91 

15 72 


410 





1.07 

16 35 

1.43 

18 74 


200 

0.15 

1 50 

0 13 

3.56 


2.87 

0 25 

4 31 


250 

BE1 

1 70 

0 22 

4.02 


2 87 

0 25 

4.31 

3-4 

300 


2 20 

0 44 

5.17 

0.25 

4.31 

0 56 

5 85 


350 


3.10 

0 82 

7.19 

0.56 

5.85 

0 82 

7 39 


400 

1.60 

4 40 

1.36 

10 04 

MEm 

8 95 

1 41 

10 37 


440 

■ 

5.80 

1 92 

13 00 

1.67 

11 83 

1.92 

13.46 


200 

1 


0 21 

1.13 

0.16 

0 96 

0.32 

1 96 


250 

0 47 


0.42 

2.22 

0.32 

1 96 

0.62 

3.86 


300 

0.80 

■ 

HlrZ’D 

3.79 





5-6 

350 

1 30 

2 60 

1.13 

6.08 

0.96 

5 87 

1 42 

7 51 


400 

1.97 

3 93 

1.68 

9.03 

1.42 

7.51 

1.75 

9.53 


430 

2 45 

4 90 

E_ 

11 11 

1.75 

9.53 

2.26 

11.62 


450 

2.80 

5 60 

2 34 

12.59 

2.26 

11.62 

2.59 

13 55 


200 

0.32 

Da 

0 29 

0.78 



0.46 

1.27 


250 


Da 

0.58 

1 56 

0 46 

1.27 

0 92 

2 55 

5-7 

300 

1.12 

1.12 


2 68 

113 

2 55 

1 44 

3 83 


350 

1 85 

1 85 

1 63 

4.37 

1.44 

3.83 

1.84 

5.04 


400 

2 80 

2.80 

2.43 

6.54 

2 27 

6 13 

2.77 

7 60 


440 

3 75 

3.75 

3.22 

8.65 

2 77 

7.60 

3.61 

9.60 


200 

0 47 


0.42 

0.56 



0.78 

1.03 


250 

0.93 


0.83 

1.13 

0.78 

1 03 

1 52 

2.09 

5-8 

300 

1 60 


1.43 

1.92 

0.78 

1.03 

1.52 

2.09 


350 

mmm 


2 30 

3.10 

1.52 

2.09 

2 39 

3 18 


400 

3 93 

1.97 

3.46 

4 66 

3.15 

4.21 

3.92 

5.20 


440 

5 27 

2.63 

4.60 

6.17 

3 92 

5 20 

4.77 

6.37 


200 





2.75 


3.02 

0.51 


250 

3.21 

0.13 

E EB 

0 32 

2 75 


3.02 

0.51 

9-10 

300 

3.35 

0.40 

3.01 

MEM 

3.02 

0.51 

3.10 

2.01 


350 

3.62 

0.93 

3 23 

2 23 

3.10 

2.01 

3.34 

3.00 


400 


1 87 

3 59 

4.43 

3.63 

4.07 

3.79 

5.02 



4.48 

2.67 

3 91 

6 25 

3 88 

6.14 

4.10 

7.24 



6.58 


5.92 

1.14 

5.98 

0.73 

5.96 

1.47 

11-12 


6 79 

1 


2.80 

5 98 

2.11 

6.06 

2.83 



7.05 

2.00 

6.22 

4.74 

6 24 

4.27 

6.25 

4.88 


on Fig. 1, with the numbers: 13-14, 15-16, 17-18 and 19-20. The ther- 
mal treatments of these specimens are given in Table 6. The results of 
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Table 6. — Heat-treatments for Determination of ( Al) -phase Limits 




Heat-treatment 

1 


64 hr. at 200° C. quenched, slowly heated to 400° C., held 24 hr. 
and quenched in cold water. 

2 

13-14 

64 hr. at 200° C. quenched, slowly heated to 420° C., held 20 hr. 
and quenched in cold water. 

3 


64 hr. at 200° C. quenched, slowly heated to 440° C., held 21 hr. 
and quenched in cold water. 

1 

15-16 

17-18 

19-20 

120 hr. at 440° C. and quenched in cold water. 

2 

15-16 

4 hr. at 425° C., rapidly cooled to 250° C., held 2 hr., rapidly 


17-18 

heated to 400° C., held 88 hr. and quenched in cold water. 

3 

15-16 

44 hr. at 400° C., cooled to 350° C., held 116 hr. and quenched in 
cold water. 


Table 7. — The ( Al)-phase Limits 




From Microacor 
Limit £ 

lie Examination 
between 


Temperature, Deg. C. 

Section 

Weight Per Cent 

Weight Per Cent 



Mg 

Zn 

Mg 

Zn 

400 


10.10 

1.04 

10.19 

1.42 

420 

13-14 

9.98 

1.79 

9.94 

2.16 

440 


10.08 

2.51 

9.97 

2.93 

350 


8.19 

0.56 

8 25 

0.55 

'400 

15-16 

11.32 

0.50 

11.50 

0.49 

440 


13.67 

0.46 

14.70 

0.43 

400 

17-18 

10.56 

1 00 

10.87 

1.00 

440 


13.30 

0.94 

13.56 

0.90 

440 

19-20 

12.27 

1.55 

12.68 

1 59 


the examination are given in Table 7. The sections of the equilibrium 
diagram are shown in Figs. 22 to 24. 


Boundaries of Phase Field Containing {AT), ft{Al-Mg) and a{AT-Mg-Zri) 

The boundaries of this phase field were determined by microscopic 
examination of chill-cast samples along three sections: 21-22, 23-24 and 
25-26 shown in Fig. 2. The thermal treatments of these alloys are given 
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Figs. 8-11. — Electrical resistivity-concentration curves. 
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ATOMIC PER CENT. ATOMIC PER CENT. ATOMIC PER CENT. 

Pig. 12, Section. 6-8. Pig. 13, Section 9-10. Fig. 14, Section 11-12. 

Figs. 12-14. — Electrical resistivity-concentration curves. 
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Figs. 15-18. — Sections op equilibrium diagram. 
For legenda see Fig . 7. 
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Figs. 19-22, — Sections of equilibrium diagram. 
For legenda see Fig. 7. 
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Figs. 23-26. — Sections or equilibrium diagram. 
For legenda see Fig. 7. 
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in Table 8. The results of the examination are given in Table 9, and the 
sections of the equilibrium diagram in Figs. 25 to 27. 

Table 8. — Heat-treatments for Determination of Limits of Field Containing 
(Al), fi(Al-Mg) and a(Al-Hg-Zn) 

Group No. Allots of Sections 21-22, 23-24 and 25-2G 

1 120 hr. at 425° C., air-cooled, 522 hr. at 200° C. and quenched in cold water. 

2 120 hr. at 425° C., air-cooled, 353 hr. at 250° C. and quenched in cold water. 

3 120 hr. at 425° C., air-cooled, 167 hr. at 300° C. and quenched in cold water. 

4 18 hr. at 350° C., 22 hr. at 300° C., 22 hr. at 350° C., 22 hr. at 300° C., 46 hr. 

at 350° C., 22 hr. at 300° C., 190 hr. at 350° C. and quenched in cold 
water. 

5 18 hr. at 400° C., 22 hr. at 350° C., 22 hr. at 400° C., 22 hr. at 350° C. t 

94 hr. at 400° C. and quenched in cold water. 

6 72 hr. at 440° C. and quenched in cold water. 

Table 9. — Limits of Field Containing (Al), fi(Al-Mg) and a(Al-Mg-Zri) 


From Microscopic Examination 


Temperature, 
Deg. C. 

Section 

Limit Between 

Limit Between 

W eight 

Per Cent 

Weight 

Per Cent 

Weight 

Per Cent 

Weight 

Per Cent 

Mg 

Zn 

Mg 

Zn 

Mg 

Zn 

Mg 

Zn 

200 


16 17 

4 01 

15.09 

4 96 

11.03 

8.88 

10.13 

10.01 

250 


16.17 

4 01 

15.09 

4.96 

12 17 

8.05 


8.88 

300 

21-22 

16.17 

KK- 1 

15 09 

4.96 

13 25 

7.06 

12.17 

8.05 

350 


16 17 

Bjojpl 

15.09 

4 96 

13.25 

7.06 

12.17 

8.05 

400 


17.24 


15.09 

4.96 

14.27 

6.02 

13.25 

7.06 

440 


17.24 


16.17 

4.01 

16.17 

4.01 


4.96 

200 


20.28 

5.02 

19.22 

6.01 


12.13 

12.12 

13.11 

250 


20.28 

5.02 

19.22 

6.01 

14.16 


13.16 

12.13 

300 

23-24 



19.22 

6.01 


EE 3 

14.16 

11.09 

350 




18.23 

7.05 

16 27 

9 09 

15.20 

10.05 

400 




19.22 

6.01 

17.31 

8.04 

16.27 

9.09 

440 



5.02 

19.22 

6.01 

18 23 

7.05 

17.31 

8.04 

; 

HI 


23.19 


22.24 

7.97 

15.12 

15.06 

14.25 

16.22 

250 1 


23.19 

7.97 

22.24 

7.97 

16.13 

14.11 

15.12 

15.06 


25-26 

23.19 

7.97 

22.24 

7.97 

17.24 

12.96 

16.13 

14.11 

350 


23.19 

7.97 

22.24 

7.97 

18.24 

11.97 

17.24 

12.96 



23.19 

7 97 

22.24 

7.97 

19.18 

10.93 

18.24 

11.97 

440 


23.19 

7.97 

22.24 

7.97 

21.33 

8.98 

20.25 

10.02 


Boundaries of Phase Field Containing Phases (Al), a(AlrMg-Zn ) and 

l 3(Mg-Zn) 

The boundaries of this phase field were determined by microscopic 
examination of chill-cast samples along three sections: 27-28, 29-30 and 
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Figs. 27-30,—Sbctions of equilibeittm diageam. 
For legenda see Fig. 7, 







■WILLIAM L. FINK AND L. A. WILLEY 


Table 10. — Heat-treatments for Determination of Limits of Field Containing 
(. Al ), a(Al-Mg-Zn) and $(Mg-Zn) 

Gboup No. Allots op Sections 27 - 28 , 29-30 and 31-32 

1 120 hr. at 400° C., air-cooled, 359 hr. at 200° C. and quenched in cold water. 

2 120 hr. at 400° C., air-cooled, 359 hr. at 200° C., quenched, 336 hr. at 250° C. 

and quenched in cold water. 

3 120 hr. at 400° C., air-cooled, 192 hr. at 200° C., air-cooled, 288 hr. at 

300° C. and quenched in cold water. 

4 120 hr. at 400° C., air-cooled, 359 hr. at 200° C., quenched, 240 hr. at 350° C. 

and quenched in cold water. 

5 120 hr. at 400° C., air-cooled, 192 hr. at 400° C. and quenched in cold water. 

6 120 hr. at 400° C., air-cooled, 144 hr. at 200° C., air-cooled, 144 hr. at 

440° C., and quenched in cold water. 

Table 11 . — Limits of Field Containing {AT), a(Al-Mg-Zri) and fi(Mg-Zri) 


From Microscopic Examination 


Temperature, 
Deg. C. 

Section 

Limit Between 

Limit Between 

Weight 

Per Cent 

Weight 

Per Cent 

Weight 

Per Cent 

Weight 

Per Cent 

Mg 

Zn 

Mg 

Zn 

Mg 

Zn 

Mg 

Zn 

200 


7.53 

31.06 

7.33 

32.19 





250 


7 53 


7 33 

; 2 

6.76 

34.26 

6.63 


300 

27-28 

7.53 

j§y|RH 

7.33 


6 76 

34.26 

6.63 

35.09 

350 


7.53 

31 06 

7.33 


6 76 

34.26 

6.63 

35.09 

400 


7.33 



jQ 





200 




9.87 

9 

9.14 


8.79 

45.16 

250 




9.87 


9.14 

44 10 

8.79 

45.16 

300 

29-30 



9.87 

9 

9.14 

44.10 

8.79 

45.16 

350 




9.87 

40 87 

9.14 

44.10 

8.79 

45.16 

400 


9.87 

40.87 

9.55 

41.89 

9.14 

44.10 

8.79 

45.16 

200 


13.19 


12.59 

52.91 

11.83 

56.05 

11.51 

56.94 

250 


13.19 


12.84 

* 

11 83 

56 05 

11.51 

56.94 

300 


13.19 


12.84 

' jj| . 

11.83 

56 05 

11.51 

56.94 

350 


13.19 


12.84 


11 83 

56.05 

11.51 

56.94 

400 


12.84 

52.01 

12.59 

52.91 

11.83 

56.05 


56.94 

440 


12.29 

54.00 

12.08 

54.84 

11.51 

56.94 

11.31 

57.88 


31-32 as shown in Fig. 2. The thermal treatments of these alloys are 
given in Table 10. The results of this examination are given in Table 11, 
and the sections of the equilibrium diagram so determined are given in 
Figs. 28-30. 

Charactebibtics of Phases 

Etching Characteristics . — Table 12 shows the reaction of each phase to 
the usual etches (1-6) and two special etches that were used in this investi- 
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gation (7 and 8). The etching characteristics of some of the phases 
change with composition. Typical photomicrographs (Figs. 31 to 40 J are 



Fig. 31. — Alloy op 66 . 95 per cent magnesium, 8.37 per cent zinc (S 17584-2 — 

A9919D). X 500. 

Specimen heat-treated 120 hr. at 400° C. and quenched. Shows a single-phase 
structure. Zinc is in solid solution in /S(Al-Mg). Etched with concentrated HNOj. 
Fig. 32, — Alloy of 32.15 per cent magnesium, 16.57 per cent zinc (Si 7586-2— 

A9920D). X 500. 

Specimens heat-treated 120 hr. at 400° C. and quenched. Shows particles of 
a(Al-Mg-Zn) in 0(A1-Mg). Etched with concentrated HN0 3 . 

Fig. 33. — Alloy op 29.99 per cent magnesium, 25.04 per cent zinc (Si 7588-2 — 

A9921D). X 500. 

Specimen heat-treated 120 hr. at 400° C. and quenched. Shows small particles of 
(Al) in a(Al-Mg-Zn). Etched with concentrated HN0 3 . 

Fig. 34.— Alloy op 18.81 per cent magnesium, 71.20 per cent zinc (S17593-2— 

A14298D). X 500. 

Specimen heat-treated 120 hr. at 400° C. and quenched. Shows particles of 
jS(Mg-Zn) in a(Al-Mg-Zn) matrix. Etched with 1 per cent HjjSOi and 0.1 per cent 
H2SO4 solution saturated with H 2 S. 


given to illustrate the structures in the various phase fields and the use of 
etches 7 or 8 to distinguish between the coexisting phases 0(A1-Mg) and 
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a(Al-Mg-Zn), or a(Al-Mg-Zn) and /3(Mg-Zn) respectively. The loca- 
tions of samples used for Figs. 31 to 40 are shown in Fig. 41. The num- 
bers on the diagram refer to the corresponding figure number. 

X-ray Patterns . — The Debye-Scherrer patterns of |8(A1-Mg), 
a(Al-Mg-Zn) and fi(Mg-Zn) are shown in Fig. 42. These patterns, 



Fig. 35. Fig. 36. 

Fig. 35. — Alloy of 23.19 per cent magnesium, 7.0 per cent zinc (S17184-2 — 

A9912D). X 500. 

Specimen heat-treated 18 hr. at 400° C., 22 hr. at 350° C., 22 hr. at 400° C., 22 hr. 
at 350° C., 94 hr. at 400° C. and quenched. Shows /8(A1-Mg) (dark) and (Al) (light). 
Etched with concentrated HNO s . 

Fig. 36. — Alloy of 20.25 per cent magnesium, 10.02 per cent zinc (S17187-2 — 

A9914D). X 500. 

Specimen heat-treated 18 hr. at 400° C., 22 hr. at 350° C., 22 hr. at 400° C., 22 hr. 
at 350° C., 94 hr. at 400° C. and quenched. Shows (Al) (light), a(Al-Mg-Zn) (gray) 
and j8(Al-Mg) (dark). Etched with concentrated HNO3. 

together with the well-known patterns of (Al) and (Zn), were used as the 
primary identification of the phases in the various phase fields. 


Discussion of Results 

Probably the best way to visualize the results of this investigation is to 
construct isothermal sections of the ternary system. A section of the 
diagram at 440° C. constructed from the results given above is shown in 
Fig. 43. The phase boundaries shown by solid lines are those definitely 
determined by the above data. The phase boundaries indicated by dotted 
lines have been only approximately located by these data. 

The corresponding section at 200° C. is shown in Fig. 44. A compari- 
son of this figure with Fig. 43 shows the way in which phase boundaries 
change with temperature between 440° and 200° C. 

Since the principal object of this investigation was to determine 
equilibrium relations in the aluminum comer of the aluminum-magnesium- 
zinc system, the results from aluminum = 100 per cent to aluminum = 
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Fig. 37. — Alloy of 18.24 per cent magnesium, 11.97 per cent zinc (S17189-2— 

A9916DJ. X 500. 

Specimen heat-treated 18 hr. at 400° C., 22 hr. at 350° C., 22 hr. at 400° C., 22 hr. 
at 350° C., 94 hr. at 400° C., and quenched. Shows (Al) (light) and a(Al-Mg-Zn) 

M . Etched with concentrated HNOa. 

8 . — Alloy of 9.87 per cent magnesium, 40.87 per cent zinc (S21817— 400 — 
A13333D). X 500. 

Specimen heat-treated 312 hr. at 400° C. and quenched. Shows (Al) (light) and 
a(Al-Mg-Zn) (dark). Etched with 1 per cent HsSO* and 0.1 per cent H 2 SO 4 solution 
saturated with H*S. 

Fig. 39. — Alloy of 9.31 per cent magnesium, 43.20 per cent zinc (S2 181 9-400 — 

A13334D). X 500. 

Specimen heat-treated 312 hr. at 400° C. and quenched. Shows (Al) (light), 
a(Al-Mg-Zn) (dark) and j3(Mg-Zn) (gray). Etched with 1 per cent H2SO4 and 0.1 per 
cent H2SO4 solution saturated with H2S. 

Ftg. 40. — Alloy of 8.79 per cent magnesium, 45.16 per cent zinc (S21821-400 — 

A13335D). X 500. 

Specimen heat-treated 312 hr. at 400° C. and quenched. Shows (Al) (light) and 
0 (Mg-Zn) (gray). Etched with 1 per cent H2SO4 and 0.1 per cent H2SO4 solution 
saturated with HsS. 
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ZINC, WEIGHT PER CENT, 

Fig. 41. — Section of diagram at 400° C. 

Shows locations of samples useil for the preparation of Figs. 31 to 40 inclusive. 



Fig. 42. — Dbbye-Scuerrer patterns op 0(Al-Mg), a^L-Ma-ZN) and 0(Mg-Zn). 



0 (0 20 30 40 30 60 70 60 90 100 

ZINC. WEIGHT PER CENT 

Fig. 43. — Equilibrium relations at 440° C. in aluminum- magnesium-zinc system. 
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80 per cent are presented in the form of six isothermal sections. Figs. 45 to 
50. These six figures summarize the principal results of this investiga- 
tion — the equilibrium relations in the aluminum corner of the dia gram 
from 200° to 440° C. 



0 10 20 30 40 50 60 70 SO 90 U0 

ZINC, WEIGHT PER CENT. 

Fig. 44 — Equilibrium relations at 200° C. in aluminum-magnesium-zinc system. 



0 2 4 6 a 10 12 14 16 16 20 

Z INC, WEIGHT PER CENT, 

Fig. 45, — Equilibrium relations at 440° C. in aluminum corner of aluminum- 

magnesium-zinc system. 
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' /3(A i-MA/A 


(/H) + x(/1l’Ms-Zh) 


(f\l)+«(A\^g- Zn)+/3(Mg-Zn)_ 


ZINC, WEIGHT PER CENT. 

Fig. 46. — Equilibrium relations at 400° C. in aluminum corner of aluminum 

MAGNESIUM-ZINC SYSTEM. 


T y\ 

r /^fyn-zni) ' 


[A\) + *(A\-Mg-Zn) 


(Al) + «{/U-M0-Z»)+/3 (fy-Zn) 


0») +/3fNI--Zn) 


0 2 4 6 8 10 12 14 16 IB 21 

ZINC , WEIGHT PER CENT. 

Fig. 47. — Equilibrium relations at 360° C. in aluminum corner of aluminum- 

MAGNESIUM-ZINC SYSTEM. 
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ZINC, WEIGHT PER CENT. 

Fig. 48. — Equilibrium relations at 300° C. in aluminum corner op aluminum- 

magnesium-zinc SYSTEM. 



0 2 4 6 8 10 12 14 . 16 18 20 

ZINC r WEIGHT PER CENT. 

Fig. 49. — Equ ilib rium relations at 250° C. in aluminum corner op aluminum- 

magnesium-zinc SYSTEM. 
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Mr. H. V. Churchill, under whoso direction the chemical analyst's 
were made. 



Fig. 50. — Equilibrium relations at l00° (\ in alumiNi m corner < v alumnum- 

MAONESIUM-ZINC SYSTEM. 
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DISCUSSION 

(0. W. Ellis presiding) 

G. Edmunds,* Palmerton, Pa. — A statement was made that with certain of the 
alloys that were workable, the rich aluminum alloys, the procedure was to cast and 
then to roll the alloys. I should like to know whether any of the alloys in the inter- 
mediate fields are workable, because I think it is of general interest to know whether 
there are workable alloys in the fields where two or more different microscopic con- 
stituents are observed. Of course, most of our common alloys are solid solution 
alloys, with a few very important exceptions. 

The other point that I wish to bring out is to ask the authors whether they have 
attempted, as did Dr. Fink and Miss Freche two or three years ago, in working with 
binary alloys, to apply the thermodynamic methods of analyzing the solubility rela- 
tions that they have found. 

W. L. Fink. — In regard to the range of workability, I think the first two figures 
will assist in the explanation. In Fig. 1 the portion of the section below about 11 per 
cent magnesium represents workable alloys ; i.e., alloys that can be rolled. Most of the 
alloys in the upper portion of this section of the diagram are very difficult to roll 
(i.e., alloys containing more than about 11 per cent magnesium) and we usually use 
them m the cast form. In the portion of the diagram shown in Fig. 2, all the alloys 
were used in the cast form. It might have been possible to roll some of the alloys with 
lowest magnesium contents under section 21-22, but considerable difficulty would have 
been encountered. 

A great deal of work was done with a number of etches, from two points of view. 
First, we were trying to build up information on the etching of various phases with 
certain standard etches. This will permit the identification of phases by running a 
series of etches much as one would run a qualitative chemical analysis. Mr. Dix 

* Investigator, Research Division, New Jersey Zinc Co. 
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and Mr. Keith 1 started this work several years ago, and Mr. Keller and Mr. Wilcox 8 
have made a further contribution. As we work on the various new systems, we deter- 
mine the action of these same etching reagents. 

The second portion of the etching studies was conducted to develop new etches to 
differentiate coexisting phases in this particular system. One of the best of these was 
a double etch. The specimen was first immersed for a short time, about 3 sec., in a 
1 per cent sulphuric acid solution, then immersed again for GO sec. m a solution contain- 
ing 0.1 per cent sulphuric acid saturated with hydrogen sulphide. I do not know why 
that etch works, but it docs. Table 12 gives the etching characteristics of the various 
constituents in the different phase fields, and directs attention to one of the difficulties 
encountered in using an etching method for the identification of phases. Sometimes 
the effect of the etch is altered by the presence of other phases. This is one reason 
why we used X-ray diffraction patterns for initial positive identification and then 
determined the etching characteristics. 

In regard to the correlation between electrical-conductivity measurements and 
microscopic observation, there were two or three points m the diagram where there 
was some question, but it always involved a sample very close to a phase boundary. 
I would say that the correlation was as good as could be expected. In the paper itself 
the curve is drawn through the points shown by breaks in the electrical-resistivity 
concentration curves, and the results of the microscopic examinations are indicated 
for each sample, so that one can follow through sample by sample and see bow good 
the correlation is. 

There is a considerable variation in the time required for reaching equilibrium. 
Ordinarily with sheet specimens that previously have reached equilibrium at a lower 
temperature, equilibrium is obtained rapidly — usually in a few hours; certainly within 
two or three days. Approach to equilibrium can bo followed readily. That is one 
of the advantages of the electrical-conductivity method. The electrical conductivity 
of all of the specimens can be measured, the specimens can be left in the furnace for 
another day then measured again. Only a short time is required to measure the 
whole group. Measurements can be continued at the same temperature until no 
further change occurs. For cast specimens, a much longer time is required to obtain 
equilibrium. In some tests we have left samples in the furnace for weeks. 

I believe that electrical-conductivity measurements at temperature arc destined 
to be used more and more. It is such a convenient method and so much information 
can be obtained in a relatively short time. In studying ternary systems, where one 
deals with so many specimens for each section, and so many sections, something must 
be done to decrease the time required for the investigation. The preparation of the 
samples so that equilibrium can be obtained in a short time is also important. The 
best procedure we have found is to start with cold-rolled specimens with a very fine 
structure and approach equilibrium at very low temperatures. We usually do this 
by cold-rolling the samples, putting them in a bath at 200° C., and forgetting about 
them for a while. Measurements are made first at 200° C. and then at successively 
higher temperatures. The particles that precipitate at 200° C. are very fine and 
consequently go into solution readily. At higher temperatures the particles become 
larger, but this is compensated by the higher rates of solution and diffusion. If the 
procedure is reversed, the higher temperature produces large particles, and excessive 
time is required to obtain equilibrium at lower temperatures. 



Equilibrium Relations in the Nickel-tin System 

By William Mikulas,* Junior Member A.I.M.E., Lars ThomassenI- and 
Clair XJpthegroye,^ Member A.I.M.E. 

(Cleveland Meeting, October, 1936) 

Little work has been done in the field of the nickel-tin binary system. 
The complete diagram has been investigated on two occasions, but the 
results are in very poor agreement. The structure of a compound NiSn 
and the solubility of tin in nickel have been determined by X-ray methods. 
Several investigations have been made of the liquidus curve, and the 
compositions of the eutectics have been determined. A study of the 
literature, however, shows that there is no satisfactory agreement between 
the data presented in the various papers. 

The present investigation was undertaken in an attempt to determine 
the equilibrium conditions, and to correlate X-ray with metallographic 
data. The equilibrium diagram was determined by thermal and metallo- 
graphic means, and the solubility of tin in nickel further investigated 
with X-rays. Powder diagrams were made of the intermetallic com- 
pounds, and three of the structures were partly determined. No 
attempt was made to determine the range of homogeneity of the inter- 
metallic compounds. 


Review oe the Literature 

Vigoroux 1 prepared alloys of tin and nickel containing 74 and 92 per 
cent of tin. By treating these alloys with very dilute nitric acid or with 
sodium hydroxide he was able to separate residues, both of which analyzed 
66.7 per cent tin. This corresponds to the compound NiSn and was 
reported as such. 

Guillet 2 made the first investigation of the complete binary diagram 
(Fig. 1). The maximum point of the liquidus is at 43.5 per cent nickel. 
Several solid solution areas were found, and the compound NiSn was 
included on the strength of Vigoroux’s work. The investigation was 
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primarily thermal, with microscopic examination of certain of the alloys. 

Voss 3 published the diagram that is reproduced in Fig. 2. There is 
very little similarity between this diagram and that of Guillet. Voss 
found compounds of the formulas Ni 3 Sn 27 Ni*Sn, and Ni 4 Sn. The solid 
solutions, except Guillet’s alpha, are absent. 



Temp. 

°C. 

Nature of transformation 

Range of composition 
per cent nickel 

1266 

Melting point of y 

43-5 

1170 

Pcritectic: y-f liq 

47-S-58-0 (/3'=57-5) 

1150 

Eutectic: liq.?^j3'+n' 

62 -5 -95 0 (Eutectic points 64) 

910 

Polymorphic: 

57 5-9.V0 

850 

Polvmorphic* 

47-5-57-5 

790 

Pcritectic: liq.+y^NiSn 
Magnetic* a 

10 0-37 5 

351-227 

62-5-100 

230 

Eutectic* liq. 5 ±Sn + NiSn 

0 33 0 (Eutectic pointssO-1) 


The figures m italics were obtained from the diagram by measurement. 

Fig. 1. — Nickel-tin system according to Guillet 3 . 

Reproduced from Tech. Pubs., Ser. B., No 2, International Tin Research and 
Development Council. 

Oftedal 4 calculated from the powder diagram that the compound NiSn 
has a nickel arsenide structure with values for ao of 4.08A. and for Co 
5.17A. Very little description of the preparation of the alloy is given. 

Hanson, Sandford and Stevens 5 found the eutectic on the high-tin side 
of the diagram to contain 0,18 per cent nickel. They used segregation 
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methods to determine this point and also the liquidus curve for alloys 
up to 4 per cent nickel. A microscopic examination showed that the 
solubility of nickel in tin was less than 0.005 per cent. Their results are 
shown in Fig. 3. 



i) 20 40 60 .80 100 

PER CENT NICKEL 



Temp. „ Range of composition 

oq Nature of transformation p Cr ccnt nickel 



2 liquids #Ni s Sn a -Hiq. 
Pcritectic: Ni,Sn s 4-liq.^Ni 3 Sn 
Eutectic: liq.^NijSn-j-a' 
Pcritectic: Ni,Sn -f a' Ni 4 Sn 

N i jSn Ni s Sn s -f /?- N i 4 Sn 
2 liquids^Ni a Sn t -f liq. 
Magnetic: a'*±a 
Kutectic: lia.^Sn-f Ni 3 Sn, 
Magnetic: p-N^Sn^a-N^Sn 


26-45 

42*63-65 

60-85 (Eutectic point =68 *5) 
60-85 

42-63-06*5 

3-5-18 

66*5-100 

0-42 63 (Eutectic point 1-3) 
60-85 



The figures in italics were obtained from the diagram bytmeaBurement 


Fig. 2. — Nickel-tin system according to Voss 8 . 

Reproduced from Tech. Pubs., Ser. B., No 2, International Tin Research and 
Development Council. 


Fetz and Jette 8 determined the solubility of tin in nickel by means 
of X-ray methods. They found that the solubility at 1100° C. was 20 per 
cent and that it dropped to 2.5 per cent at 500° C. The excess con- 
stituent was stated to be Ni s Sn. 

For purposes of discussion, the results are considered in two parts. 
The first part, which deals primarily with the equilibrium relations found 
in the nickel-tin system, presents the procedure, results and interpretation 
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of the thermal and metallographic work; also, supporting data from the 
X-ray work in as far as they are necessary in the interpretation of the 
results. The second part presents the procedure, complete results and 
the interpretation of the X-ray studies. 

Part I. Equilibrium Relations in- the Nickel-tin System 

Procedure 

The alloys were prepared from “Chempur” tin analyzing 99.99 per 
cent tin and electrolytic nickel having a purity of 99.95 per cent (includ- 
ing 0.2 per cent cobalt). They were melted, usually in charges of 500 

grams, in an Ajax-Northrup induc- 
tion furnace. Alloys containing up 
to 43 per cent nickel (the compo- 
sition of Ni 3 Sn 2 ) were melted under 
hydrogen and poured into a cold 
graphite mold. While the alloys 
between 20 and 43 per cent nickel 
were porous because of absorbed 
hydrogen, vacuum melting could 
not be successfully used to remedy 
this condition because of the tend- 
ency for segregation of Ni 3 Sn 2 . 
The low-nickel alloys were made by 
melting a master alloy containing 
19.3 per cent nickel and adding tin. 
Alloys containing over 20 per cent 
nickel were made by melting pure 
nickel and adding the tin. 

Alloys containing from 43 to 
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Fig. 3. — High-tin eutectic accord- 
ing to Hanson, Sandford and Stevens. 

Eutectic composition, 0.18 per cent 70 per cent nickel were melted in a 
nickel; eutectic temperature, 232 C. vertical quartz-tube vacuum fur- 

Reproduced from Tech. Pubs., Ser. B., nace . For alloys over 70 per cent 
Development Council. nickel the method of melting 

reported by Fetz and Jette 6 was 
used. The nickel was given a preliminary annealing of 72 hr. at 1000° C. 
in purified hydrogen. Charges of 250 grams were melted in a 
small vacuum furnace under hydrogen. When the charge was com- 
pletely molten the chamber was evacuated with a mechanical pump, and 
when solidification was completed the vacuum was broken and the metal 
removed. The ingots were cut in two and annealed for 120 hr. at 
1000° C. in purified hydrogen. 

All of the ingots were annealed for a period of 72 hr., those containing 
less than 30 per cent nickel at 200° C, and the others at o00° C. One 
inch was discarded from the top and 3^ in* from the bottom of each of 
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the ingots cast in the graphite mold. Metallographic samples of about 
five grams were cut from the remaining portions, where possible, so as 
to give a section representative of a half section of the ingot. 

Table 1 lists the alloys prepared, their analysis and the thermal 
critical points as determined by cooling curves. 


Table 1 . — Analytical and Thermal Data 


Per Cent Ni 

Analysis, Per Cent 

Liquidus, Deg C 

1 Solidus, Deg. C. 

I Phase Change, 

1 Deg. C. 

Sn 

Ni 

0 




231-232 

j 

% 

99 5 

0 47 

390 

231 

i 

1 

99.0 

1 04 

490 

231 


2 

98 0 


590 

231 

1 

1 

3 

97 1 


680 

231 

I 

5 

95.0 


793 

230 

i 

8 

91 9 


793 



12 

88.2 





19.3 

80 7 

19 36 

930, 793 



21 

78 9 


1110, 793 



25 

75 0 


1252, 793 



27.1 

72 7 

27.22 




30 

69 8 


1254 



33 

67 1 


1252 



40 

59.8 


1252 

790, 230 


43 

57 0 

42.92 


1253 

902 

45 

55.0 


1253 

1166 


47 

53.1 


1246 

1166 

902 

55 

45 1 


1232 

1163 

904 

60 

40.0 


1220 

1163 


62.5 

37.3 


1204 

1164, 1144 

941 

65 

35.0 


1188 

1164, 1142 

940 

66.4 

33.4 

66 50 




67 5 

32.4 


1151 

1141, 1125 

940 

70 

30 0 


1153 

1124 

941 

75 

25.1 


1233 

1127 

942 

80 

19 9 


1299 

1122 

941 

82 

18.0 





84 

15.9 

83 95 




85 

15.0 


1354 



86 

14.0 




■ 

88 

12.1 




1 

90 

10.0 


1404 

1239 


92 

8.0 

92 11 



■ 

94 

6.1 




: 

95 

5.0 


1440 

1333 


96 

4.0 





98 

2.0 





100 



1453 




The annealing furnace and the method of heat-treatment followed 
the plan previously used by Rowland and Upthegrove 7 . For tempera- 
tures below 850° C. the samples were annealed in a furnace fitted with a 
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Nichrome block. The temperature was automatically maintained and 
held to a variation of ±2° C. during the annealing period. Temperature 
gradients within the furnace block were kept to less than 2° C. by means 
of a heating element within the door. For temperatures above 850° C. 
an automatically controlled Nichrome tube furnace and a manually 
controlled Globar furnace were used. The Globar was a six-element 
tube furnace and could be readily maintained at temperature for the 
short-time anneals. 

After annealing the samples were ground, polished and etched. The 
final polishing, especially of the high-tin alloys, required the use of mag- 
nesia on a silk broadcloth wheel. Etching was accomplished through the 
use of three different solutions. Alloys up to 30 per cent nickel were 
etched with a 5 per cent water solution of ferric chloride. Alloys con- 
taining 30 to 80 per cent nickel were etched by the usual acid ferric 
chloride. The high-nickel alloys were etched either with a 1 to 1 mixture 
of nitric and glacial acetic acids or electrolytically in a solution containing 
10 per cent nitric and 5 per cent acetic acids. 

The determinations of the liquidus and solidus were carried out 
according to the usual procedure except that for temperatures above 
1000° C. a vertical Globar furnace was used. Inverse-rate curves were 
obtained for 24 alloys, using a platinum-platinum rhodium thermocouple 
and a type K precision potentiometer. Samples of 150 grams were 
melted in alundum crucibles and cooled at a rate of 2° to 4° C. per 
minute. With the nickel content of the alloy over 50 per cent, it was 
necessary to introduce hydrogen just above the melt to minimize the 
tendency for the melt to react with the crucible. 

Inverse-rate thermal analyses were conducted upon 10 different 
samples to determine the temperature at which solid phase changes 
occurred. These alloys could not be machined, so specimens were cast 
in a graphite mold giving cylinders 1 in. long, % in. in diameter, with 
a hole for the thermocouple }i in. in diameter and in. deep. The 
sample and couple were enclosed in a closed-end protection tube and 
supported in a vertical electric tube furnace. The results of the thermal 
analyses are given in Table 1. 

Discussion of Previous Investigations 

Figs. 1 and 2 show that the results of the investigations carried out by 
Guillet and Voss are in almost complete disagreement. Guillet worked 
with nickel containing about 2 per cent of cobalt, iron and copper, while 
Voss reported an analysis of 1.86 per cent cobalt, 0.47 per cent iron and 
a trace of copper. Neither reported an analysis of the tin. Guillet 
combined metallographic examination with the thermal investigation. 
Voss made his alloys in a porcelain tube and used the whole ingot in the 
determination of the critical points. 
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Guillet determined metallographically the solubility of tin at room 
temperature to be about 5 per cent, while Voss placed the solubility at 
the eutectic temperature at 15 per cent. Voss’ figure was based on 
observation of the decreasing length of time required for the alloys of 
eutectic, 70, 75 and 80 per cent nickel to cool through the eutectic 
temperature. Both assumed no change in solubility with change 
in temperature. 

Guillet indicated the presence of several solid solutions, other than 
the alpha, but failed to give any satisfactory explanation for their location 
or identification. The compound NiSn as found by Vigoroux was 



Fig. 4. — Nickel-tin equilibrium determined in present investigation. 


included. Voss introduced the compounds NiaSn 2 , NisSn and NuSn, 
and failed to find any areas of solid solubility between any of them. He 
found no evidence of NiSn. NijSna formed from the liquid at 1264° C. 
and remained unchanged down to room temperature. NisSn was formed 
by a peritectic reaction at 1162° C., and in time reacted with alpha solid 
solution to from Ni 4 Sn. NisSn decomposed at 837° C. to from NigSns 
plus NisSn. Voss’ thermal data cannot be considered sufficiently accu- 
rate to justify the assumption of the decomposition of the NisSn. 

Both found a high-tin eutectic at about one per cent nickel 
and melting at 230° C. Guillet assumed that it was made up of 
tin and NiSn, while Voss considered that it was a mixture of tin and 
NisSns. 
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RBS'ults 

The nickel-tin equilibrium diagram as determined by the results of 
this investigation is shown in Fig. 4. The thermal data of Table 1 
constituted the basis for much of the form of the diagram. 



Fig. 5. — Nickel, 0.5 per cent. Tin + Ni 3 Sn 4 . X 250. 

Fig. 6. — Nickel, 1 per cent. Tin -f Ni 8 Sn 4 . X 250. 

Fig. 7. — Nickel, 8 per cent. Tin 4 - Ni 8 Sn 4 . X 250. 

Fig. 8. — Nickel, 12 per cent. Tin + Ni 8 Sn 4 . X 250. 

Starting from a composition of zero per cent nickel and 232° C., the 
liquidus rises rapidly as a smooth curve to 793° C. at about 4.5 per cent 
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nickel. There was no indication of the presence of a eutectic alloy, and 
the solidus showed no appreciable variation from the melting point of 
tin. Ni 3 Sn 4 is formed at 793° C. and for compositions between 4.5 and 



Fig. 9. — Nickel, 19 per cent. Tin + Ni*Sn 4 . X 250. 

Fig. 10. — Nickel, 27 per cent. N13SN4. X 250. 

Fig. 11. — Nickel, 33 per cent. Ni s Sn 4 + Ni s Sn*. X 100. 

Fig. 12. — Nickel, 40 per cent. NijSn 4 + Ni*Sn s . X 100. 

43 per cent nickel as the result of a peritectic reaction. In much the 
same way Ni 3 Sn 2 is formed at 1253° C. for alloys between 24 and 46 per 
cent nickel. As the nickel content passes 46 per cent the liquidus 
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temperature decreases to that of the eutectic at 1124° C. and 68.5 per 
cent nickel. 

Ni 3 Sn forms as the result of a peritectic reaction at 1164° C. between 
Ni 3 Sn 2 and the liquid phase. Ni 4 Sn then forms at 1143° C. from the 



Fig. 13. — Nickel, 47 per cent. Ni 3 Sn* + Ni 8 Sn. X 250. 

Fig. 14. — Nickel, 55 per cent. NisSns + Ni 8 Sn. X 250. 

Fia. 15. — Nickel, 60 per cent, quenched prom 1100° C. Ni 8 Sn. X 100. 

Fig. 16. — Nickel, 60 per cent, annealed at 500° C. NijSn. X 100. 

reaction between Ni 8 Sn and liquid. As the nickel content exceeds 68.5 
per cent, the liquidus gradually rises to the melting point of nickel 
at 1452° C. 
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PLUS SOLID SOLUTION. X 260. PLUS SOLID SOLUTION. X 250. NI 3 SN PLUS SOLID SOLUTION. 
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Thermal analysis of alloys containing between 5 and 43 per cent 
nickel indicated the existence of a compound Ni 8 Sn 4 at 27.1 per cent 
nickel. Figs. 5 to 10 show the increasing amounts of this compound in 
alloys having 0.5 to 27 per cent nickel, the tin constituent having com- 
pletely disappeared at 27 per cent. Fig. 11 illustrates the two-phase 
structure of the 33 per cent alloy. It was found impossible to prevent 
the breaking out of the compound in the polishing operations, particularly 
in the higher percentages of this range, as is evident from the photo- 



Fig. 20. Fig. 21. 

Fig. 20. — Nickel, 66.4 per cent, quenched from 1100° C. Ni 4 Sn. X 250. 

Fig. 21. — Nickel, 66.4 per cent, quenched from 900° C. Ni s Sn plus solid 

solution. X 250. 


micrographs. An X-ray investigation of the crystal structure of Ni 8 Sn 4 
showed it to have a complex structure, which was not determined. 

NisSn* undergoes a transformation at 902° C. Studies of X-ray 
diffraction patterns show that at temperatures below 902° C. the struc- 
ture appears hexagonal, and of the nickel-arsenide type, with one molecule 
per unit cell. Above 902° C. the structure is tetragonal with an axial 
ratio of 0.94 and containing 10 molecules per unit cell. 

Figs. 12, 13 and 14 show alloys of 40, 47 and 55 per cent nickel, after 
annealing at 500° C. Fig. 12 shows Ni 8 Sn* with a small amount of 
Ni*Sn 4 . Fig. 13 shows Ni 8 Sn* with a very small amount of Ni s Sn, while 
Fig. 14 shows increasing amounts of Ni 8 Sn. The somewhat striated 
appearance of the Ni 8 Sn 2 in Fig. 13 is apparently due to a pitting or 
breaking out of the compound, the markings developing partly during 
the etching of the alloys. 
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Figs. 15 and 16 show the alloy containing 60 per cent nickel after 
quenching from 1100° and 500° C., respectively. Examination of this 
alloy after quenching from 1100°, 1000° and 500° C., respectively, showed 
it to be composed of one phase, Ni 3 Sn. Thermal analysis also showed the 
absence of any transformation in the solid state. The structure of this 
compound was not determined. 

Figs. 17 and 18 illustrate the eutectic type of structure found in the 
annealed alloys of 70 and 80 per cent nickel. Fig. 19 represents the solid 
solution and excess constituent Ni 3 Sn of the 90 per cent alloy. 

Ni 4 Sn forms at 1142° C. and decomposes at 941° C. Its structure 
appeared to be tetragonal with two molecules per unit cell. Figs. 20 and 
21 show the 66.4 per cent nickel alloy quenched from 1100° and 900° C. 
At 1100° C. only the single phase Ni 4 Sn is shown, while at 900° C. two 
phases are present, Ni s Sn and the solid solution. 

Table 2 gives the results of the metallographic examination of a series 
of alloys from 80 to 92 per cent nickel that were subjected to annealing 
and quenching treatments to determine the solubility of tin in nickel. 


Table 2. — Results of Annealing and Quenching Experiment 


Temperature. Deg C. 

Two-phase Alloys, Per Cent Ni 

Single-phase Alloys, Per Cent Ni 

1100 

80 , 82 

84 , 86 , 88 

1000 

80 , 82 

84 , 86 , 88 

900 

82,84 

86 , 88 , 90 

800 

84 , 86 , 88 

90,92 

700 

90 

92 , 94 , 96 , 98 

500 

92 , 94 

96 , 98 

25 

92 , 94 

96 , 98 


The metallographic study of the solubility of tin in nickel was supple- 
mented by an X-ray investigation. The results of the X-ray and 
metallographic determinations are presented in Fig. 23 with the X-ray 
determinations of Jette and Fetz. 

Discussion of Results 

The solidus temperature of the high-tin alloys was found to be very 
close to the melting point of tin. Solidus-temperature determinations 
gave variations from 231° to 232° C. The same variations were obtained 
in calibrating the thermocouple used against Chempur tin. The results 
confirm the conclusions of Hanson, Sandford and Stevens that the 
addition of nickel does not lower the melting point of tin. 

In deter minin g the composition of the high-tin eutectic, a method 
similar to that of the aforementioned authors was used. Samples of the 
0.5, 1, 3, and 5 per cent nickel alloys each weighing 250 grams were 
heated to 800° C. for 24 hr., cooled to 240° C. and held for 24 hr., and 
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quenched in water. Analysis of drillings taken from the tops of the 
specimens showed the presence of only a trace of nickel, certainly less 
than 0.01 per cent, indicating that the eutectic contains practically zero 
per cent nickel. 

In the present diagram the first compound to show up on adding 
nickel to tin is Ni 3 Sn 4 . This is not in agreement with the works of 
Vigoroux 1 and Oftedal 4 on NiSn. Vigoroux treated alloys containing 
8 and 26 per cent nickel with very dilute reagents, and obtained a residue 
that corresponded to NiSn in composition. A description of the prepara- 
tion of Vigoroux's alloys could not be found, and it is possible that the 
samples may not have been in equilibrium when the chemical treatment 
was performed. Also, the presence of Ni 3 Sn 2 , which later was shown to 
exist, may have thrown off the result through its relative insolubility, 
for it was almost certain to have been present in the as-cast 26 per cent 
alloy and may have been in the other. 

Oftedal determined the crystal structure of what he claimed to be 
NiSn, as hexagonal and of the nickel arsenide type. An X-ray investi- 
gation of the compound Ni 3 Sn 2 showed, however, that the powder 
diagram of one of its forms was identical with the diagram that Oftedal 
had obtained for what he considered to be NiSn. 

Metallographic examination of alloys corresponding to Ni 3 Sn 4 and 
NiSn after annealing for 72 and 500 hr. at 200° and 500° C. showed that 
the Ni 3 Sn 4 composition had a single phase while the NiSn composition 
had two. 

Voss found neither NiSn nor Ni 3 Sn 4 . He noticed that all of the alloys 
containing up to 43 per cent nickel had a break in their cooling curves at 
230° C., thus indicating that the eutectic extended from pure tin to 
Ni 3 Sn 2 . Voss's cooling data were shown to be correct in so far as the 
breaks at 230° C. are concerned, but his interpretation is believed to be 
incorrect. If an alloy of 40 per cent nickel is cooled according to the 
usual procedure, some Ni 3 Sn 2 separates out at 1253° C. As the cooling 
continues down to 793° C., Ni 3 Sn 2 continues to separate. At this point, 
if sufficient time elapses the liquid should be entirely used up in the 
reaction with the solid. Under ordinary conditions, however, sufficient 
time is not provided and the alloy finally freezes as if the nickel content 
were under 4.5 per cent. Therefore, the breaks in the cooling curve at 
230° C. are not, in these alloys, an indication that eutectic is present under 
equilibrium conditions. This is further confirmed by the fact that alloys 
containing more nickel than required for Ni 3 Sn 4 when annealed at 500° C. 
showed no signs of a liquid phase. 

There are two ranges of alloy composition where the liquid consists of 
two immiscible phases, from 4.5 to 18 per cent nickel and from 24 to 46 per 
cent nickel. The solid separating out in the first is Ni 3 Sn 4 and in the 
second Ni 3 Sn 2 . This condition, as indicated above, contributed to 
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Voss' inability to find a compound of lower nickel content than Ni 3 Sn 2 . 
The boundaries in the liquid phases were not investigated. 

The left end of the horizontal line at 1253° C. was determined at 
24 per cent nickel by analyzing the tops of three alloys, 25, 33, and 40 
per cent nickel, which had been melted in the vacuum furnace. The 
density of the compound Ni 3 Sn 2 caused it to settle to the bottom of the 
crucible as soon as it had formed. Drillings from the tops of these ingots 
showed the following compositions: 24.3, 22.6 and 24.3 per cent nickel. 
A second sample of the 40 per cent alloy, melted as before but cooled 
very slowly by keeping a low current on until solidification started, 
showed 24.2 per cent nickel at the top and 43.0 per cent nickel at the 
bottom, the latter being the composition of Ni 3 Sn 2 . 

Voss' explanation of the decomposition of Ni 3 Sn and the formation of 
Ni 3 Sn is shown to be in error. The transformation was placed at 837° C. 
by Voss on the basis of retardations observed in alloys of 60, 55 and 
50 per cent nickel at 837°, 782° and 760° C. In the present study no 
transformation was found at these temperatures; instead, alloys of 43 
to 60 per cent nickel showed a thermal change at 902° C. corresponding 
to the transformation of the Ni s Sn 2 . Voss considered Ni 4 Sn as forming 
at 855° C. from Ni s Sn and the solid solution. Present thermal studies 
indicated that Ni^n is formed at 1143° C. from Ni 3 Sn and the liquid, 
and that it decomposes at 941° C. into Ni 3 Sn and the solid solution, the 
latter being confirmed by the metallographie examination. It may be 
assumed, therefore, that Voss' 855° C. horizontal line represented the 
decomposition of Ni 4 Sn and not Ni 3 Sn. 

Reference has been made to the solubility determinations of tin in 
nickel and the methods used by Guillet and Voss. Voss' solubility at 
the eutectic temperature is shown to be low, while Guillet's figure for 
room temperature corresponds to the value determined metallo- 
graphically at 500° C. X-ray results indicate lower solubilities at 
the lower temperatures. 

Part II. X-ray Studies of the Nickel-tin System 
Crystal Structure of the Compounds 

Preliminary to the X-ray investigation, samples of the compounds 
were carefully polished and examined under polarized light in order to 
determine whether or not any of the compounds had cubic structures. 
The evidence indicated that none of them had. 

The possibility of developing single crystals of the compounds had 
been considered but was dropped because of the experimental difficulties 
involved. Therefore, the powder method only was used and the results 
carried out as far as was reasonably possible. Samples of the alloys 
prepared as previously indicated were pulverized in an agate mortar and 
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annealed in purified hydrogen at 700° C. for 24 hr. As it was desired to 
investigate the structures of the alloy compositions corresponding to 
NijSn a and Ni*Sn at elevated temperatures, samples of these materials 
were sealed in thin-walled, evacuated quartz tubes. These were then 
heated for 2 hr., the Ni 4 Sn at 1100° C. and the Ni 3 Sn 2 at 1050° C. and 
quenched in ice water, the quartz tubes being broken when they reached 
the water. 

A Siegbahn-Hadding gas tube with an iron target was used. The rod 
made of powdered compound, NaCl and Duco cement, was mounted in 
a Debye-Scherrer type of X-ray camera having a film diameter of 
57.65 mm. The films were measured and the probable structures deter- 
mined by use of the graphical charts developed by Hull and Davey. 
The possibility of tetragonal and hexagonal lattice was investigated. 

NiaSrit. — The powder diagram of this compound was unusually faint, 
even after relatively long exposures, and many lines could barely be 
distinguished. Attempts to fit the calculations to any of the simpler 
lattices were unsuccessful, and it is fairly certain that the structure was 
not hexagonal nor tetragonal. The faintness of tho lines points toward 
the presence of a structure of low symmetry. The density of the com- 
pound is 8.78. 

NiaSrii below 902° C . — Calculations of the powder diagram indicated 
that the structure of the material that Oftedal had considered to be 
NiSn and that of Ni 3 Sn a are identical. Tho structure of NiSn had been 
found by him to be hexagonal, of the nickel-arsenide type with a = 
4.08ll., c = 5.1741., c/a = 1.268; and assuming two molecules to the 
unit cell, Oftedal had calculated a probable density of 7.915. The 
present metallographic studies proved that NiSn does not exist. Carry- 
ing out the calculations for the structure of NijSna, the results of the 
present investigation are found to be: a = 4.0921.., c = 5. 1861.., c/a — 
1.267, with a probable accuracy of 0.0051.. Assuming four atoms per 
unit cell, the probable density is 7.25. However, actual experimental 
determination of the density of Ni 3 Sn 2 shows it to be 8.99, thus verifying 
indications during the melting that the compound was heavy. The 
density calculated from the lattice dimensions, assuming one molecule 
NigSn 2 per unit cell, gives a density of 9.07. 

The assumption that a unit cell of a material having the nickel- 
arsenide structure should contain five atoms does not agree with work 
reported on such compounds as Fe 3 Sb 2 , Mn 3 Sb 2 and others having that 
structure. Oftedal determined the lattice parameters of Fe 3 Sb 2 and 
reported 8 the values a = 4.1221., c = 5.1631., c/a = 1.252. He 
assumed that the unit cells contained four atoms in an average molecular 
configuration of Fex. 2 Sbo.s, and on that basis calculated a probable 
density of 7.11. However, no experimental determination was made of 
the density. Since the ratios, of the atomic radii, as found by Gojd- 
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schmidt, of Fe/Mn and Sb/Sn in the nonionic condition are the same, it 
may be assumed that Ni 3 Sn 2 and Fe 3 Sb 2 would have the same structure 
and the empirical formula of Fei. 2 Sbo.s may be open to question. The 
lattice parameters are very similar and the observed intensities of the 
lines were in fair agreement. Table 3 gives the values used in making 
the computations. 


Table 3. — X-ray Data for Nu&n% at Room Temperature 


Observed 

Intensity 

Double Lme 
Displacement 

Double 
Angular 
Displace- 
ment, 26 

NaCl 

26 Cor- 
rection 

Sin 2 6 

n 

Calculated 
Sm* 6 

Mm 

Minus 
0.15 
Mm ° 

2 

3 58 

3 43 

34 09 


34 84 


0101 

0 08980 

4 

3 96 

3 81 

37.87 


38 63 

0 1094 

101 

0.1092 

1 

4.12 

3 97 

39.46 


40 20 




4 

5.06 

4.91 

48.79 


49.57 

0.1757 

0102 

0.1755 

4 

5.19 

5.04 

50.09 


50.86 

0.1846 

0110 

0 1838 

10 

5 61 

5 46 

54.27 


55 06 


102 

0 2135 

10 

5.75 

5 60 

55.66 


56.45 

0.2237 

110 

0.2234 

1 

5.92 

5.77 

57.34 

220a 

58.16 




3 

7.15 


69.57 


70.41 

0.3323 

201 

0.3326 

7 

7.51 

7.36 

73.15 


74.99 

0.3621 

112 

0 3624 

6 


7.65 

76.03 


76.86 

0 3863 

103 

0.3863 

9 

8.39 

8.24 

91.90 


82.74 

0.4368 

202 

0.4368 

2 

9.61 

9.46 

94.02 


94.88 

0.5425 

| 212 

0.5430 

6 

9.77 

9.62 

95.61 


96.47 

0.5562 

004 

0.5562 

3 

10.16 


99 49 

420a 

100.42 




5 

10.40 

10.25 

101.87 


102 74 

0.6103 

203 

0.6106 

4 

10.77 

10.62 

105.55 


106.43 

0.6414 

0114 

0.6406 


10 99 

10.84 

107.73 


108.61 

0.6596 

212 

0.6602 

7 

11 10 

10.95 

108.83 


109.72 

0.6687 

300 

0.6700 

1 

11.60 

11 45 

113 80 

422a 

114.66 





12.54 

12.39 

123.13 


124 04 

0.7799 

114 

0.7796 

3 

13.32 

13.17 

130 13 


131.79 

0.8332 

213 

0.8340 


sin 2 6 = 0.07445 (/i 2 + k* + hh) + 0.03476(Z 2 ) 
a = 4.0921 , c = 5.1861., c/a = 1.267. 

Density is 8.99, and number of molecules per unit cell is 0.99. 

The structure appears to be a modification of the NiAs type. 

* Divergence correction. 

NizSn 2 above 902° C . — The powder diagram indicated the presence 
of a body-centered tetragonal structure containing 10 molecules per unit 
cell. The parameters were calculated to be: a — 9.199JL, c = 8.578A., 
c/a = 0.933, with a probable accuracy of O.OOSiL The density of the 
material is 9.36. 

Attention is called to the agreement between this compound and the 
theory of Hume-Rothery on the formation of intermetallic compounds. 
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According to that theory, one of the factors affecting the structure and 
composition of intermetallic compounds is the ratio of the free valence 
electrons to the number of atoms per molecule. This rule has been 
substantiated by numerous compounds, including several with a ratio 
of 1.62. These include Cu 9 Al 4 , Cu 3 iSn 8 , CusZns, FesZnio, and many 
others, all of which have a cubic structure containing 52 or 8 X 52 = 416 
atoms per unit cell. The compound Ni 3 Sn 2 , on the other hand, has eight 
free valence electrons and five atoms to give a ratio of 1.60. The proba- 
ble structure was seen to be tetragonal with an axial ratio close to unity 
and containing 50 atoms per unit cell. The measurements and figures 
used in the computations are shown in Table 4. 


Table 4. — X-ray Data for NizSri 2 Quenched from 1050° C. 


Observed 

Intensity 

Double Line 
Displacement 

Double 
Angular 
Displace- 
ment, 20 

NaCl 



71 


Mm. 

Minus 
0.15 Mm. 

1 

3 54 

3 39 

33.69 


34.58 

0.08833 

220 

0.08840 

3 

3 95 

3.80. 

37.77 


38.67 


130 

0.1105 

1 

4.12 

3.97 

39.46 

200a 

40.20 




2 

4.47 

4.32 

42.92 


43.82 


222 

0.1392 

1 

5 05 

4.90 

48.68 


49.58 


400 

0.1763 

1 

5.17 

5.02 

49.49 


50.39 

0.1812 

£240 

0.1815 

10 

5.61 

5 46 

54.07 


55.97 


303 

0.2138 

10 

5.70 

5.55 

55.16 


56.06 


240 

0.2210 

2 

5 87 

5.72 

56.85 


57.75 


421 

0 2337 

1 

5 91 

5.76 

57.25 

220a 

58.16 




3 

6 78 

6.63 

65.90 

1 

66.80 

0.3030 

304 

0.3028 

4 

7.08 

6.93 

68.89 


69.79 

0.3281 

432 

0.3271 

6 

7.50 

7.35 

73.05 

1 

73.95 

0.3618 


0.3620 

3 

7.81 

7.66 

76.13 


77.03 

0.3878 

531 

0.3884 

6 

8 36 

8.21 

81.60 


82.50 


523 

0.4348 

1 

8 80 

8.65 

85.97 

mm 

86.84 




1 

9.54 

9.37 

93.31 


94.21 

0.5367 

£731 

0.5368 

1 

9.67 

9.52 

94.62 


95.52 

0.5481 

£713 

0.5477 

1 

9.77 

9.62 

95.61 


96.51 

0.5567 


0.5564 

2 

10.75 

10.60 

105 35 



0.6399 

£644 

0.6390 

7 

10.91 

10 76 

106.94 




731 

0.6536 

3 

11 06 

10.91 

108 43 



0.6656 

713 

0.6669 

1 

11 60 

11.45 

113.80 

422a 

114.66 




10 

12.52 

12.37 

122.94 


123.84 

0.7784 

644 

0.7780 


sin 2 e = 0.01 105 (A 2 + /c 2 ) + 0.01271 (Z 2 ) 
a * 9.199A., c = 8.578A., c/a = 0.933. 

Density =* 9.36, and number of molecules per unit cell is 9.92. 

The structure as calculated is tetragonal. 

Ni*Sn . — The structure of Ni s Sn could not be determined. Although 
several possible structures were found, which contained close to an integral 
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number of molecules, attempts to compute values of sin 2 0 showed very 
great differences between computed values and those resulting from 
measurement of the film. The density of Ni s Sn was found to be 9.62. 

NuSn . — The probable structure of this compound was found to be 
tetragonal, with two molecules per unit cell. The parameters are: 
a = 5.111A., c = 4.88lA., c/a = 0.955. The accuracy of this determi- 
nation is somewhat less than in the two former calculations, one line, 
that of (322), being considerably in error. The density of the compound 
is 9.15. Table 5 shows the values used in making the calculation 
for Ni 4 Sn. 


Table 5. — X-ray Data for NuSn 


Observed 

Intensity 

Double Line 
Displacement 

Double 
Angular 
Displace- 
ment, 20 

NaCl 

2 6 Cor- 
rection 


| 


Mm. 

Minus 
0.15 Mm. 

1 

3 74 

3 59 

35.68 

200/3 

36 32 

B|jii 



3 

4 13 

3 98 

39.56 

WA%\\vm 

40.20 



■HUH 

1 

4.78 

4 63 



46 70 

0 1571 

002 

0 1570 

3 

5 10 

4 95 

49.19 


49.93 

0.1782 

120 

0 1789 

3 

5 26 

5.11 



51.53 

0.1890 

0112 

0.1877 

4 

5.66 

5.51 

54.76 


55.54 

0.2171 

121 

0.2182 

9 

5.82 

5.67 

56.35 


57.14 

0.2287 

112 

0.2286 

2 

5.92 

5.77 

57 35 


58 16 




7 | 

6 59 

6.44 



64 85 

0 2876 

220 

0.2862 

1 

6.98 

6.83 

67.89 


68.76 

0.3189 

0103 

0.3187 

1 

7.41 

7.26 

72.16 

222a 

73 06 




6 

7.81 

7.66 

76.13 


77.07 

0.3881 

103 

0.3880 

3 


8 65 

85.97 


86 98 

0 4737 

0400 

0.4702 

10 

9.95 




98.50 

0.5739 

400 

0.5725 

3 

10.14 

9.99 

99.28 

420a 

100.42 




10 


10 68 

106.14 


107.31 

0.6488 

411 

0.6475 

9 

11.64 

11.49 

114.11 


115 43 

0.7147 

420 

0.7156 

7 

12.15 


119.26 


120.53 

0 7540 

421 

0.7549 

6 

12.32 

12.17 

120.96 


122.23 

0.7666 

1 412 

0.7653 

10 

12 70 

12.55 

124 73 


126.03 

0.7941 

332 

0.8010 


sin* 6 = 0.03578(4* + &*) + 0.03925(Z*) 
a « 5.1111., c = 4.881JL, c/a = 0.955. 

Density is 9.15 and number of molecules per unit cell is 2.01. 
Structure as calculated is tetragonal. 


Solubility of Tin in Nickel 

Filings of the 82, 84, 88, 92 and 94 per cent nickel alloys were sealed 
under vacuum in quartz tubes, and heated for 2 hr. at 1000° C. The 
tubes were quenched in ice water, the tubes being broken as soon as they 
reached the water. 
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Eight portions of filings from the 75 per cent nickel alloy were sealed 
as before in quartz tubes, and the tubes heated to temperatures of 1100°, 
1085°, 1040°, 1000°, 900°, 800°, 700°, 600° and 450° C. The lengths of 
time for annealing at the various temperatures, which are much the same 
as those used by Fetz and Jette, are listed in Table 6. After completion 
of the annealing treatment, the tubes were quenched and broken as 
described above. 

Table 6. — Solubility of Tin in Nickel as Determined by X-rays 


Temperature, Deg. C. Temperature, Hr. 



Atomic Per Cent Weight Per Cent 


Solid Solubility as Determined by Fetz and Jette 




The investigation was carried out with two back-reflection cameras 
having a 6-in. film diameter. The X-ray beam entered through a slit 
system, which projected radially through the circumference of the camera. 
Brass slits were used with a spacing of 0.015 in. The powdered sample 
was placed on a plane surface located tangentially to the circumference 
of the camera, and diametrically across and perpendicular to the slit 
system. The sample was rotated during the exposure, in order to insure 
a more uniform set of lines on the film. A Siegbahn-Hadding gas tube 
with a copper target was used. 

The plane surface upon which the powdered samples were mounted 
was that of a carefully polished and etched piece of nickel that had been 
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annealed in purified hydrogen. It had been etched deeply enough to 
remove all evidence of cold-work. A thin film of oil was spread over the 
nickel and the powdered sample sprinkled on this. The excess powder 
was shaken off, leaving a thin uniform layer of the sample on a backing 
of pure nickel. The result on the X-ray film was the presence of lines 
from both the sample and the nickel with almost equal intensities. The 
lines from the nickel were used in correcting the calculations of the param- 
eters of the face-centered cubic solid solution. 


WE/G/iT PEG CENT OP T/N 



Fig. 22. — Effect of tin upon lattice parameter of soled solution. 

Measurements were made on lines reflected from the (331) and (420) 
planes of both the nickel and the samples. The values for the wave 
lengths of the copper radiation used are: 1.5412 and 1.5373A. 

Table 6 contains the solubility data of Fetz and Jette and the present 
investigation. Fig. 22 represents the effect of the solution of tin upon 
the lattice parameter, and Fig. 23 reproduces the solubility of tin in 
nickel. The data plotted in Fig. 23 indicate a good agreement between 
the present X-ray and metallograpbic results, on the solubility of tin in 
nickel. The agreement is most marked above 600° C., while below that 
temperature the X-ray results show a smaller solubility. 

The difference can be explained to some extent by the fact that the 
rate of diffusion of metals at the lower temperatures may be very slow, 
and with the slow diffusion there is much less chance that the precipitating 
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phase will agglomerate in particles large enough to be resolvable under a 
microscope. The metallographic method, therefore, for these lower 
temperatures, should indicate higher solubility than the X-ray method, 
as the X-ray determination is not affected by the particle size of the second 
phase. A close agreement exists between the results of Fetz and Jette 
and those of the present investigation in regard to the effect of tin upon 


//oo 

1000 



7— 










c J 


\1 

\ 












\ 

N 

\ 










\ 

900 



• \ 5 
> 

\ 

\ 

\ 

N 

/n 

fubft 

cone 

/ejf 

' if y 

t/ng 

'gat 

?f ft 
to 
/on 

n 

ore 

sent 

$ 

& jno 

Si 

7/OJb 

) 

t//fy 

of 

f ' 

x 

X 

tin 







0 700 
K 

5 

t. 

™ CrC 

04 

7 Gt „ 

/eft 




c *s 

<x 

V\ 



\ 

K 500 

400 





j 




\ 

\ 

\ 

0 

Sim 

?/e / 


T& A 

f//oy 

J 

\ * 



V 

\ 

X 

a 

Two 

X-ro 

inn 

V * 
fofii 

?eoc 

y&ft 

/Q//i 

t/fa 

’on 

of 

pre. 

son 

L 





X'TZ 

y-A 

7 

Tits' 

'Of' 


r an 

<Sf *J 




SO 3Z S4 SO SS 90 9E 94 96 9& /OO 


WE/GHT f=>E& CENT OE N/CKEL. 

Fig. 23. — Solubility of tin in nickel. 

the lattice dimensions of the solid solution. The preparation of the 
alloys and the procedure in the two experiments had been the same. The 
agreement on the solubility boundary, as shown in Fig. 23, was not as 
good as that obtained in the effect of tin on the lattice parameter. 

Since the results of the two determinations agreed so well on the effect 
of tin on the lattice parameter, it would have been expected that the 
results on the solubility would show better agreement. In so far as pos- 
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sible, the methods followed in the two determinations were the same, the 
only differences being that in the present one larger heats were made, 
and the powders were heated for slightly longer periods of time at 
the higher temperatures. The matter is further complicated in that the 
results given by Fetz and Jette are not uniformly higher or lower over the 
range 1100° to 500° C. than those obtained by the present investigators. 

In the results of the present investigation the solid solubilities as 
determined by the X-ray and metallographic methods are in agreement 
between 1100° and 600° C. This confirmation of X-ray results by 
metallographic means gives the authors confidence in the accuracy of the 
determinations. Further experimentation, however, is considered neces- 
sary to determine the cause of the difference between these results and 
those of Fetz and Jette. 
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DISCUSSION 

{Lyall Zickrick presiding) 

E. R. Jette* and E. FETZ,t New York, N. Y. (written discussion). — The nickel- 
tin system is one on which we have made extensive investigations and have already 
published one article on the solubility of tin in nickel,® which was referred to by the 
authors, and a very recent preliminary note on the phase relationships. 9 Our results 
differ in a number of important aspects from those reported in the article under dis- 
cussion. Thirty years ago the two independent investigations of Voss and Guillet 
yielded widely different results; the comparison of the two new investigations again 
leaves us in a similarly confused state. While Voss and Guillet used essentially the 
same experimental methods, the two new investigations were made with quite differ- 
ent methods. Mikulas and his co-workers used the conventional methods of thermal 
analysis and microscopic examination combined with some X-ray determinations for 
checkmg the solubility of tin in nickel and the existence of certain phases where the 
other methods had indicated their possible presence. In our work only X-ray methods 

were used. 

* Associate Professor of Metallurgy, School of Mines, Columbia University, 
t Columbia University. 

9 E. Fetz and E. R. Jette: Jnl. Chem. Physics (1936) 4, 537. 
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Id comparison with the method of thermal analysis the main disadvantage of the 
X-ray method is that, in general, the X-ray examination must be done at room tem- 
perature. Therefore, if a phase that exists only at high temperatures transforms 
very rapidly, the X-ray examination will give no indication of its existence except in 
special cases, which need not be entered into at this time. It should be emphasized 
that there is no conflict between the thermal analysis and X-ray methods on this point 
and there can be none until X-ray methods have been developed for working at higher 
temperatures than is possible today. Little work of any kind and no precision X-ray 
determinations have been performed at temperatures over 600° C. It should also be 
observed that small amounts of a phase in a mixture cannot be detected. 

Both microscopic and X-ray work may suffer from madequate technique in the 
preparation of the sample. One of the writers 10 has already discussed this matter for 
X-ray work and similar considerations apply to samples for microscopic examination. 
Annealing times long enough (perhaps several months) to obtain equilibrium, and 
quenching rates sufficiently rapid to retain the high-temperature situation are abso- 
lutely essential for either method. The use of powders in X-ray work makes it possi- 
ble to secure quenching rates far greater than on the comparatively massive samples 
used in microscopic investigation. 

The main advantages of the X-ray method are due primarily to the extreme care 
that must be used in the preparation of the sample. The character of the diffraction 
lines (their sharpness, etc.) generally gives unmistakable indications of the degree to 
which equilibrium conditions have been obtained during heat-treatment and retained 
during quenching. In addition, the marked differences in the diffraction patterns 
give evidence of the existence of solid phases which in definiteness is unequaled by any 
other method. 

Needless to say, the full advantages of any method and the minimizing of its 
disadvantages are secured only when it is properly applied. Each method, however, 
has its own characteristic ways of checking its own results. While metallographers are 
generally familiar with these checks as far as thermal analysis and microscopic exam- 
ination are concerned, a word here as to the methods used in X-ray investigations may 
be appropriate. 

When an investigator relies upon X-ray methods for determining an equilibrium 
diagram for the solid state , three conditions must be fulfilled: 

1. There must be a complete series of films showing in consecutive order with 
composition the diffraction lines of the several phases. If the order of phases is A, 
A + B, B, B + C, C, etc., there must be a film for each of these phase regions. The 
only generally permissible exception is when one of the phases (e.g., B) has such a 
narrow homogeneity range that it is difficult to secure an alloy of that precise composi- 
tion. In this case, the film sequence corresponding to A, A + B, B + C, C, etc., 
would be accepted without question. As a check on this, the positions of the diffrac- 
tion lines from phase B must be identical in the A + B and B + C regions. 

2. In two-phase regions (in binary system) there must be a systematic change in 
the relative intensities of the diffraction lines of the two phases corresponding to the 
change in the relative amounts of these phases. 

3. In determining homogeneity ranges the diffraction lines of the phase-changing 
composition (in some cases, two phases) with temperature must be sharp and/or 
independent of annealing time. In careful work both conditions are generally satis- 
fied. Lack of sharpness indicates change of composition during quenching or failure 
to anneal for sufficient time to establish equilibrium. In some cases it may be impossi- 
ble to eliminate such effects and it is then incumbent upon the investigator to state 

10 E. R. Jette et al.: Trans . A.I.M.E. (1936) 111, 372. 

E. R. Jette and F. Foote: Jrtl. Chem. Physics (1935) 3, 605. 
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either that the lines were not sharp or to give some other information that the results 
are open to question. 

Experience has shown (for example, see the many reports from Westgren’s labora- 
tory in Stockholm) that, when these conditions are fulfilled and the limitations of the 
method duly recognized, the phase relationships in the solid state disclosed by X-ray 
investigations are usually more nearly correct than those indicated by the commoner 
methods of physical metallurgy. The inherent difficulties of the latter methods seem 
more troublesome to overcome than those of the X-ray method. 

The conditions outlined above were fulfilled, except in one very narrow region, m 
our X-ray investigation. The conclusions reported in our preliminary note on the 
phase relationships thus had a sound experimental basis. Mikulas did not attempt to 
make a complete X-ray investigation and hence did not fulfill these conditions. He 
relied mostly on other types of methods. 

For purposes of comparison, we quote the conclusions in the preliminary note 
mentioned above: 

“ 1. The investigation of the Ni-Sn system has been extended beyond the solubility 
limit of Sn in Ni already reported by the authors. 

“2. The next phase to the nickel solid solution phase occurs at the composition 
Ni 3 Sn. This phase has a very narrow composition range. 

“3. The NiaSn phase is in equilibrium with a phase having a typical nickel arsenide 
structure between approximately 25.0 and 37.5 atomic per cent tin. 

“4. The nickel arsenide structure first appears alone at about 37.5 atomic per cent 
Sn but extends as a homogeneous phase only up to 45 atomic per cent Sn. It thus 
requires excess nickel atoms to stabilize the lattice. 

“5. At 40 atomic per cent Sn or the composition Ni s Sn 2 , a new phase forms from 
the nickel arsenide-like phase at temperatures below 500° C. Its diffraction pattern 
appears to be closely related to the nickel arsenide structure and it may be a deformed 
modification. The range of homogeneity must be quite small since it is not found at 
38.0 nor at 42.5 atomic per cent Sn. 

“ 6. The homogeneity range of the NiAs structure is independent of temperature on 
the high-tin side but increases slightly at higher temperatures on the high-nickel side. 

“7. In the remainder of the system there are three new phases provisionally called 
eta, theta and zeta. The first two have very narrow homogeneity ranges at approxi- 
mately 51 and 54 atomic per cent Sn, respectively. The eta phase forms by a peritec- 
toid reaction between the NiAs structure and theta. The zeta phase extends between 
approximately 56 and 62 atomic per cent Sn although this range may possibly be more 
complicated. 

“8. The zeta phase coexists with the tin phase from 62 per cent up to practically 
100 per cent Sn. The diffraction patterns indicate that the solubility of nickel in 
tin is very low.” 

The two investigations agree: (1) on the existence of a phase at or near the composi- 
tion Ni 8 Sn 4 which was previously unknown, (2) on the existence of NisSn, (3) that the 
NiAs structure does not occur at the composition NiSn, (4) on the variations of the 
lattice constant of the nickel-rich phase with tin content and (5) to a limited extent 
on the position of the solubility curve for tin in nickel. We have not been able to 
find the high-temperature tetragonal modifications of Ni 3 Sn 2 but it may be mentioned 
in passing that if a transformation at 906° C. exists, their diagram needs correction in 
the region labeled liquid + Ni*Sn a . 

The authors raise the question of the reason for the difference between their 
solubility curve and the one given in our earlier publication. It may be of interest to 
compare solubility curves from a somewhat uncommon point of view. The excellent 
agreement between the two sets of results on the effect of tin on the lattice constant of 
nickel fortunately enables us to discuss the differences on the basis of sample prepara- 
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tion. In this case, the predominating factor is the quenching rate, and it should be 
pointed out at once that this factor is of even greater importance m the preparation of 
samples for microscopic examination. It may be stated with a great deal of assurance 
that the rate of cooling of a solid block of alloy is less than that of a fine powder 
(through 100 or 200 mesh) quenched by our method The confirmation of a solubility 
curve obtained from X-ray studies by means of microscopic examination is therefore 
not necessarily evidence of correctness in either determination. 

In our quenching method for powders, the quartz sample tube is tom loose from the 
wire suspending it in a vertical furnace by a heavy plunger, which crushes the tube 
under water automatically on the mstant of immersion. As far as can be determined, 
Mikulas pulled the sample tube from the furnace, thrust it into ice water and then 
crushed it. Such a senes of operations may easily consume several seconds, and fur- 
thermore, this time is not uniform m different quenchings. We have mentioned in an 
earlier article 6 an experiment in which a quartz sample tube being quenched from 
1060° C. failed to break. Experience in this laboratory has been that under such 
conditions the glow m the tube disappears within about five seconds, depending 
somewhat upon the original temperature and the wall thickness and diameter of the 
tube. This means that the sample was over 700° C. within that time. Obviously 
accurate estimates of such times is impossible. The lines obtained were still fairly 
sharp but the lattice constant indicated a solubility corresponding to a temperature 
approximately 100° C. below that of the furnace. 

Comparing the two solubility curves shows that the agreement at 600° and 700° is 
very good. At 450° a recently finished determination on a sample that had been 
annealed over 10,000 hr. is appreciably less than that given by Mikulas. 

Above 700° C. the two curves deviate considerably. Ordinarily such curves are 
compared by taking the differences in composition at selected temperatures. In view 
of the importance of quenching rates, the proper way to compare these results here is in 
terms of temperature differences. Thus, instead of stating that Mikulas obtained 
solubilities in the range 800° to 1100° C. from 1 to 2 per cent (by weight) lower than 
ours, it is more correct to say that his solubility curve lies from 50° to 100° higher than 
ours. We believe that our solubility curve is essentially correct, especially since two 
new results at 900° and 1100° C. were in excellent agreement with the curve. We 
believe, therefore, that we are justified in interpreting the authors' results in the follow- 
ing way: The actual solubility values in the range 800° to 1100° C. correspond to 
temperatures 50° to 100° C. lower than the furnace temperature. On this basis the 
five solubility values at 900° and over average close to 90° below the furnace tempera- 
ture. Finally, it may be noted that the general form of the Mikulas curve is very 
much influenced by the two points at 800° and 900° C. 

The other differences between the results of the two investigations are important 
but the full treatment of them is beyond the scope of the present discussion. A 
critical review will be included in our final publications on this system. 

W. Mikulas. — It was not our purpose to perform a complete X-ray investigation 
of the nickel-tin system. We conducted our research with the usual thermal and 
metallographic methods, then used the X-rays to further define certain points. We 
feel that the tone of the discussion by Dr. Jette and Dr. Fetz is to the effect that m 
determining equilibrium cbnditions it is necessary to carry out an investigation such as 
they describe. This may well be true when the only purpose of the work is to deter- 
mine the nature of the phases occurring at, or slightly above, room temperature. In 
our work we felt justified in using thermal and metallographic methods, since we were 
interested in the liquidus, solidus, and phase changes occurring at elevated tempera- 
tures, as well as the conditions at room temperatures. We intended to locate the 
single-phase areas by means of the microscope and then investigate their structures 
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That the X-ray method can have certain advantages is shown by the fact that 
in the area where the present authors found Ni 3 Sn 4 , Dr. Fetz reports the presence of 
three phases, eta, theta and zeta, which have not as yet been defined. The advantage, 
how r ever, is not due to the greater accuracy of the method so much as to the mechanical 
difficulty found in preparing the metallographic specimens. On the other hand, the 
authors, by means of thermal and metallographic methods, were able to show the 
existence of the compound Ni 4 Sn and the transformation of NisSn*. These pomts 
had escaped Dr. Jette and Dr. Fetz. 

Our method of representing the transformation of Ni 3 Sno at 902° C. was occa- 
sioned by an adherence to the phase rule. Since we could not, as the result of our 
investigation, indicate the compound Ni 3 Sn 2 by any other means than a vertical line, 
it became impossible to continue the horizontal lme at 902° C. mto the area marked 
Ni 3 Sn 2 + L. 

The differences in the X-ray determinations of the solid solubility of tin m nickel 
appear still to be open to question. Although no mechanical devices were used in our 
work, the manual operation was synchronized to effect as rapid a quench as possible. 
In every test the quartz tube was shattered as it entered the water. The heat content 
of the quartz tube should have been ample protection to keep the metal powder from 
cooling during the small interval of time required for quenching. Jette and Fetz 
point out that when one of the tubes was not broken the result indicated a drop in 
temperature of 100° C. before the quench was effective. This would indicate that a 
solubility difference interpreted as a 90° C. difference in temperature must be explained 
on a different basis. 

C. Upthegrove. — There is just one pomt I should like to make. We have no 
quarrel in any sense with the use of the X-ray, because we would like to take advantage 
of that in every way possible. On the other hand, I do not believe that everybody 
is so fully convinced of the infallibility of the X-ray. I believe Dr. Fetz is familiar 
with the report of the three X-ray investigations of the solubility of tin and copper, all 
made by X-ray, but not in agreement. 



Aging Phenomena in a Silver-rich Copper Alloy* 


By Morris Cohen, f Junior Member A.I.M.E. 

(Cleveland Meeting, October, 1936) 

It has been known for several years that in certain age-hardenable 
alloys precipitation of finely divided particles occurs simultaneously with 
the changes in physical properties; while, in other alloys, these changes 
take place prior to, or without any, precipitation. The silver-copper 
alloys are generally considered to be the classical example of the first 
group, and the aluminum-copper alloys (duralumin) are typical of the 
second group. The two types of aging are explained by the precipitation 
theory and the knot theory respectively, t It is well recognized now that 
these theories do not conflict with each other; the one used for a given 
aging system depends upon which way the alloy in question happens to 
age-harden. 

However, previous work on the aluminum-copper alloys 1 * 2 has shown 
that if the aging temperature is raised sufficiently the hardening will 
be accompanied by actual precipitation. In fact, it is quite probable that 
all of the so-called knot-hardening alloys will harden by precipitation at 
elevated temperatures. Therefore, a combination of the knot and precip- 
itation theories is necessary to give a complete picture of the age-harden- 
ing of these alloys, and indicates that knot formation and precipitation 
are not independent processes. 

To test the generality of this concept, it is necessary to show that the 
alloys that commonly harden by precipitation will harden prior to precip- 
itation if the aging temperature is sufficiently lowered. For this reason, 
it would be well to carefully re-examine the aging characteristics of the 
silver-copper alloys at aging temperatures somewhat below those used 
by previous investigators. If hardening can be detected prior to precipi- 
tation in these alloys, it will lend great weight to the idea that knot forma- 

* This work represents a portion of a thesis submitted in partial fulfillment of the 
requirements for the degree of Doctor of Science at the Massachusetts Institute of 
Technology, June, 1936. Manuscript received at the office of the Institute July 6, 
1936. 

t Instructor, Department of Mining and Metallurgy, Massachusetts Institute of 
Technology, Cambridge, Mass. 

t For a full discussion of these theories, see P. D. Merica: The Age-hardening of 
Metals. Trane . A.I.M.E. (1932) 99, 13. 

1 References are at the end of the paper. 
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tion must precede precipitation and that they form two consecutive steps 
in a general mechanism of age-hardening. 

To this end, the aging phenomena in a silver-copper alloy containing 
8.72 per cent copper by weight were studied by means of hardness, X-ray, 
microscopic, electrical resistance, and dilatometric measurements. Aging 
temperatures between 100° and 200° C. were used. 

Previous Work 

The silver-copper equilibrium diagram shows a simple eutectic system 
with limited solid solubility at either end. Both the eutectic temperature 
and the solid solubility of copper in silver have been carefully determined 
by previous workers. Roesser 3 reports the eutectic temperature to be 
779.4 ± 0.1° C., while the solid solubility curve has been checked by 
several independent investigators using the microscopic 4 * 6 , electrical 
resistance 5 , and X-ray 6 * 7 methods. 



is definitely due to precipitation. Pc* C£ntCopp£R 

Fraenkel and Schaller 9 - 10 showed by 1 * 0 - 1 -~" So ™^E25? rr of copper 
means of electrical resistance measure- 
ments on an 8 per cent copper alloy that the changes in hardness, tensile 
strength, and ductility were caused by precipitation (of the copper-rich 
solid solution) at all the temperatures at which age-hardenability could be 
detected. These results were confirmed by Norbury 11 with microscopic 
and density studies on a 7.5 per cent alloy, by Haas and Uno 12,13 with 
dilatometric studies on a series of alloys containing up to 13 per cent cop- 
per, and by Ageew, Hansen and Sachs 14 with X-ray as well as electrical 
resistance studies on a series of alloys containing up to 7.5 per cent copper. 

The latter work showed that when precipitation occurred the lattice 
parameter did not change progressively, as it would if the precipitation 
were gradual. Instead, the diffraction lines of the supersaturated solid 
solution remained fixed; but soon after the beginning of aging a new set of 
lines appeared, which corresponded to the lattice of the stable (completely 
decomposed) solid solution. As the precipitation continued, the position 
of the two sets of lines did not change, but the intensity of the lines of the 
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stable phase increased while that of the supersaturated phase decreased 
until the latter disappeared completely. The conclusion drawn from these 
results was that the precipitation does not take place gradually and uni- 
formly, but suddenly goes to completion in localized areas. This was 
confirmed by NorburyV 1 photomicrographs, which indicated that the 
precipitation occurs at the grain boundaries first and then progresses 
inward toward the centers of the grains. 

O'Neill, Farnham and Jackson 16 found by means of X-rays that the 
age-hardening was accompanied by gradual precipitation, not the sudden 
localized type discussed in the preceding paper. 

Experimental Details 
Preparation of the Alloys for Aging 

The fine silver used in this investigation analyzed 99.98+ per cent 
silver, the total amount of impurities other than copper being 0.014 per 
cent. The copper used was of the oxygen-free high-conductivity variety 
and contained 99.985 per cent copper. The total impurities other than 
silver were about 0.013 per cent. 

The alloys were prepared by melting down the necessary amounts 
of pure copper and silver in a graphite crucible under a cover of charcoal. 
The molten metal was bottom-poured under reducing conditions into a 
heavy iron mold. Chill casting was found desirable to prevent undue 
segregation. The ingots were then homogenized by cold-rolling to a 50 
per cent reduction in area followed by an anneal at 750° C. for 160 hr. in a 
purified nitrogen atmosphere. 

The alloys were analyzed for both copper and silver, and for all speci- 
mens the sum of the two was equal to 100 per cent within the experi- 
mental error. The composition of the ingot used in this work was 8.72 per 
cent copper and 91.28 per cent silver. The composition aimed at was 
8.8 per cent copper, the maximum solid solubility at the eutectic tempera- 
ture, in order to obtain the greatest degree of age-hardenability. 

The ingot was then cut up into appropriate sizes for the aging studies. 
The specimens for the hardness, X-ray and microscopic investigations 
measured 1 by K by in. The dilatometer specimens consisted of rods 
34 in. square and 4 in. long. The specimens for the electrical resistance 
measurements were in the form of wires, which were reduced from a 
portion of the ingot by means of rolling, swaging and drawing. 

The solution heat-treatment prior to the aging was carried out in a 
purified nitrogen atmosphere, and consisted of a 2-hr. heating at 
765° ± 2° C. followed by water quenching. The grain size was suffi- 
ciently small to give consistent hardness readings. The oxidation of the 
specimens was negligible. 
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Aging of the Alloys 

Aging experiments were performed at temperatures of 100°, 125°, 
150°, 175° and 200° C. Hardness and X-ray measurements made on a 
quenched sample aged for several days at room temperature indicated no 
change. Therefore the aging at the higher temperatures could be inter- 
rupted, if necessary, by quenching in water and the measurements made 
at room temperature. The aging was carried out in boiling liquids. The 
required boiling points were obtained by the addition of the proper amount 
of carbitol to water. By continuously returning the vapors with the aid 
of a reflux condenser, the temperature could be easily adjusted and main- 
tained to within ±0.5° C. These boiling solutions were very satisfactory 
in that they did not attack the alloys, so that the specimens could be 
immersed directly without any protective covering. In this way, they 
could be brought up to temperature almost instantaneously, and so the 
actual time of aging at temperature was accurately known even though the 
aging had to be frequently interrupted for obtaining hardness, X-ray or 
microscopic data. 

The hardness measurements were made with a Rockwell hardness 
tester using a load of 60 kg. and a He-in. steel ball indentor (giving the 
so-called Rockwell F hardness). The impressions were large enough to 
give an average value over many grains, and yet were small enough so that 
all the hardness readings for a given run could be made on one surface of 
the same specimen. Thus the measurement of hardness was certainly a 
most satisfactory method for disclosing small changes in the physical 
properties of the alloy on aging. 

The X-ray measurements were made at appropriate intervals on the 
reverse side of the same specimens that furnished the hardness data. 
These surfaces were polished through No. 00 emery prior to the solution 
heat-treatment, and thereafter were not polished or etched in any way, in 
order to eliminate the possibility of premature decomposition of the super- 
saturated solid solution at the surface. The lattice-parameter measure- 
ments were made with a back-reflection camera using copper radiation 
from a Hagg tube. Both the camera and X-ray tube, as well as the 
technique employed, are completely described elsewhere by Norton 16 . 
The experimental error was about ±0.0002A. for the sharp diffraction 
lines produced by the alloys when in the quenched condition and early 
stages of aging. This corresponds to a change of composition of approxi- 
mately ±0.03 per cent copper. However, in the later stages, when the 
lines become broader, the precision decreased correspondingly. 

The samples for the microscopic investigation were given a met al- 
lographs polish and etch prior to the solution heat-treatment. The aging 
runs were made with duplicate samples; one was e x a mi ned after definite 
intervals without further polishing or etching, while the other was lightly 
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polished and reetched each time for photographing. Although the former 
showed the general course of precipitation, it was not well defined, hence 
it was impossible to determine whether the light polishing and etching 
from time to time had any effect on the rate of precipitation on the sur- 
face. The chromic acid etching reagent recommended by Leach and 
Chatfield 17 was found most satisfactory. 

The wires for the electrical resistance measurements were wound 
into helical coils on a -krin. mandril, and were heat-treated and aged in 
this form. The resistance measurements were made at the aging tem- 
peratures with a Leeds & Northrup Kelvin bridge having an accuracy of 
±0.1 per cent. 

The dilatometer was built according to the specifications of the Ameri- 
can Society for Testing Materials 18 . The dial gage, which directly indi- 
cated the changes in length of the specimen, could be read to ±Ho of 
a division or ±0.00001 inch. 

Experimental Results 

All of the following data were obtained on an alloy containing 8.72 per 
cent copper that was water-quenched from 765° C. 

Hardness Results 

Table 1 gives the Rockwell F hardness values obtained on specimens 
aged at 100°, 125°, 150°, 175° and 200° C. In order to represent all the 
values in a single graph without unduly suppressing the initial aging 



effects, it was necessary to plot the aging time on a logarit hmi c scale. 
This permits a more exact determination of the beginning of hardening at 
all temperatures and yet shows the entire course of hardening in sufficient 
detail. Fig. 2 shows the hardness results at all five aging temperatures. 
The curves indicate a definite incubation period at all temperatures; that 
is, the hardness remains constant for a finite length of time after quench- 
ing. At 100° and 125° C., the hardness then rises in a normal fashion to a 
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Table 1 . — Hardness and X-ray Data on Aging Alloy 


Aging 
Time, Hr. 

Rockwell F 
Hardness 

Unstable Phase 

Stable Phase 

Appearance of X-ray 
Lines 

Lattice 

Parameter 

Appearance of X-ray 
Lines 

Lattice 

Parameter 


100° C. 


0 

67 

Sharp 

4.0314 



K 

67 

j 




1 

67 

Sharp 

4.0313 



5 

68 

Sharp 

4.0314 



21 

71 

Sharp 

4 0314 



70 

75 

Sharp 

4 0315 



100 

73 





140 

71 

Sharp 

4.0316 



288 

74 

Sharp 

4.0319 



576 

83 

Sharp 

4.0324 



624 

85 

Sharp 

4.0326 



720 

88 

Sharp 

4.0330 



864 

89 

Very slight broad- 






ening° 

4.0334 



1008 

90 





1440 

92 i 

Ajs above® 

4.0340 



2160 

94 

As above® 

4.0348 

Diffuse lines faintly 






visible* 

4.075-4 080 

125° C. 

0 

66 

Sharp 

4.0309 



K 

66 





1 

66 

Sharp 

4.0308 



1.5 

65 





2 

67 





3 

67 





5 

69 





8 

72 





10 

74 

Sharp 

4.0308 



12 

73 





16 

72 

Sharp 

flMl 



24 

74 

Sharp 

ELvJ 



36 

79 

Sharp 

4.0313 



60 

83 

Very slight broad- 






ening® 




108 

88 

As above® 

4.0323 



156 

91 





208 

93 

As above® 

EE 1 



304 

97 

Slightly broader® 

Hi 1 

Diffuse lines faintly 






visible 6 

4.075-4.079 

512 

101 

Broader® 

4.035 

Diffuse lines darker 6 

4.075-4.079 


« Doublet still resolved. * Doublet not resolved. 
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Table 1. — (i Continued ) 


Aging 
Time, Hr. 

Rockwell F 
Hardness 

Unstable Phase 

Stable Phase 

Appearance of X-ray 
Lines 

Lattice 

Parameter 

Appeal ance of X-ray 
Lines 

Lattice 

Parameter 



125° C. 

(continued) 



750 

103 

Very broad® 

4.036 

As above* 

4.075-4.079 


104 

Doublet barely re- 






solved® 

4 036 

As above* 

4.075-4.079 

150° C. 

0 

68 

Sharp 

4 0306 



X 

68 

Sharp 

4 0305 



1 

68 

Sharp 

4 0306 



2 

73 

Sharp 

4 0305 



3 

73 

Sharp 

4.0309 



4 

75 

Sharp 

4.0309 



5 

77 





6 

78 





12 

86 





26 

92 

Very slight broad- 






ening® 

4.0320 



48 

96 

As above® 

4 0331 



100 

101 

Broad® 

4.0336 

Diffuse lines faintly 






visible* 

4.074-4.079 

144 

102.5 

Very broad® 

4.034 

Diffuse lines darker* 

4.074-4.079 

192 

103 

Very faint® 

4.035 

As above* 

4.074r-4.079 

288 

104 

Disappeared 


Diffuse lines still 






darker* 

4.074-4.079 

432 

104.5 





576 

105 

Disappeared 


As above* 

4.074-4.079 

720 

105 





912 

104 





1200 

102 5 





1920 

101 






175° c. 


0 

69 

Sharp 

4.0310 


5 min. 

69 

Sharp 

4.0310 


10 min. 

68 




15 min. 

69 

Sharp 

4.0310 


30 min. 

70 

Sharp 

4.0313 


42 min. 

74 




1 

78 




1.5 

81 




2 

83 




3 

87 

Very slight broad- 





ening® 

4.0316 



Doublet still resolved. 


1 Doublet not resolved. 
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Table 1 . — {Continued) 


Aging 
Time, Hr 

Rockwell F 
Hardness 

Unstable Phase 

Stable Phase 

Appearance of X-ray 
Lines 

Lattice 

Parameter 

Appearance of X-ray 
Lmet> 

Lattice 

Parameter 

175° C (continued) 

6 

92 

As above 0 

4 0319 



12 

95 





18 

96 

Broad® 

4.0330 

Diffuse lines faintly 






visible 6 !4 073-4.078 

24 

98 

Broad® 

4.033 

Diffuse lines darker 6 ^. 073-4. 078 

36 

98 5 

Broad and faint® 

4.034 

Diffuse lines darker 6 4 073-4 078 

60 

99 

Famt unresolved 6 

4.035 

As above 6 14 073-4.078 


100 

Disappeared 


Diffuse lines very 






dark 4 

4.073-4 078 

204 

99 

Disappeared 


As above 6 

4.073-4.078 

630 

97 

As above 


As above 6 

4.073-4.078 


96 

As above 


As above 6 

4.073-4.078 

200° C. 

0 

69 

Sharp 

4 0311 



2 min. 

70 





4 min. 

70 

Sharp 

4 0310 



6 min. 

70 

Sharp 

4.0310 



8 min. 

72 

Sharp 

4.0312 



12 min. 

76 

Very slight broad- 






ening® 

4.0313 



18 min. 

79 





30 min. 

84 

Slightly broader® 

4.0315 



1 

88 

As above® 

4 0316 



2 

91 

Broader and fainter® 

4 0318 

Diffuse lines faintly 






visible 6 

4 073-4.077 

4 

93 

Very broad and 






faint* 

4.032 

Diffuse lines darker 6 

4.073-4.077 

6 

94 

Faint and unre- 






solved 6 

4.032 

As above 6 

4.073-4.077 

10 

94 

As aboveP 

4.033 

As above 6 

4 073-4.077 

18 

95 

Too faint to meas- 


Diffuse lines very 




ure 6 


dark 6 

4.073-4.077 

30 

92 

Disappeared 


As above 6 

4.073-4.077 

54 

91 

As above 


As above 6 

4.073-4.077 

100 


As above 


As above 6 

4.073-4.077 

500 


As above 


Beginning of reso- 






lution® 

4.076 

1000 


As above 


Lines definitely re- 






solved* 

4 0757 

2000 


As above 


Sharp* 

4.0759 


* Doublet still resolved. 

b 

Doublet not resolved. 
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low maximum with subsequent softening. This is not the usual ov 
aging, because on continued aging the hardness finally increases again t 

«« Time of 




1000 hr. 

Fig. ,3. — Changes in diffraction pattern during aging at 175° C. 

value far above the hardness at the initial peak.* At 150 °, a positive 
primary peak was not detected, although the hardness curve flattens out 


* The term, initial or primary hardness peak will be used to distinguish it from the 
higher hardness maximum that just precedes overaging. The intermediate softening 
that follows the initial peak will be spoken of as the hardness valley , to distinguish it 
from the softening due to overaging 





MORRIS COHEN 


147 


for an interval of 1 hr. at the end of 2 hr. of aging, after which the hardness 
continues to rise again. In view of the results at 100° and 125°, it is 
believed that a small primary peak does exist in the 150° aging curve, but 
not enough readings were made in this interval to detect it. The probable 
peak is shown in dotted lines. At 150°, the aging was prolonged suffi- 
ciently to attain maximum hardening with subsequent softening ('actual 
overaging). At 175° and 200°, the aging curves are normal, each showing 
a single hardness maximum. The arrows on the curves indicate obvious 
stages in the hardening process, which will be referred to later. 

X-ray Results 


The X-ray data obtained on the aging alloys are given in Table 1. 
A typical set of diffraction patterns is shown in Fig. 3. At all aging tem- 
peratures, the first change to be noted is a gradual displacement of the 



diffraction lines of the supersaturated solid solution, indicating that the 
initial precipitation is progressive. However, the precipitation does not 
progress uniformly to completion. While the lines of the supersaturated 
solid solution are shifting gradually, a new set of faint broad lines appears, 
which corresponds to the stable solid solution — that is, the silver-rich solid 
solution from which all the excess copper has precipitated. As the aging 
proceeds, the original lines continue to shift, but become fainter and 
broader. The new lines do not shift, but become relatively more intense. 
Finally, the original lines disappear. 

These results are shown graphically in Fig. 4. The gradual changes in 
lattice parameter denote the initial general precipitation. The vertical 
lines indicate the first appearance of the stable-phase diffraction lines, and 
the shaded bands represent very roughly the lattice parameters corre- 
sponding to these broad lines. After prolonged aging at 200°, these lines 
finally sharpen and an accurate value of the lattice parameter of the stable 
solid solution can be determined. The mean lattice parameter is lower, 
the higher the aging temperature. This is because of the increase in 
the solid solubility of copper in silver with temperature. 



Fig. 5.—Changes m microstructurb during aging at 200° C. X 500. Etched 


а. As quenched. 

б. Aged 4 hours, 

c. Aged 12 hours. 


WITH CHROMIC ACID. 


d. Aged 18 hours. 

e. Aged 24 hours. 

f. Aged 48 hours. 
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Microscopic Results 

The changes in microstructure were observed on aging at 150° and 
200°. A representative series of photomicrographs is shown in Fig. o. 
There is no visible change under the microscope that corresponds to the 


Table 2. — Electrical Resistance Data on Aging Alloy 


100 ° c 

150° C. 

200° C. 

Aging Time, 

Per Cent of 
Initial Value 

Aging Time, 

Per Cent of 
Initial Value 

AgingTime, 

’ Per Cent of 
Initial Value 

0 

100 0 

0 


0 

100 0 

15 min. 

100.0 

5 mm. 


3 min. 

100 0 

30 min. 

100.1 

20 mm 

■39 

5 min. 

100 1 

2 

100 4 

30 min. 

■ 

8 min. 

100 2 

5 

100 4 

45 mm. 

100 3 

10 min. 

100 1 

7 

100 3 

1 

100 2 

15 min. 

99 9 

12 

100 3 

2 

100 0 

20 min. 

99.8 

24 

100.4 

4 

99 6 

30 min. 

99 4 

36 

100 5 

6 

99 3 

1 

98 4 

48 

100 6 

9 

98 9 

2 

97.6 

60 

100 6 

25 

97 8 

4 

95.7 

80 

100 4 

48 

97 1 

6 

94 4 

100 

100 2 

74 

96 2 

12 

91.2 

150 

99 9 

92 

96 1 

24 

88 3 

168 

99 8 

141 

94 8 

36 

87 3 

216 

99 6 

212 

94.0 

62 

86.5 

264 

99.4 

260 

93.1 

80 

86.1 

300 

99 2 

300 

92.7 

90 

86 0 





100 

86 0 


I I H | l 1 I I I 1 1 1 1 I I I I I I 1 1 1 ■ ■ I I I I I I 1 



£ S 4 L-l. ■ i i 1 mil , j-lLmA , ■ ill ml 

^ °St/ J / JO JOO JOOO 

Ae/NG TtM£ IN ttX/AS - 

Fig. 6. — Changes in electrical resistance during aging. 

beginning of the gradual precipitation indicated by the X-ray. However, 
the microscope does show the sudden precipitation in the form of darkened 
areas at the grain boundaries and twinning planes. These areas grow 
until the precipitation is complete. 
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Electrical Resistance Results 

The resistance measurements, made at 100°, 150° and 200° C., are 
tabulated in Table 2 and plotted in Fig. 6. The general trends of the 


Table 3. — Dilatometnc Data on Aging Alloy 


130° C 

200° C 

Aging Time, lit . 

Dilation in 4 In. 

0 0001 In : 

1 

Aging Time, Hr. 

Dilution in 4 In 

0 0001 In. 

0 

; 0 

0 

0 - 

15 min. 

: 0.1 

6 min. 

0 

30 min. 

0.7 

10 min. 

+ 0.1 

1 

0 7 

20 min. 

-07, 

1.5 

0.7 

30 mm. 

- 1.3 

2 

0 6 

45 min. 

- 1.9 

2 . 5 ; 

0.4 

1 

- 3.5 

3 

0.3 

1.5 

- 4.8 ' 

6 ■ 

- 1 4 

2.5 

- 9.2 

12 

- 2.4 

3 

-11 1 

24 

- 4.3 

3.5 

-13.3 

t 36 

- 5.2 

5.5 

-19 4 

48 

- 6.4 

6 5 

-21 5 

60 

- 7.6 

7 

-23.6 

72 

- 7 5 

12 

-29.1 

96 

- 9.6 

24 

-32 5 

125 

-10.0 

48 

-32.5 

170 

-10 9 

72 

-32.5 

211 

-12 4 



255 

-13 7 



300 

-15 0 





Fig. 7.— Changes in length durinq aging. 


curves are the same at all the aging temperatures, in that the resistance 
first increases and then decreases. The initial increase evidently is due to 
changes going on within the supersaturated solid solution prior to pre- 
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cipitation while the subsequent decrease indicates the decomposition of 
the supersaturated solid solution and, hence, precipitation. 

Dilatometric Results 

The dilatometric data at 150° and 200°, given in Table 3 and plotted 
in Fig. 7, show the same trend as the electrical resistance values. The 
normal contraction that accompanies precipitation is preceded by a slight 
expansion. It is to be noted that in both sets of curves the magnitude of 
the abnormal reverse effect increases with decreasing aging temperature. 

Interpretation of Results 
Pre-precipitation Behavior of the Alloy 

From the hardness curves in Fig. 2, it is obvious that the simple 
precipitation theory might be adequate to explain the changes in hardness 
at 175° and 200° C., but it certainly cannot explain the small initial hard- 
ness peaks found at 100°, 125° and 150°. 

In order to determine the mechanism of the aging process, it is first 
necessary to find out whether the beginning of hardening occurs prior 


Table 4. — Comparison of the Beginning of Hardening and of Precipitation 


Aging Tempei ature, Deg. C 

Beginning of Hardening 

Beginning of Precipitation 

100 

4 hr. 

70-140 hr. 

125 

2 hr. 

10- 16 hr. 

150 

1 hr. 

2- 3 hr. 

175 

27 min. 

15- 30 min. 

200 

6 min. 

6— 8 min. 


to, or simultaneously with, precipitation. This comparison is shown in 
Table 4. The times for the beginning of precipitation are taken from the 
X-ray results in Table 1. These values are preferred to those indicated 
by the electrical resistance and dilatometric measurements because the 
lattice-parameter values show no abnormal reverse effects prior to precip- 
itation. Furthermore, the hardness and X-ray measurements were 
made simultaneously on the same specimens, so that a better correlation 
between the hardening and precipitation processes can be obtained if the 
X-ray results are used. 

Table 4 shows that at 100°, 125° and 150°, the hardening definitely 
precedes precipitation; but at 175° and 200°, the hardening occurs simul- 
taneously with precipitation. This points to the possibility of knot 
formation at the same temperatures at which the initial hardness peaks 
occur, and no knot formation at the aging temperatures at which these 
hardness peaks do not occur. 
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Further evidence along these lines is given in Table 5, in which the 
times for the beginning of precipitation are compared with the times 
for the attainment of the primary hardness peak and of the intermediate 
hardness valley. This table shows that precipitation docs not set in until 


Table 5. — Comparison of Times for Beginning of Precipitation with 
Attainment of Primary Hardness Peak and Intermediate Valley 


Aging Temperature, 
Deg C. 

Beginning of Piecipitn- 
tion, Hr. 

Pnmaiy iraulnPHH 
Peak, Hi. 

Intormodiatp Uaidneas 
Valley, Hr. 

100 

70-140 

70 

HO 

125 

10- 16 

10 

16 

150 

2- 3 

2 

2 5 


just after the primary hardness peak. We may assume, therefore, that at 
these three temperatures the initial hardness peak is caused by the forma- 
tion of knots (which eventually precipitate into discrete particles). At 
175° and above, however, the initial hardening is due to precipitation. 

Further evidence in support of knot formation in these alloys is 
obtained from the electrical resistance and dilatomctric curves in Figs. 6 
and 7. The abnormal reverse effects prior to precipitation are certainly 
not due to the relief of quenching strains during the initial stages of aging. 
The resistance would decrease, and not increase, under such circum- 
stances, and the magnitude of the effect would probably not be a function 
of the aging temperature. Since knot formation causes lattices distortion, 
it should cause an increase in resistance, and may result in a change in 
length that is the reverse of that caused by actual precipitation. Further- 
more, as the hardness curves show, the knot-formation stage becomes 
relatively more important with lower aging temperatures, which accounts 
for the increased magnitude of the abnormal resistance and dilation 
effects before precipitation at the lower aging temperatures. It 
should be noted, however, that the resistance and dilation curves 
indicate knot formation oven at 200°, although there is no pre-pre- 
cipitation-hardening at this temperature. This anomaly will be discussed 
later. 

The fundamental mechanism of aging of the silver-copper alloys, 
therefore, appears to be quite similar to that of the aluminum-copper 
alloys, in that both will age-harden by knot formation and by precipita- 
tion. The detection of these pro-precipitation effects in the silver-cop- 
per alloys, which have been generally considered to harden by 
precipitation only, is sufficient to indicate that perhaps we arc no longer 
justified in classifying age-hardenable systems as either knot-hardening 
or precipitation-hardening. Such a classification seems both arbitrary 
and unnecessary. 
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Effect of Aging Temperature on Mechanism of Age-hardening 

Jenkins and Bucknall 19 demonstrated that, for many age-hardenable 
systems, the logarithm of the time required to attain maximum hardness 
or tensile strength varies inversely as the absolute aging temperature. To 
ascertain whether this relationship holds for the silver-copper alloys, 
the reciprocal of the absolute aging temperature was plotted against the 
logarithm of the time necessary to attain maximum hardness. The 
result is given by straight line FP in Fig. 8, which indicates the validity 
of the above relationship. This is further proved by the straight line 
ER w T hich demonstrates the relationship as applied to the time required 
to attain one-half of the maximum hardening. 

When the time for the beginning of hardening is plotted in this fashion, 
the linear relationship no longer holds throughout, although the three 



ISM AND RATE OF AGING. 

points for 100°, 125° and 150° lie on a straight line that intersects the 
straight line drawn through the two points for 175° and 200°. The broken 
line A TS offers striking proof that the beginning of hardening is not due 
to the same phenomenon at all aging temperatures. By plotting the times 
for the attainment of one-half the initial hardness peak, the attainment of 
the initial hardness peak, and the attainment of the intermediate hardness 
valley, point T assumes greater significance because all three give straight 
lines that intersect at T (169° C.). Since the horizontal distance between 
lines AT and DT may be taken as a measure of the time of duration of the 
initial hardness peak, this peak actually disappears at 169° C. 

Finally, plotting the time for the beginning of precipitation gives an 
answer to these unusual results. These values fall roughly on a straight 
line that is a continuation of ST. Hence, above 169°, the hardening 
occurs simultaneously with precipitation, and the broad hardness maxima 
are caused by the coalescence of the precipitated particles through and 
beyond the critical size necessary for maximum hardness. Below 169° C., 
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however, the primary hardening takes place prior to precipitation and is 
due to knot formation. When the precipitation sets in, the intermediate 
softening occurs, presumably because the initial particles are too small to 
be very effective in hardening, and so they do not counterbalance the 
softening caused by the relief of distortion as the knots leave the matrix 
lattice to form discrete particles. However, as the particles grow in size, 
the hardness begins to increase again; and if the aging is prolonged suffi- 
ciently, the particles pass through the critical size for maximum hardening 
just as they do above 169° C. 

It is believed that the disappearance of the initial hardness peak above 
169° is due to a nonuniformity of the initial precipitation, which increases 
with the aging temperature and results in an overlapping of the knot and 
precipitation processes.* At 150°, for example, when hardness readings 
are taken at times between the occurrence of the primary hardness peak 
and the intermediate hardness valley, some submicroscopic regions in the 
structure are undergoing precipitation while others are still in the knot- 
formation stage. The hardness values, therefore, really result from these 
two effects. That is why the primary hardness peak at 150° is so indis- 
tinct. As the aging temperature is lowered to 125° and 100°, where the 
initial precipitation becomes more uniform, there is less overlapping of the 
two stages; the hardness valley becomes deeper, and the primary peak 
more pronounced. On the other hand, above 150° the extent of the over- 
lapping increases and, at 169°, finally becomes complete as far as the 
hardness is concerned. The intermediate softening disappears and the 
primary peak no longer exists. Furthermore, above 169°, because of 
the nonuniformity of the initial precipitation, sporadic precipitation 
sets in before the knots can build up in sufficient numbers to affect the 
hardness, and so the entire hardening is due essentially to precipitation, 
although the knot-formation stage is still a vital part of the aging 
mechanism. This explains why the abnormal reverse effects (prior to 
precipitation) in the more sensitive electrical resistance and dilatometric 
measurements persist even above 169°, but become progressively smaller 
in magnitude as the aging temperature is raised. 

Thus, it is believed that the mechanism of aging (not of hardening) 
in these alloys is actually the same at all temperatures. It is only the 
increased overlapping of the knot and precipitation stages as the aging 
temperature is raised that gives rise to the different hardening effects 
above and below 169°. 

* The fact that the maximum hardness due to precipitation decreases as the aging 
temperature is raised indicates that the higher the aging temperature, the fewer the 
number of particles that simultaneously attain the critical size for maximum harden- 
ing, and hence the more nonuniform the precipitation. This inference is confirmed 
by the X-ray measurements in Table 1, which show that the higher the aging tem- 
perature, the relatively sooner do the diffraction lines become broad, and the greater 
is the broadening by the time the stable-phase lines appear. 
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Mode of Precipitation 

The beginning of precipitation is gradual, as indicated by the progres- 
sive shift of the diffraction lines of the supersaturated solid solution.* 
After a while these lines begin to broaden. Evidently, then, in the later 
stages, precipitation becomes less uniform because of more rapid precipita- 
tion in some particular regions, which gives rise to a nonuniform composi- 
tion of the remaining supersaturated solid solution. As the broad lines 
continue to shift, a new set of diffuse lines appear, which belong to the 
stable silver-rich phase from which all the excess copper has precipitated. 
This indicates that in localized areas precipitation must rapidly go to 
completion. The microscope shows that this rapid precipitation always 
starts at the grain boundaries and twinning planes, and works its way into 
the interior of the grains. Hence, for a certain length of time, the two 
sets of diffraction lines are obtained simultaneously on the film. How- 
ever, as the regions of rapid precipitation overtake those of gradual 
precipitation, the lines due to the latter become broader and fainter and, 
finally, disappear. The diffuseness of the new set of lines is due either to 
extreme fragmentation or distortion of the silver-rich matrix. The 
sharpening of the diffraction lines after long aging at 200°C., therefore, 
indicates ultimate coalescence or removal of the lattice distortion. 

It is believed that the precipitation in the vicinity of the grain bound- 
aries and twinning planes takes place gradually, as in the interior of the 
grains, but at an accelerated rate. Eventually, a stage is reached at which 
diffusion is not rapid enough to supply copper atoms to these depleted 
regions, and a sufficient amount of the completely decomposed silver-rich 
solid solution accumulates to produce its own set of interference lines. 

Summary 

1. The existence of pre-precipitation phenomena in a silver-copper 
alloy has been established by means of hardness, X-ray, electrical resist- 
ance, and dilatometric measurements. It is believed that knot formation 
plays an important part in the fundamental aging mechanism of silver- 
copper alloys. 

2. The linear relationship between the reciprocal of the absolute 
aging temperature and the logarithm of the time required to attain some 
definite point in the aging process, such as maximum hardness, has been 
found to hold for these alloys. 

3. For the particular alloy containing 8.72 per cent copper, 169° C. is 
the critical aging temperature below which the beginning of hardening 

* The fact that Ageew et al. did not detect this initial gradual precipitation in 
their work above 200° C. is explained by Fig. 4, which shows that as the aging tem- 
perature is raised the change in lattice parameter prior to the appearance of the 
stable-phase lines becomes vanishingly small. 
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(as measured by the Rockwell F scale) occurs prior to precipitation, and 
above which the beginning of hardening occurs simultaneously 
with precipitation. 

4. Below 169°, double hardness peaks occur in the aging curves. 
The results indicate that the first peak is due to knot formation, that the 
intermediate softening is caused by the relief of strain when precipitation 
takes place, and that the secondary hardening is due to the growth of the 
precipitated particles as they approach the critical size distribution 
necessary for maximum hardening. 

5. Above 169°, the hardness curves consist of the usual single peak, 
the entire hardening being due to precipitation. 

6. The electrical resistance and dilatometric results indicate that the 
mechanism of aging (not of hardening) is the same at all temperatures: 
knot formation followed by precipitation. However, above 169°, it is 
believed that scattered precipitation occurs before the knots become 
numerous enough to affect the hardness as measured in this investigation. 

7. The mode of precipitation is the same at all temperatures. The 
initial precipitation is gradual, but becomes more and more nonuniform as 
precipitation goes rapidly to completion in localized regions at the grain 
boundaries and twinning planes. These regions grow at the expense of 
the progressively precipitating areas until the precipitation process 
is complete. 

8. It is concluded that additional evidence has been accumulated 
to show that knot formation and precipitation are two consecutive 
stages, which permit a more generalized picture of the mechanism 
of age-hardening. 
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DISCUSSION 

( E . R. Darby presiding ) 

M. L. V. Gayler,* Teddington, England (written discussion). — Mr. Cohen’s 
paper is of particular mterest to me because several months ago I finished wanting a 
paper (which now — Nov. 2, 1936 — is awaiting publication) on a theory" of age- 
hardening practically identical with that of Mr. Cohen’s. I congratulate the author 
on the excellence of his paper as well as on the fact that he has explained facts hitherto 
considered as anomalous. It is particular^ pleasing that the author and I have 
come to the same conclusions independently and from entirely different experimental 
data. My deductions have been based primarily on data on the age-hardenmg of 
alloys of the duralumin type, taken from my own published and hitherto unpublished 
researches and also from those of many other investigators. Substantial proof of 
the theory has also been shown to exist in the published data on the aging of beryl- 
lium-copper as well as silver-copper alloys. 

I am in complete agreement with the author’s statements that (1 ) the mechanism 
of aging (not hardening) is the same at all temperatures, (2) the mode of precipitation 
is the same at all temperatures; (3) the two stages of aging are consecutive, but I am 
not in entire agreement with the statement that the stages are due to (a) knot forma- 
tion and (6) precipitation, for I consider that the first state is due to diffusion of 
solute atoms and that the formation of groups of molecules, which Merica calls 
“knots,” are the indication that the second stage of the aging process (precipitation) 
is starting. The first stage, therefore, consists of the diffusion of the solute atoms to 
planes in the lattice of the solid solution about which precipitation ultimately occurs. 


* National Physical Laboratory. 
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This idffusion will cause an increasing concentration of solute atoms about these 
planes of precipitation and will result in an increase in resistance to deformation 
and electrical resistivity, etc. X-ray evidence is in support of this idea. The 
second stage of the aging process directly follows the first and takes place nearly 
simultaneously; it begins when some of the diffusing atoms form molecules or groups 
of molecules with neighboring atoms of the solvent or other solute atoms. This 
group formation results in an increase of stresses in the lattice and consequent increase 
in the rate of hardening, until they become so great that rejection of a group takes 
place and precipitation proper sets m. 

Mr. Cohen regards the softening that occurs intermediate between the two stages 
of hardening as due to “the relief of strain when precipitation takes place,” and it is 
here that my conception of the aging process differs again from his. I have put 
forward evidence to show that the first stage of the aging process (as well as the 
second) increases to a maximum and then decreases. The entry of the second 
stage tends to overlap the first until at some stage in the age-hardening process it 
entirely balances the first. This point is indicated by the minimum softening and 
maximum resistivity and it is not essential that precipitation proper shall have taken 
place, but that groups of molecules shall be forming in the space lattice, increasing m 
amount and size. That precipitation proper is not the cause is shown by that fact 
that the softening takes place with no change in lattice parameter. 

I have suggested forms of curves that will represent the general theory of age- 
hardening applicable to any system and have submitted typical curves showing: 
(1) the relation between hardness and time for all temperatures within what I have 
termed the “temperature range”; (2) the relationship between the time of attaining 
maximum hardness and the aging temperature; (3) the relationship between maximum 
hardness and temperature of both stages of age-hardening. 

It is impossible to go more fully into the general application of the theory at the 
moment, but I hope that Mr Cohen will understand that full discussion cannot be 
made until my paper is in print. 

W. L. Fink* and D. W. Smith,* New Kensington, Pa. (written discussion). — 
Mr. Cohen’s paper contributes interesting information on the process of age-hardenmg 
m a high-purity binary alloy. Many data of this kmd will be required to clearly 
elucidate all of the details in the process of age-hardenmg. 

The data in this paper show clearly that for aging temperatures of 150° C. or below 
the beginning of hardening is different from the beginning of hardening at higher 
temperatures. The aging time required for initial hardening is shorter than would be 
expected as shown in Fig. 8, and there is a small hardness peak before any change in 
lattice parameter and before the main portion of the hardening curve appears. In this 
same region there is an increase in electrical conductivity and an increase in volume. 

Mr. Cohen assumes that these low-temperature aging phenomena are caused by 
the formation of knots prior to precipitation. We believe that these data can be 
explained without assuming the formation of knots, and that exhaustive experiments 
to determine whether or not the early hardening at low temperatures is accompanied 
by precipitation would be warranted. The polishing and etching technique was 
obviously not suited for revealing the first stages of precipitation, because even in 
the advanced stages the precipitate was not resolved but its presence inferred from 
darkened areas. The fact that a transition phase has been found to precipitate at 
low temperatures in the three aluminum-base alloys investigated up to the present 
time leads us to believe that the formation of such phases during aging may be general. 
This is in accordance with the law of physical chemistry that when two phases are 
possible of formation under given conditions the less stable phase forms first. The 
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cpireiptation of a transition phase m this silver-copper alloy might persift for a time 
at 150° C. and below, and so produce the changes in electrical conductivity, volume, 
and hardness that have been reported. 

It was assumed m the paper that the aging of aluminum-copper alloys is due to 
knot formation. Recently it has been found and reported by us that the aging of 
aluminum-copper alloys can be explained satisfactorily by the formation of pre- 
cipitate. Precipitation was observed microscopically after room-temperature aging. 

R. Phillips,* Cleveland, Ohio. — I should like to ask Mr. Cohen whether he has 
done any work on the solubility of copper and silver. The diagram he used indicated 
a solubility of about 8.8 per cent, and his paper gives an alloy of 8.7 in order to insure 
the maximum hardenability due to aging. Experimenters have been consistent m 
getting data on the other end of the diagram of approximately S per cent solubility 
of silver and copper, but on the end we are interested m, during that same period, 
experimentation has shown values every place from 1 per cent to approximately 
9 per cent. It seems rather queer that experimental error should be so great on one 
end of the diagram and almost perfect on the other. 

I believe there is something that influences this in the rate of cool of the specimens. 
I have found that on slow cool with silver that is only 7.5 per cent copper it is possible 
to obtain a eutectic, and even on very slow cooling through the range between a 
liquidus and a solidus I have obtained a constituent that compares with the high- 
copper constituent on the other end of the diagram. That time was approximately 

5 hr. between the two ranges. I should like to know whether Mr. Cohen has any 
ideas regarding this effect. 

E, M. Wise,! Bayonne, N. J. — I am not sure that the examination of rather 
slowly cooled samples is altogether satisfactory. There may be some complicatmg 
effects. It seems to me that for precise determinations of solubility it is essential to 
chill-cast, drastically work and thoroughly homogenize the alloys and approach 
equilibrium from both sides. I have no doubt that some of the recent determinations 
of solid solubility are close enough for practical purposes. 

A. J. Phillips, t Maurer, N. J. — In Fig. 2, the flat horizontal line has four different 
values. Will the author explain why those four different values exist? They cannot 
be errors in Rockwell determinations, because if they are there is no significance in 
plotting the humps shown there. If they are initial aging effect, why is it the 100° 
curve is a little higher than the 125° curve? 

M. Cohen. — The different values of the initial hardness are not due to experi- 
mental error in the Rockwell determinations. Probably they are caused by a slight 
variation in quenching temperature. The solid solubility of copper in silver varies 
rapidly with temperature in the particular quenching range used, hence a slight dif- 
ference in the quenching temperature of ± 1° or 2° would put more or less copper into 
solid solution. This, of course, would have a material effect on the initial hard- 
ness values. 

A. J. Phillips. — Then the samples were not all cut from the same material and 
quenched the same? 

M. Cohen. — The samples were cut from the same material, but were heated and 
quenched individually. 

A. J. Phillips. — They did not all have the same quench? 
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M. Cohen — That is correct. However, I might say that the aging results were 
checked individually at least two or three times. 

In answer to the question on the solid solubility of copper in silver, I have done no 
work on that solubility curve. However, in reviewing the literature on that subject, 
it seemed to me that the curves as determined by independent investigators using 
independent methods are in very good agreement. The methods used were the micro- 
scopic, the electrical resistance, the dilatometrie and the X-ray method. Con- 
sidering only the more recent work on this solubility curve, the maximum variation 
at any temperature is only a matter of 1 or 2 per cent copper, cei*tainlv nothing like 
the 8 per cent that was suggested. 

It is true that the older work on this system showed widely varying curves, but 
this work was done before the importance of long-time homogenization was appre- 
ciated. I fully agree that the proper way to determine this solid solubility curve is to 
suppress the precipitation by quenching from a high temperature, and then to reheat 
to the given temperature for a sufficiently long time to attain equilibrium. It appears 
that this is a more reliable method for reaching equilibrium than by slow cooling to 
the temperature in question. 

It may be that Mr. Robert Phillips’ alloy was not cooled slowly enough from the 
liquid state, and the resultant coring m the primary particles of the silver-rich solid 
solution caused these particles to have lower average copper contents than the equilib- 
rium values indicated by the solidus curve. This means that at each successively 
lower temperature the remaining liquid would have a higher copper content than 
the equilibrium value indicated by the liquidus curve. Hence, the last drops of liquid 
to solidify may actually have the eutectic composition, and thus, due to coring, a 
eutectic structure may appear in an alloy containing only 7.5 per cent copper. 

In answer to the comments of Dr. Fmk, I really believe that the existence of the 
double-hardness peak in the aging curves below 169° is indicative of pre-precipitation 
phenomena. I do not think that break in the curves can be explained simply on the 
basis of an intermediate phase. However, I will refer to that in greater detail later. 

With respect to the age-hardening of the aluminum-copper alloys, I believe Dr. 
Fink refers to his recent work in which he showed that there is a visible precipitation 
at room temperature. So far as I know, this was the first piece of work that showed 
room-temperature precipitation. An enormous amount of work has been done on 
aluminum-copper alloys, both pure and commercial, in which no precipitation could 
be detected at room temperature, either by use of the microscope or the X-ray. For 
this reason, it seems to me that the particular alloy used by Fmk and Smith was 
different in some way from the alloys used by previous investigators. 

The precipitation in dural or pure aluminum-copper alloys is well known at 
elevated temperatures, but wherever it has been found it has been shown that this 
precipitation is reasonably uniform and that the changes in lattice parameter are 
gradual. With Dr. Fink’s alloy, the changes in lattice parameter were not gradual. 
The precipitation was decidedly nonunifonn. As I showed in my work, when the 
precipitation becomes so nonuniform that it goes to completion in some areas of the 
specimen before it begins in others, there is what amounts to complete overlapping 
of the knot and precipitation processes, assuming that knot formation does exist. 
If the precipitation is very nonunifonn, we can visualize that in some particular 
region the alloy will be in the knot-formation stage; m another region, the alloy will 
be in the process of precipitation; m still another region, the precipitation will be 
complete; and m a fourth region, the knot-formation stage may not even have begun. 
Hence, even if knot formation does exist, it cannot be detected as a pre-precipitation 
phenomenon when the initial precipitation is nonunifonn. 

M. Cohen (written reply). — Messrs. Fink and Smith agree with me in the concept 
of a two-stage aging process for the silver-rich copper alloys. They will admit, I 
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think, that the second stage of this process is the formation or precipitation of a 
copper-rich equilibrium phase as dictated by the equilibrium diagram. We differ 
only when it comes to giving a name to the transition stage between the initial super- 
saturated solid solution and the final equilibrium state. They feel that the transition 
stage, which becomes so important at low agmg temperatures, is due to the precipita- 
tion of an unstable phase, while I believe that the transition represents the forma- 
tion of nuclei within the solid solution just prior to the direct precipitation of the 
stable phase. 

If the initial hardening found during the low-temperature agmg of silver-copper 
alloys is due to the precipitation of an unstable phase, the change m lattice parameter 
of the matrix solid solution should occur simultaneously with the initial hardening. 
Actually this change in parameter takes place after the initial hardness peak. There- 
fore, it seems more logical to attribute this mitial hardenmg to a diffusion process 
within the solid solution prior to precipitation rather than to the formation of an 
unstable precipitate. Furthermore, it would be expected that the transformation 
of the precipitate from the unstable to the stable state, as proposed by Messrs. Fink 
and Smith, would simply result in a difference in the rate of hardening, and not to a 
definite intermediate softening such as was actually found. Finally, in my opinion, 
it is very unlikely that the precipitation of a transition phase would result m a decrease 
in electrical conductivity. If this precipitation occurred, it would decrease the 
copper content of the matrix solid solution, and this tendency toward an increase in 
conductivity would probably be considerably greater than the opposing tendency 
caused by internal stresses due to precipitation. Thus, one would expect that the 
precipitation of even an unstable phase would cause an increase m electrical con- 
ductivity, whereas the silver-copper alloys showed a decrease in conductivity during 
the initial stage of agmg. 

I am pleased to note the close agreement between Dr. Gavleris concept of the 
general mechanism of age-hardening and my own ideas as deduced from the aging of 
silver-copper alloys. Dr. Gayler recognizes the necessity for an initial diffusion 
process taking place within the supersaturated solid solution in preparation for* 
precipitation. This results in segregation of solute atoms in certain regions of the 
solvent lattice which cause the initial hardening. I have used the word “knot” to 
describe these segregations. Dr. Gayler, however, uses the word “knot” to indicate 
a molecule-formation stage which she regards as the beginning of the second-stage 
process and hence the cause of the secondary hardening. Thus, it appears that Dr. 
Gayler’s picture of the two-stage process is very different from the ideas suggested by 
Messrs. Fink and Smith. The latter believe that the double hardening is due to the 
formation of two types of precipitate; the former is of the opinion that the double 
hardening takes place before precipitation proper. I differ with Dr. Gayler on only 
one point. I do not believe that it is necessary to postulate the formation of solute 
molecules before precipitation. If, as Dr. Gayler states, the formation of molecules 
or groups of molecules causes the secondary hardening by increasing stresses in the 
lattice, there should be a third stage in the hardening process corresponding to 
subsequent formation of an actual precipitate and the growth of the precipitated 
particles to the critical size distribution for maximum (precipitation) hardemng. 
Yet Dr. Gayler agrees with me that the aging is only a two-stage process. 

I am gra tifi ed to note that in spite of the disagreement as to the exact mec h a n ism 
of the aging process, the contributors to this discussion all recognize that aging 
is not a simple precipitation process. It is hoped that further efforts along these 
lines on other pure binary systems will lead to a clearer and more universal picture 
of age-hardening. 
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Approximately two years ago the authors obtained data that indi- 
cated that initial precipitation could not be detected by change of lattice 
parameter in the aluminum-rich aluminum-magnesium alloys. Some 
of these data were first published in a brief note in Mining and Metal- 
lurgy 1 . Cast specimens were used at that time and they showed initial 
precipitation relatively sooner than sheet material of the same composi- 
tion. For this reason a more thorough investigation has been carried 
out using a homogenized aluminum-magnesium sheet containing approxi- 
mately 10 per cent magnesium. 

Materials . — The aluminum used in the preparation of the aluminum- 
magnesium alloy was of high purity, containing less than 0.01 per cent 
■ each of iron, silicon and copper. The magnesium was high-purity sub- 
limed magnesium. 

Preparation of Alloy . — Approximately 4 kg. of the aluminum was 
melted in a plumbago crucible in an electric furnace and the magnesium 
was added. The melt was thoroughly stirred with a graphite rod and 
fluxed with chlorine gas before casting. The alloy was cast in the form 
of a sheet ingot in a cold iron tilting mold (approximately 200 by 165 
by 40 mm.) and into small chill-cast slabs for chemical analysis (75 by 
40 by 5 mm.). 

The chemical analyses were made upon drillings from the analysis 
slabs. The analytical methods were those described in “Chemical 
Analysis of Aluminum, ?? published by the Aluminum Company of Amer- 
ica. The composition of the alloy was found to be: magnesium 10.30, 
silicon 0.013, iron 0.008 and copper 0.005 per cent. 

In order to insure homogeneity the alloy was given two intermediate 
anneals at 430° C. for a total time of 36 hr. The ingot was hot-rolled 
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to a thickness of 6.4 mm., and then cold-rolled to a thickness of 3.2 mm., 
at which point small specimens approximately 12 by 12 mm. were cut 
out for microscopic examination and lattice-parameter measurements. 
The remainder of the sheet was further cold-rolled to a thickness of 
approximately 1 mm. and cross-grained tensile specimens were machined 
with a formed milling cutter. 

All of the specimens were heated for 16 hr. at 450° C., quenched in 
cold water and subsequently aged at various temperatures for various 
periods of time. 

Microscopic Examination . — All of the specimens for microscopic 
examination were polished with unusual care to avoid defects such as 
polishing pits and surface flow. They were then etched in an aqueous 
solution containing 0.6 per cent hydrofluoric acid. The time required for 
etching varied with the aging treatment that the sample had received. 

Specimens of the as-quenched alloy and the specimen aged 1 hr. at 
100° C. revealed the polyhedral grain structure typical of solid solutions, 
with a few small particles of Mg 2 Si (Fig. 1). Specimens aged for longer 
periods of time at 100° C. revealed small amounts of precipitation at the 
grain boundaries (Fig. 2), but no apparent precipitation within the grain 
until the specimen had been aged 604 hr. at this temperature, when 
appreciable precipitation is visible within the grains (Fig. 3). 

Upon aging specimens at 200° C. for short periods (% hr. and 1J4 hr.) 
grain-boundary precipitation and a small amount of precipitation within 
the grains are visible and by the time a specimen is aged for 3 }£ hr. a 
rather large amount of precipitation has occurred within the grains 
(Fig. 4). The type of precipitation is Widmanstatten in nature and 
becomes more clearly defined as the aging time increases (Fig. 6). 

Aging at 300° C. resulted in very rapid precipitation at grain bound- 
aries as well as within the grains (Fig. 6). Aging for long times agglom- 
erates the precipitate into large particles. 

Lattice-parameter Measurements — The same polished surfaces that 
were used for microscopic examination were also used for the measure- 
ment of lattice parameter by the X-ray back-reflection method. No 
change in lattice parameter could be detected until after substantial 
precipitation within the grains was visible microscopically. The very 
first evidences of lattice-parameter change were observed after 1 hr. 
at 300° C., or 8 hr. at 200° C., and no change was observed in specimens 
aged at 100° C. even after 604 hr. The lattice parameter did not change 
uniformly throughout the entire specimen; that is, the first evidence of 
any change in parameter was shown by the diffraction circles becoming 
more diffuse in the direction of decreasing lattice dimension. With 
continued aging the diffraction circles became more diffuse and at approxi- 
mately the midpoint of the decomposition of the solid solution the circles 
were so diffuse as to make them practically unmeasurable. This was 
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Figs. 1-6. — Aluminum-magnesium allot (10.30 per cent magnesium) heated 

10 HR. AT 460°C., QUENCHED AND AGED. ETCHED IN AQUEOUS SOLUTION OP 0.5 PER 
GENT HjPj. X 500. 

£ig-l. Aged 1 hr. at 100° C. Pig. 4. Aged 3^ Hr. at 200° C. 

Pig. 2. Aged 8 hr. at 100° C. Pig. 5. Aged 64 hi. at 200° O. 

Pig. 3. Aged 604 hr. at 100° C. Pig. 6. Aged H hi. at 300° C. 
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AGING THE IN HOURS AT WO* C 


Fig. 7. — Plot of age-hardening data of an aluminum-magnesium allot (10.30 

PER CENT MAGNESIUM). 



Fig. 8. — Plot of age-hardening data of an aluminum-magnesium alloy (10.30 


PER CENT MAGNESIUM). 
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especially true of the specimen aged 16 hr. at 200° C. The lattice-para- 
meter data are summarized in the curves of Figs. 7, 8 and 9. 

Tensile Tests . — Previous tests have shown that the most reliable 
criteiia of the extent of age-hardening are yield strength and elongation. 
Consequently, these properties were determined as a function of the 
aging time. The test data are summarized in the curves of Figs. 7, 8 
and 9. The specimens were tested in an Amsler testing machine equipped 
with self-aligning grips 2 . The yield strength was determined from the 
stress-strain curve drawn by an electric recording extensometer 3 . 



Fig. 9. — Plot of age-hardening data of an aluminum-magnesium alloy (10 30 

PER CENT MAGNESIUM). 

Identification of Precipitating Phase . — Debye-Scherrer X-ray patterns 
made from aged samples of the 10 per cent magnesium alloy used in this 
work yielded reflections showing that the precipitating phase in specimens 
aged 80 hr. at 300° C. is the equilibrium phase p (sometimes referred to 
as Mg 2 Al 8 ) while in specimens aged 136 hr. at 200° C. the precipitating 
phase was found to have a lattice arrangement different from the equilib- 
rium phase. This new phase will be called P'. This same phenomenon 
has been previously observed and reported 4 ' 5 in connection with age- 
hardening of aluminum-copper alloys. 

Discussion of Results . — The curves of Figs. 7, 8 and 9 summarize the 
data on elongation, yield strength, lattice parameter and the time required 
for precipitation as revealed under the microscope. It is evident that 
precipitation has occurred before any change in lattice parameter can 
be detected and before the yield strength or elongation have suffered 
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any substantial change. It should be noted that the first particles of 
precipitate appear at the grain boundaries but that these particles have 
no measurable effect on the yield strength or elongation. For example, 
aging for 8 hr. at 100° C. produces many particles of precipitate at the 
grain boundaries but no measurable change in yield strength or elonga- 
tion. However, as soon as precipitation occurs within the grain some 
change can be detected in both yield strength and elongation. The 
lattice parameter, however, does not change measurably until the aging 
has been carried further. 

The occurrence of a different crystal structure 03') in the particles 
precipitated at lower aging temperatures is of considerable interest. 
The same phenomenon has been observed in the aluminum-copper sys- 
tem. It has also been observed that the precipitate in the aluminum- 
magnesium-silicide alloys has a crystal structure different from the 
equilibrium phase Mg 2 Si 6 . The authors suggest that the precipitate 
that forms in age-hardenable aluminum-base alloys at the usual aging 
temperatures may frequently, or even generally, have a structure differ- 
ent from the equilibrium phase. 

Conclusions Concerning Aging of Aluminum-magnesium Allot 

1. Lattice parameter is not changed by precipitation of minute 
particles during age-hardening as it is by precipitation under equilib- 
rium conditions. 

2. Precipitation at grain boundaries can be observed microscopically 
before the aging has progressed far enough to change the yield strength 
and elongation measurably. 

3. Changes in yield strength and elongation are coincident with the 
appearance of precipitation within the grains. 

4. The phase j3', which precipitates at normal aging temperatures, 
has a crystal structure different from the equilibrium phase 0. 
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DISCUSSION 

(E. R. Darby presiding ) 

J. T. Norton, * Cambridge, Mass. — This system is a typical example of the non- 
uniform type of precipitation. It is a phenomenon found also in the other end of this 
same system, the magnesium-rich alloys. In this paper the authors have suggested 
that the measurement of yield strength and tensile strength are very sensitive methods 
of determining the progress of the age-hardening phenomena. In our experience 
the measurement of the dilation or change in volume and of the electrical resistance are 
also very sensitive measurements of the begmnings of the changes that take place. It 
would be interesting if such experiments could be made on these alloys to see how 
changes m these properties compare with the visible precipitation the authors 
have indicated. 

I might say just a word in defense of the X-ray method, which the authors have 
indicated as unsuitable for the study of this particular problem. In that statement 
I agree. In a system in which there is the nonumform type of precipitation, obviously 
the measurement of the parameter, which is an average effect, is unsuited. I think 
we can say, however, that where the lines remain sharp and indicate gradual change in 
parameter that evidence is positive. Negative X-ray evidence is not conclusive, but 
positive X-ray evidence of a continuous change in parameter is definitely indicative 
of precipitation. 

M. Cohen, f Cambridge, Mass. — It is rather amusing to note that Dr. Fink and 
Dr. Smith m the past have used the aluminum-copper alloys, upon which the knot 
theory was originally based, to show that there is no need for the knot theory, while I 
have used the silver-copper alloys, which ordinarily have been considered to harden by 
precipitation only, to show that there does seem to be a need for the knot theory. 

To establish whether or not precipitation is taking place, it is important to select 
sensitive properties by measurement of which the course of aging can be followed. I 
feel, with Professor Norton, that the electrical resistance and dilation, and also the 
Rockwell hardness, are more sensitive properties for this purpose than the yield 
strength and the elongation. 

Again, where the precipitation is uniform, I still believe that the X-ray method 
offers a more sensitive means for detecting the beginning of precipitation than 
the microscopic method; but where the precipitation is nonuniform, as indicated in the 
aluminum-magnesium alloys, it is true that the microscopic method is superior to the 
X-ray method. Whereas the precipitation in the aluminum-magnesium alloys and also 
in the authors' aluminum-copper alloys is decidedly nonuniform, there is the possibility 
of masking out or overlapping the knot-formation stage, so that even if knot formation 
did take place it could not be detected. Therefore I feel that unless the precipitation 
can be made to occur uniformly there is no point in too much theorizing. 

I hoped that Professor Norton would say a little more about his work on the 
magnesium-rich aluminum alloys. As he stated, he also found the nonuniform type of 
precipitation, but in addition he found a very significant fact: the longer the time of 
homogenization prior to the age-hardening — i.e., the longer the time of solution heat- 
treating — the greater tendency there was for precipitation during aging to become 
uniform. In the present paper the solution treatment, as I remember it, was a homo- 
genizing treatment of about 16 hr. It may be that if 16 days or 16 weeks had been 
used, a general trend toward more and more uniform precipitation could have been 
established. I really do not know, but there is that possibility. 

* Associate Professor, Physics and Metals, Massachusetts Institute of Technology, 
f Assistant Instructor, Massachusetts Institute of Technology. 
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W. L. Fink (written discussion).— We agree with Professoi Norton that measure- 
ments of electrical conductivity or volume change are very desirable and sensitive, and 
we have a program lined up now in which those measurements will be made. 

Mr. Cohen evidently overlooked a part of the description of the treatment. It was 
repeatedly cold-rolled and annealed at high temperature until it had had 36 hr. at 
temperature prior to the 16-hr. treatment to which he referred. We have found, in a 
number of systems, that repeated cold-work and heatmg is much more effective than 
one homogenizing treatment of the same duration, so we feel confident that these 
alloys W’ere adequately homogenized. 

In regard to the question of knots, I should like to recall the ongin of that theory. 
It W'as believed that there were certain substantial changes m the properties — hard- 
ness, strength, and so forth — before there w'as any precipitation. That being the 
case, it became necessary to assume some mechanism to account for interference with 
slip before precipitate particles formed. Therefore, the presence of precipitate experi- 
mentally revealed during that interval eliminates all necessity for assumption of 
knots. Of course, crystal nuclei must form m some manner or other (probably by a 
Widmanstatten mechanism) before visible particles form, and it is po&sible that this 
formation of nuclei is preceded by the formation of knots. However, there is no 
evidence that those knots, if they exist, contribute anything to the hardening, and 
certainly in the systems w'e have studied there is no measurable effect on the properties 
measured, from the formation of any nuclei prior to precipitation. It seems to me, 
therefore, that consideration of what happens in very early stages prior to the forma- 
tion of nuclei has a very slight effect upon our theory of age-hardening. 

J. T. Norton. — Dr. Fink has spoken of the formation of nuclei before actual pre- 
cipitation forms. Perhaps that is the same thing that we are talking about when we 
speak of knots. Perhaps the origin of the term “knots” was unfortunate. If, how- 
ever, we can show that something happens, regardless of what we may desire to call 
it, before W'e have any indication of precipitation, we must have a theory to explain 
it. In this particular system there seems to be little evidence that anything has 
happened before precipitation, but there is a tremendous amount of evidence in the 
literature that does suggest that possibly something happens before we can detect 
precipitation by any other means that we have now. That has been the reason for all 
of the controversy. 

Whether the knot formation or pre-precipitation behavior is a necessary antecedent 
to the formation of the precipitate is still open to question. If we can show* later that 
it is a necessary antecedent of the actual precipitation, one theory will cover the 
whole situation beautifully, but it does not seem to me that has been definitely estab- 
lished as yet. It certainly seems to be true in some systems, and there is still some 
doubt in other systems. Until there is a great deal more experimental evidence, it 
seems as though the whole question should be held in abeyance. 

W. L. Fink. — I might say just a w'ord in regard to the amount of data in the litera- 
ture indicating changes in properties before any precipitation has been observed. 
That is perfectly true, but I think it should be kept in mind also that the precipitate 
during the early stages is necessarily very fine and very difficult to observe. It 
requires very careful work and very sensitive methods. There must be precipitation 
long before it can be observed under the microscope. 

We selected the aluminum-copper system to work on because that seemed to be 
the outstanding system regardmg which there was a great deal of w’ork to show' that 
there w'ere changes in properties before precipitation occurred, but after working 
on it for a while we were able, microscopically, to show' precipitation at such an early 
stage that it left no room for any appreciable change in properties due to the formation 
of knots or any other pre-precipitation phenomena. 
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I am inclined to think, therefore, that all that is necessary in order to reveal pre- 
cipitation m some of the other systems described in the literature is sufficiently sensi- 
tive methods and accurate work. 

E. H. Dix, Jr.,* New Kensington, Pa. — I believe the principal thing that caused 
Dr Merica to propose his knot theory was the very exact work done by Dr. Sachs, 
using the new X-ray tool with which, as nearly as anybody could see, should be shown 
changes that were taking place inside the metal sooner than m any other way. 
Dr. Sachs* measurements did not show a change in the lattice parameter at the time 
to account for the change in mechanical properties. 

It seems to me that the principal point in the work of Fink and Smith is that they 
have definitely shown in two systems, aluminum-copper and aluminum-magnesium, 
that visible precipitation takes place prior to any change they have been able to find 
in lattice parameter. 

M. Cohen. — Do you feel that you have detected this precipitation process simply 
by more sensitive methods than have been used previously, or do you think that your 
alloy is different in some way or other from those used by previous investigators? I 
want to call attention to the fact that an enormous amount of work by Goler and 
Sachs, Fraenkel, and others, has not detected any room-temperature precipitation 
either by means of X-rays or by the microscope. On the other hand, they have 
detected reverse effects in the electrical resistance and dilation curves. 

W. L. Fink. — It is true that the alloys we use are made from higher purity material 
than much of the material used for reported investigations, but I feel that the principal 
factors are more careful work and a better etch. The surface must be prepared very 
carefully. Even a slight surface flow either obliterates or makes indistinct the micro- 
scopic evidence of precipitation. Moreover, it is difficult to find a satisfactory etch. 
We have been working on the problem of suitable etches for aluminum-copper alloys 
for a long time, and only since Mr. Keller, of our laboratories, developed an etch 
capable of revealing the precipitate in the commercial alloy 17-S have we had an etch 
good enough to allow us to reveal clearly the precipitation m these binary aluminum- 
copper alloys. After we did reveal the precipitation with this etch, it was possible to 
use older etches on an alloy that was known to have precipitate and get some faint, 
hazy indications of it, but the difference is striking. If the indications with the older 
etches were the only evidences, one would be inclined to pass it over as some sort of 
superficial effect due to improper polishing or etching technique or something of that 
sort. In other words, a better etch was necessary before we could feel sure of our 
ground. I think the same thing will probably occur in the study of other systems. 

M. Cohen. — What do you think of the possibility of premature precipitation at 
the very surface of your alloys caused by the polishing and etching operation? Pre- 
vious investigators of silver-copper alloys have found, even after careful polishing and 
etching, that the supersaturated solid solution at the surface would decompose, either 
from the effect of the cold-working or the chemical attack. 

W. L. Fink. — The specimens we used were polished in the same way, regardless of 
aging time. The as-quenched material showed no precipitation, but after enough 
aging this same polishing and etching would reveal evidence of precipitation. I 
feel that there is no chance of the precipitation having been caused by the polish- 
ing operation. 

J. T. Norton. — Suppose, Dr. Fink, you were to examine the electrical resistance 
and the dilation in these alloys and find the reverse effects of time prior to the first 
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visible precipitation; m other words, that the actual resistance would increase and the 
volume changes would be m the abnormal direction. Would that in any way modify 
your opinion as to the nature of the precipitation? 

W. L. Fink. — No. I should rather expect that they would be in the “wrong” 
direction. We know that when two phases are possible the least stable forms first, 
and that usually it is the less dense or more voluminous. Moreover, I should be very 
much surprised if very minute particles should behave in the same way and give the 
same results as large crystals. In other solutions, for example, liquid solutions, the 
change from the true solution to a typical two-phase system is not abrupt. Small 
colloidal particles have many ot the properties of molecules; that is, they may be 
considered as large molecules. So I think we are on very dangerous ground if we 
assume the same properties for a two-phase system with large particles and the same 
system with very minute particles that contain relatively few solute atoms. 

J. T. Norton. — Then our only difference in opinion is as to what we shall call 
these. It seems to me it stays between a solid solution and a precipitated situation, 
which we can recognize as a result of our experiments on considerable amounts of 
precipitate; that is, if we observe these reverse effects they must be due to something 
different from the precipitates that are ordinarily recognized. That is the situation 
which perhaps we have suggested as knots, perhaps incorrectly, because the situation 
is entirely changed smce the original knot system was developed. The real nub of the 
problem seems to be m the explanation of these abnormal effects of one sort or another. 



Precipitation-hardening and Double Aging 

By R. H. Harrington* 

(Cleveland Meeting, October, 1936) 

The definition of precipitation-hardening 1 is well understood and its 
principles have been subjected to study for some time. However, the 
variation of properties with double aging, combined with strain-hardening, 
gives promise of new and useful phenomena. Properly to understand 
these distinctions, definitions of these terms are necessary. 

Precipitation-hardening 1 . — This reaction usually depends upon an 
alloy having such a composition that it consists only, or in major part, of 
but one phase, a solid solution, at a high temperature, so that, upon slow 
cooling, this solution breaks down into two phases, the solid solution and 
a compound. By heating the alloy to the temperature for maximum 
solution of the compound, quenching, and reheating to a suitable lower 
temperature for critical dispersion precipitation of the compound, useful 
properties of the alloy may be developed to a maximum. 

Double Aging . — Dougle aging in part is similar to the process for 
precipitation-hardening, consisting of heating a precipitation-hardening 
alloy to the solution temperature, quenching, reheating to the suitable 
dispersion precipitation temperature, strain-hardening, and again reheat- 
ing to a suitable temperature to develop certain useful properties to a 
maximum. The strain-hardening may be induced by two methods: 
(1) a rate of cooling from the first reheat may suffice to strain the solid 
solution lattice of the alloy; or (2) the alloy may be cold-worked to a 
suitable degree between the two reheats. 

Precipitation-hardening op Copper-cobalt-beryllium Alloys 1 - 2 

The composition of principal interest is that of 2.6 per cent Co, 
0.4 per cent Be, 97 per cent Cu. The alloy has been developed commer- 
cially and, with certain reasonable precautions, ordinary brass-foundry 
practice suffices to produce an alloy of high quality. 

Preliminary Precipitation-hardening Study . — Samples were cut from 
a 1-in. round rod cast in a graphite mold. These samples were then 
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1 R. H. Harrington: The Present Status of Age-Hardening. Trans. Amer. Soc. 
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quenched from the solution temperature and drawn at different tempera- 
tures to determine the heat-treatment necessary to develop maximum 
precipitation hardness. The results are shown in Table 1. The electrical 
conductivities, referred to 100 per cent for copper, are also in Table 1. 
The hardness and conductivity values are clear indications that precipita- 
tion-hardening has taken place. It is to be noted that the ratio of cobalt 
to beryllium in this analysis is the ratio of atomic weights of the two 
elements in the compound formula CoBe; also that, in the absence of 
cobalt, up to 1 per cent beryllium is soluble in copper at room tempera- 
ture. The correct hardening heat-treatment of this alloy is, therefore, to 
heat 1 hr. at 900° C., quench in water, reheat 2 to 4 hr. at 500° C., and cool 
in air or a reducing atmosphere. 


Table 1 . — Hardness and Electrical Conductivity 


Condition of Alloy 

As 

Cast 

900° C. 
Water 
Quench 

Temperature of Draw, Deg C. 

200 

300 

! 400 1 500 600 ' 700 i 800 ' 900 

.... 1 | 

Brinell hardness 

80 

69 

69 

74 

120| 220 ! 13o! 92 j 80 i 80 

Electrical conductivity, per 





1 ! i ; 1 

cent 

26.3 

19.6 



!45-5 0 i | | j 


Tensile Properties . — The tensile properties are shown in Table 2. The 
proportional limit is unusually high for such an alloy. 

Table 2. — Physical Properties 
Tensile Properties 


Condition of Alloy 

Tensile 
Strength, Lb 
per Sq. In. 

Proportional 
Limit, Lb 
per Sq. In. 

Elon nation, 
Per Cent in 

2 In. | 

Reduction 
in Area, 
Per Cent 

Brinell 

Hardness 

Cast and heat-treated. . . 
Forged and heat-treated 

90,000 

100,000 

45,000 

45,000 

10 

20 

20 

24 

220 

220 


Additional Physical Properties 


Modulus of elasticity in tension . . 17,000,000 

Modulus of elasticity in torsion: 20° C 7,192,000 

400° C 6,961,000 


Effect of temperature on tensile properties, cast bars, heat-treated: 



At 20° C. 

At 350° C. 

At 475° C. 

Tensile strength 

90,000 

10 

68,000 

4 

56,000 

1 

Elongation, per cent 

Reduction of area, per cent 

20 

4 

2 





Once precipitation-hardened, the alloy may be reheated to about 
500° C. without affecting the room-temperature properties. Cold-rolling 
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to four numbers hard between the quench and the draw results in a small 
increase in tensile strength to a value of about 110,000 lb. The hardness 
and toughness of this alloy in the heat-treated state prevent any practical 
results from attempts to cold-work the heat-treated alloy. The alloy 
is easily worked hot, before heat-treatment, or cold-worked between 
quench and draw. 

The torsional modulus of elasticity values indicate an unusual main- 
tenance of spring properties at temperatures up to 400° C. The fatigue 
properties are also unusually good. 

Double Aging with Intermediate Thermal Strain-hardening 

A few alloys, by their phase constitution, may have their properties 
appreciably affected by strain-hardening a solid solution phase by cooling 
rates from aging temperatures that are not at all so effective in this way 
for the majority of the known alloys. Thus, abnormal grain growth in 
high-speed steel 3 may be caused by simply air-cooling the alloy from 
800° to 850° C. and subsequently hardening the steel without intermediate 
anneals. This was ascribed to the strain-hardening of the retained 
austenite during cooling from the lower temperature. It is also known 
that usually strain-hardening (as by cold-working) between the quench 
and the draw tends to increase somewhat the amount and degree of 
precipitation that takes place in a precipitation-hardening alloy. 

Bearing this in mind, the benefits ascribed to the “double aging” of 
high-speed steel may be considered. Although the details and exact 
conclusions will be the subject of another publication, some of the con- 
clusions from tests on a high-speed steel of the 18 W, 4 Cr, 1 V type 
are as follows: 

Heat Treatment — Test tools were preheated at 900° C., heated 5}'£ 
min. at 1300° C. and oil-quenched. A number were then drawn 2 hr. 
at 550° C. and air-cooled for a single aging. Others were drawn 1 hr. 
at 550° C., air-cooled and reheated 1 hr. at 550° C., followed by air-cooling. 

Tool Life . — The double-aged tools had about twice the life of those 
with single aging. 

Transverse Strength . — The double-aged tools had more than twice the 
strength of the single-aged tools. 

Structures . — At a magnification of 2000, the structure of the double- 
aged tools showed a greater amount of precipitation of the hardening 
particles and an appreciable increase in the amount of troostitic structure. 

Conclusion . — One conclusion may therefore be that lattice straining 
of the retained austenite, accomplished by air-cooling from the first 
550° C. draw, favored two reactions during the second draw as would be 

8 G. R. Brophy and R. H. Harrington: Nature of Abnormal Grain Growth in 
High Speed Steel. Trans. Amcr, Soc, for Metals, 19, 386-402, 
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expected: (1) Further transformation of some of the gamma phase 
(austenite) to the alpha (troostite); and (2) more precipitation of 
tungstides and complex carbides that form the critically dispersed 
hard particles. 

Double Aging with Intermediate Cold- working, 
Copper-chromium-beryllium Alloys 2 

Most precipitation-hardened alloys of practical value are too tough, 
hard, or brittle to be cold-worked to any appreciable degree following 
complete heat-treatment. Had it not been for the unusually high 
electrical conductivities of the precipitation-hardened alloys of copper- 
chromium-beryllium they could easily have been overlooked. 

The preferred analysis is that of 0.4 per cent Cr, 0.1 per cent Be, 
99.5 per cent Cu. The alloy has been developed commercially and, with 
certain reasonable precautions, ordinary brass-foundry practice suffices 
to produce alloy of high quality. 

Preliminary Precipitation-hardening Study . — Two compositions, one 
with chromium and beryllium balanced in the ratio to form CrBe, and 
one with excess chromium, were used for melts. Samples were cut from 
1-in. round rods cast in graphite molds. These were quenched from a 
high temperature to retain the solid solution and then reheated at succes- 
sively higher temperatures for drawing treatments. Rockwell B hard- 
ness tests were made after each treatment. Electrical conductivity tests 
were made on cast rods heat-treated to the maximum hardness. The 
data are shown in Table 3. 


Table 3 


Composition, by Analysis Per Cent 

As 

Cast 

925° C. 
Water 
Quench 

Temperature of Draw, Deg C 


300 

400 

450 

475 | 

500 

525 

i 

j 550 

0.08 Be 

0.38 Cr 

Balance Cu 

+22 

-12 

-10 

-2 

t 

+15 

i 

1 

+30 

+35 

+40 

+33 

1 

i 

+29 


Electrical conductivity, 73.2 per cent 


0.095 Be 

1.18 Cr 

+20 

- 5 

- 6 

-1 

+16 

CO 

+ 

+35 

+40 

+33! +27 

Balance Cu 








I 

1 

| ! 


Electrical conductivity, 71.4 per cent 


In general, the accepted heat-treatment consists of: (1) Heat 1 to 2 hr. 
at 900° to 925° C.; (2) quench in water; (3) reheat 1 to 4 hr. at 500° C. 
The heat-treatment may be given in either air or reducing atmospheres 
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Chromium in excess of the amount to form with beryllium the compound 
CrBe is to be avoided, as no benefits accrue and there is a tendency 
toward a lower electrical conductivity. 

Physical Properties of Heat-treated Cast Rod . — Standard tensile speci- 
mens were machined from 1^-in. and 1-in. dia. heat-treated cast rods. 
All proportional limits as reported were derived from load extension data, 
of which the extension values were obtained by use of the Sayre extenso- 
meter. Physical properties (average of three or more test specimens) are 
as follows: tensile strength, 30,000 to 35,000 lb. per sq. in.; proportional 
limit, 15,000 to 16,000 lb. per sq. in.; elongation, 10 to 15 per cent; 
hardness, 35 to 40 Rockwell B; electrical conductivity, 72 to 75 per cent 
of that of copper. 

Size of casting and pouring procedure give the ranges indicated for 
tensile strength and elongation. These room-temperature tensile proper- 
ties are unaffected by reheating the fully heat-treated cast or forged bars 
to temperatures up to 500° C. and recooling. 

The conductivity of the heat-treated alloy decreases less than 
does that of pure copper with increasing temperature. The data are 
as follows: 



Resistivity, Micio-olims per Cu Cm. 


Temperatuie, Deg C 



Conductivity, Per Cent 
of That of Cu 

Cu-Ci-Be 

Cu 

21 

2.433 

1.73 

71.2 

125 

3.142 

2.44 

77.6 


Effect of Cold-working between Quench and Draw . — Rods, 1)4 in. in 
diameter, were cast in graphite molds, all rods tested being from the same 
melt. All rods were heated 1 hr. at 900° C. and quenched in water, then 
cold-swaged to 1-in. dia. Small samples were then heated 1 hr. at each 
of various drawing temperatures and Rockwell B hardness values were 
measured. Results are shown in Table 4. 


Table 4. — Hardness 





Temperature of Draw, Deg. C. 




100 

200 

300 

400 

450 

500 

550 

600 

Hardness, Rockwell B 

-12 

59 

50 

53 


53 

59 

61 

47 

41 


Cold-swaged bars 1 in. in diameter were then reheated 1)4 hr. at each 
of the temperatures: 450°, 475° and 500° C. The reheated bars were 
machined into standard tensile specimens, the electrical conductivities, 
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hardness values, and tensile properties were determined and photomicro- 
graphs were taken. The physical properties are indicated in Table 5. 


Table 5. — Physical Properties 


Ti eatment 

1 

Struc- 

tuie 0 

i 

Tensile 
Stiength, 
Lb per 
Sq In. 

Propor- 
tional 
; Limit, 
Lb per 
, Sq. In. 

Elonga- ' Hard- 1 Electrical 
tion, ' ness Conduc- 

PerCent Rockwell, tivity, 
j in 2 In. , B ( Per Cent 

' ' l 

Quenched and swaged, 450° C. 



i 

j j 

1 j ! 

draw 

Fig. 2 

47,900 1 

1 

! 30,000 

26 j 59 71.2 

| 

Quenched and swaged, 475° C. 

draw 

Fig. 3 

47,700 i 

j 

30.000 ! 

! 1 

27 j 63 j 70.6 

1 i 

Quenched and swaged, 500° C. 

draw j 

Fig. 4 

46,200 

27,000 j 

| 20 , 61 ; 73.6 


a Fig. 1 shows the structure of the alloy as quenched and swaged. 


The data of Tables 4 and 5 and the photomicrographs of Figs. 1 to 4 
lead to the following conclusions: 

1. The effect of cold-work between the quench and the draw has 
lowered the critical dispersion precipitation temperature from 500° to 
475° C. for maximum hardness. 

2. The maximum hardness achieved by cold-working the alloy 
between quench and precipitation reheat is 63 Rockwell B, as compared 
to 35 Rockwell B after the simple precipitation-hardening treatment. 

3. Similarly, the proportional limit has been doubled with an increase 
of only 60 per cent in the tensile strength, and the elongation has been 
appreciably increased to 27 per cent. 

4. The improvement in tensile properties is combined with the 
high electrical conductivity obtained by the simple precipitation 
heat-treatment. 

5. Since the electrical conductivities of the alloy for both treatments 
are practically the same, it seems probable that the actual amount of the 
precipitated phase is the same following both treatments. Therefore it 
would seem that cold-work between the quench and the draw has exercised 
a preferential effect as to the location of the dispersed phase, so as to 
more effectively key the slip planes most readily affected by cold deforma- 
tion during the tensile tests. 

6. Fig. 1, showing the structure of the quenched and cold-swaged 
alloy, pictures the typical slip-banded grains for such a treatment. Fig. 2 
shows the alloy with the same treatment followed by a 450° C. draw. 
There has been no apparent change from the structure of Fig 1 other 
than a possible slight decrease in the number of slip bands. Drawing at 
a temperature of 475° C. appears to have caused a further decrease in the 
number and width of the slip bands as shown in Fig. 3, compared to 
Figs. 1 and 2. Fig. 4 shows the structure of the alloy with the same base 
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treatment of quench followed by cold-work but with a succeeding draw at 
500° C. There is an apparent marked decrease of slip bands as compared 
to Figs. 1 and 2, and some indication of the beginning of recrystallization. 
The preferential precipitation, caused by cold-working between the 
quench and the draw, appears to have blocked the diffusion conditions 
ordinarily prevailing when no precipitation occurs upon reheating, so that 
recrystallization, if at all appreciable, must take place at some tempera- 



Fl a. 1. — As QUENCHED AND SWAGED. 

Fia. 2. — Same as Fig. 1, drawn at 450° C. 
X 100. Etch, sulphuric dichromate. 


ture above 500° C., when coalescence of the precipitated phase would 
decrease its blocking effect. 

Effect of Cold-work Intermediate to Double Aging . — Alloy of the same 
composition was cast in graphite molds into rods of l^-in. dia. These 
rods were heated 1 hr. at 900° C., quenched in water and reheated 1 hr. 
at 500° C. They were then cold-swaged to 1-in. dia. (giving them about 
the same amount of reduction as was given the rods that were cold- 
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swaged between the quench and the draw). For a preliminary “age- 
hardening” study, samples of the heat-treated and cold-worked rod were 
reheated at various drawing temperatures for 1 hr. and air-cooled. The 



Fig. 3. — Same as Fig. 1, drawn at 475 u C. 

Fig. 4. — Same as Fig. 1, dr\wn at 500° C. 

X 100. Etch, sulphuric dichromate. 

Rockwell B hardness values were then determined. The results are given 
in Table 6. 


Table 6. — Hardness 


Treatment, Deg. C. 

Heat- 
treated and 
Cold- 
worked 

Temperature of Draw, Deg. C. 



250 

300 

350 


450 j 500 

Rockwell B hardness 

69 

74 

72 

72 

70 

69 

68 

64 i 60 

1 
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These results indicate a substantial increase in hardness over the effect 
of cold-work between the quench and the draw as indicated in Table 4. 
Since the fully precipitation-hardened alloy is more hard and tough than 
the simply quenched alloy, more work was necessary to cold-reduce the 
hardened alloy to the same degree as was the soft-quenched alloy. 

Stock for standard tensile bars, dia., was then treated to 

represent the following conditions: (1) as cast; (2) cast and water- 
quenched after 1 hr. at 900° C.; (3) same, drawn hr. at 500° C.; 

(4) remaining rods cold-swaged to 1-in. dia. after complete precipitation- 
hardening: (a) as swaged; (6) several swaged bars reheated l}i hr. at each 
of the following drawing temperatures: 100°, 200°, 300°, 350°, 400°, 450°, 
and 500° C. Standard tensile specimens were machined from the 
processed rods. Electrical conductivity of the tensile bars was measured, 
as was also the Rockwell B hardness. The tensile properties were then 
determined and photomicrographs were taken of the structures. The 
results are shown in Table 7. 


Table 7. — Tests on Stock for Standard Tensile Bars 


Treatment 

Sti ucture 

Tensile 
Strength, 
Lb per 
Sq. In 

Propor- 
tional 
Limit, 
Lb. per 
Sq. In. 

Elonga- 

tion, 

Per Cent 
2 In. 

Hard- 

ness, 

Rockwell 

B 

Electrical 
Conduc- 
tivity, 
Per Cent 
of That 
of Cu 

As cast 

Fig. 5 

27,900 

9,000 

16 

13 

44.6 

900° C. quench 

Fig. 6 

26,300 

6,000 

34.5 

-15 

47.4 

900° C. quench, 500° C. draw. . 

Fig. 7 

35,200 

15,000 

22 

33 

69 0 

900° C. quench, 500° C. draw, 
cold-swaged 

Fig. 8 

49,400 

35,200 

12 

70 

67.0 

Heat-treated, cold-swagcd, re- 
drawn 100° C 

Fig. 9 

50,600 

35,300 

11 

73 

66.4 

Heat-treated, cold-swaged, re- 
heated 200° C 

Fig. 10 

47,200 

35,200 

9 

69 

68.9 

Heat-treated, cold-swagcd, re- 
heated 300° C 

Fig. 11 

49,400 

33,000 

12 

69 

67.7 

Heat-treated, cold-swaged, re- 
heated 350° C 

Fig. 12 

49,000 

31,500 

20 

67 

67.2 

Heat-treated, cold-swaged, re- 
heated 400° C 

Fig. 13 

48,000 

30,000 

21 

65 

70 f 8 

Heat-treated, cold-swagcd, re- 
heated 450° C 

Fig. 14 

44,750 

29,200 

8 

65 

71.2 

Heat-treated, cold-swaged, re- 
heated 500° C 

Fig. 15 

38,000 

24,000 

12 

58 

71.7 


Conclusions 

Photomicrographs . — Comparing Figs. 8, 9 and 10 with Fig. 1, and Figs. 
13, 14 and 15 with Figs. 2, 3 and 4, showing structures developed by 
similar heat-treatments, but with the difference that Figs. 1, 2, 3 and 4 
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are photomicrographs of the alloy with cold-work between, the quench 
and the draw, whereas Figs. 8 through 15 show structures developed by 
cold-work superimposed upon the fully hardened alloy, the comparative 
absence of slip bands is noted for the latter. Hardness is also constant 
across the transverse section of a rod cold-swaged from l^-in. dia. to 
1-in. dia. after complete precipitation, whereas ordinary cold-worked 



material usually shows a harder surface and a softer interior. It appears, 
therefore, that the strain of cold-working is transmitted entirely through 
the cross section with general uniformity. Since precipitation has keyed 
the slip planes, the superimposed cold-work does not appear to have 
caused slip for a sufficient distance or of sufficient degree dong any slip 
plane to effect the etching of the slip bands usually characteristic of cold- 
worked metal. Several of the samples did show a very few grains with 
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Fia. 7.— Same as Fig. 6, 500° C. draw. 

Fig. 8. — Same as Fig. 7, cold-swaged. 

Fig. 9. — Same as Fig. 5, heat-treated, cold-swaged, redrawn 100° C. 
X 100. Etch, sulphuric dichromate. 




Fig, 10. — Same as Fig. 9, redrawn 200° C. 
Fig. 11. — Same as Fig. 9, redrawn 300° C. 
Fig. 12. — Same as Fig. 9, redrawn 350° C. 
X 100. Etch, sulphuric dichromate. 
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slip bands. Possibly these few were lower in quantity of the precipitated 
phase due to possible nonhomogeneity of the solid solution retained 
by the quench. 

Although in the samples studied there was no indication of any 
recrystallization from the cold-work involved in the double aging, there 
did appear to be local segregations of precipitate in a faint tracing of an 
incomplete secondary network in samples with a secondary aging at 400°, 
450° and 500° C. (Figs. 13, 14, 15). This was accompanied by a decrease 
in hardness and tensile properties, as might be expected. This coa- 
lescence of the precipitated phase was accompanied also by a slight 
increase in the electrical conductivity. 

The photomicrographs of the cast, quenched, and precipitation- 
hardened conditions (Figs. 5, 6, 7) show the expected structures. 

Physical Properties . — The alloy, cold-worked after complete precipita- 
tion-hardening, yields appreciably better physical properties than 
it possesses in the cold-worked-between-quench-and-draw condition. 
Double aging at 100° C. develops the tensile properties and hardness to a 
maximum accompanied by a slight decrease in the electrical conductivity. 
The unusually high proportional limit is maintained up to a secondary 
aging temperature of 300° C. 

The properties developed by double aging are superior to those devel- 
oped by cold-work between the quench and the draw up to a secondary 
aging temperature of 400° C., above which they become inferior. 

The tensile strength and proportional limits show regular variations 
with the increase in the secondary aging temperature, whereas the 
elongation, hardness and electrical conductivities exhibit minor vagaries 
that remain unexplained at this time. 

General Conclusions 

1. An alloy of 2.6 per cent Co, 0.4 Be, 97 Cu is cited as a typical 
precipitation-hardening alloy combining high proportional limit, ductility 
and hardness with unusually high electrical conductivity, 50 per cent of 
that of copper. No practical improvements of considerable degree are 
effected in the physical properties of this alloy by cold-working between 
the quench and the draw and cold-workability is very limited after the 
alloy is completely precipitation-hardened. 

2. Double aging with intermediate straining is defined, for the pur- 
poses of this publication, as distinct from simple precipitation-hardening. 

3. The effects of double aging of high-speed steel are cited as a prob- 
able example of double aging with an intermediate thermal strain. 

4. The simple precipitation-hardening of an alloy of 0.4 per cent Cr, 
0.1 Be, 99.5 Cu alloy is described. As a heat-treated casting alloy, 
this composition combines good tensile properties with an electrical 
conductivity of 75 per cent of that of copper. 
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5. TV tensile properties of the Cu-Cr-Be alloy are markedly improved 
by cold-working between the quench and the precipitation reheat. 

6. The tensile properties of the Cu-Cr-Be alloy are still further 
improved by a double-aging treatment, including a cold reduction, 
between the two reheats following the solution quench. By this means, 
for example, a proportional limit of 35,000 lb. per sq. in. and good ductility 
are combined with an electrical conductivity of about 70 per cent of 
that of copper. 

7. The room-temperature properties of the two copper alloys are 
unusually stable for reheat temperatures up to 400° to 500° C. 

8. The investigation was chiefly concerned with the variation of 
physical properties for treatments that result in maximum hardness, or its 
retention, in the alloys cited. It is evident that, in many precipitation- 
hardening alloys, the precipitation reaction may be subject to accurate 
control to produce specific combinations of physical properties as may 
be desired. 
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DISCUSSION 

(E. R . Darby presiding) 

E. E. Schumacher, * New York, N. Y. — In the telephone industry, binary and 
ternary alloys of beryllium are utilized in limited amounts in special applications 
where their superior properties justify their use despite the higher cost. These uses 
would undoubtedly be extended if the cost of the alloys could be considerably reduced. 
We would, for example, be interested in a nonferrous alloy in the cost range of brass 
and phosphor bronze with tensile strengths of the order of 150,000 lb. per sq. in. and 
an electrical conductivity of from 35 to 40 per cent of that of copper. This cost condi- 
tion would be difficult to meet at present for alloys containing beryllium, blit I wonder 
if Mr. Harrington in his studies has found any of the copper-cobalt-beryllium alloys 
possessing the properties I have mentioned and costing considerably less than the 
2.25 per cent beryllium-copper alloy now in general use. 

R. H. Harrington. — Mr. Schumacher has emphasized tensile strength and elec- 
trical conductivity. We have come to depend more upon the electrical conductivity 
and the proportional limit for our uses. The alloy of 2.6 Co, 0.4 Be, 97 Cu will give 
a proportional limit of 45,000 to 50,000 lb. per sq. in. and an electrical conductivity 
of 45 to 55 per cent of that of copper. Thus this alloy is about equivalent to the 
* Metallurgist, Bell Telephone Laboratories. 
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standard 2.25 per cent Be-Cu alloy in the matter of proportional limit; it 1 - superior 
m conductivity and appreciably lower in cost The alloy of 0 4 per cent Cr, 0.1 per 
cent Be, 99 5 per cent Cu combines a proportional limit of 35,000 lb per sq. In. with 
an electrical conductivity of 70 per cent of that of copper and its eo-t i- only a little 
more than that of phosphor bronze as compaied to the standaul 2.25 per cent 
Be-Cu alloy. 

B. W. Gonser,* Columbus, Ohio. — Seveial years ago Dr. van W'eit -Harvard 
University; and I did some similar work on copper-mckel-silicon alloys. We found 
the same general reaction to a double aging treatment After normal pieeipitation- 
hardening, then strain-hardening by cold-work, we found that appieciable further 
hardening would result on reheating between 200 3 and 300 ; C. This wa- reported m 
the December 1934 issue of Metals and Alloys. 

R. H. Harrington. — It is planned in the future to correlate the few references 
m the literature on double aging with more new data with the hope of establishing a 
practical theory for the phenomena. 

J. L. Christie,! Bridgeport, Conn. — I can add nothing to the meat of this paper. 
I should like to ask one question about strain-hardening. It comes down to a question 
of just what we mean by strain -harden mg and I am really looking for information. 

Is not “ cold-work hardening” a better term than strain-hardening? To me the 
term “ strain” implies only that part of the deflection or deformation that is accom- 
panied by stress m the metal. For instance, while a piece of metal is bemg rolled, the 
external forces produce stresses in the metal and corresponding strains. As the metal 
leaves the rolls, there is a slight elastic recovery resulting in a complete or partial 
reduction of stress and of corresponding stiam. The metal remains in the cold-worked 
condition, however, and it is the amount of cold-work that determines the hardening 
effect of the operation, and not any residual stress and strain. Am I correct in 
this conception? 

R. H. Harrington. — I believe that “cold- work hardening” is not a better term 
than “strain-hardening” because they are not synonymous: strain-hardening is 
always a part of cold-work hardening but cold-work hardening includes also the effects 
of plastic deformation along slip planes as well as the attendant elastic “strain-harden- 
ing” of the areas (.usually solid solution) along and between the affected slip planes. 
These areas are affected by stress gradients or the setting up of internal pressures 
and tensions of elastic nature but permanent in cold-worked material until the tem- 
perature is raised sufficiently to accomplish the “strain anneal” usually at a tempera- 
ture somewhat below the temperature of recrystallization. It might be that 
“stress-hardening” would be a better term than strain-hardening if it were gen- 
erally adopted. 

Consider, then, Mr. Christie’s example of a piece of metal being rolled. The 
factors involved in altering the nature of the material between the rolls are three in 
number: (1) plastic deformation along certain slip planes; (2) elastic strain gradients 
of the areas along and between the affected slip planes; (3) elastic deformation of the 
cross section of the piece between the rolls. As the material leaves the rolls, the 
constraining forces of the rolls are removed from the material cross section, thus 
eliminating factor 3 and leaving factors 1 and 2 to constitute the cold-work hardening 
of the metal. 

In double aging, it appears that factor 2 determines whatever additional changes 
may take place. 

* Battelle Memorial Institute, 
t Metallurgist, Bridgeport Brass Co. 
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E. M. Wise,* Bayonne, X. J. — The term “proportional limit” has been used here. 
How has that been defined? What was the sensitivity of the extensometer? In 
other u ords, why >hould that mdieate the value to such a large extent? 

R H. Harrington. — All of our proportional limits are determined with the Sayre 
extensometer. This is probably the most sensitive type of practical instrument and 
we are well satisfied with the consistent and reproducible results from its use. The 
use of a standardized “proof stress ” is also very satisfactory but perhaps not absolutely 
indicative of the property of elasticity. This is because different compositions and 
different heat-treatments result in varying the rate of curvature of the plastic deforma- 
tion from the straight line of practical elasticity. The proof stress involves this 
difference m curvature while the proportional limit, accurately* determined m a practical 
test, denotes the limit of practical elasticity beyond which practically measurable 
plastic deformation takes place. 


* Assistant Manager, Research Laboratory, The International Nickel Co. 



Notes on Etching and Microscopical Identification of the 
Phases Present in the Copper-zinc System 

By J. L. Rodda,* Member A.I M.E. 

(Cleveland Meeting, October, 1936) 

A large amount of time has been devoted to the microscopical study 
of the copper-zinc alloys, emphasis naturally being placed upon the 
commercially important alloys of the system. Suitable methods are 
available for microscopically recognizing the two phases richest in copper, 
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Fig. 1. — Copper-zinc equilibrium diagram. {From National Metals Handbook , 

1933.) 

but none appear to have been developed for the positive identification 
of the other phases. This is, however, accomplished, for the phases 
normally encountered, by an electrolytic method described in the 
following pages. 

Five phases of the copper-zinc diagram (Fig. 1) are considered for the 
purpose of this paper: the solid solution of zinc in copper, alpha (a); the 
intermediate phases, beta ( 0 ), gamma ( 7 ), and epsilon (e); and the solid 
solution of copper in zinc, eta (77) . Beta prime is not considered a separate 

Manuscript received at the office of the Institute June 26, 1936. 

* Investigator, Metal Section, Research Division, The New Jersey Zinc Company, 
Palmerton, Pa. 
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plia.-e, since, according tu Phillips and Thelin 1 , it is probably not a true 
polymorphic modification of beta. Delta is stable only between the 
temperatures of 555° and 695° C., and lias not been observed in this work. 

Identification of Alpha and Beta— Unstained alpha and beta are easily 
recognized by their natural colors. The color of alpha varies under the 
microscope, according to zinc content, from that of pure copper to what 
may be descril >ed as a light flesh color. Beta is pure lemon yellow. The 
other phases are all white and identification by color is not possible. 

Identification of Gamma , Epsilon and Eta . — In some early work (1928) 
on annealed copperplated zinc, mixtures of Superoxol (30 per cent H 2 O 2 ) 
and ammonia were partially successful in developing the structure of the 
alloy layers. Attention was therefore turned to this reagent as a possible 
means of identifying the white copper-zinc phases. It was found that 

the staining that occurred could be 
somewhat reduced by pouring a mix- 
ture of one part of Superoxol and five 
parts of ammonia over the specimen; 
washing; rinsing in a 17 per cent solu- 
tion of chromic anhydride (200 grams 
Cr0 8 , 1000 e.c. HoO), then washing in 
running water. The chromic rinse 
reduces staining somewhat but does not 
etch the specimen. Where staining 
does not occur, this etchant reveals the 
alloy layers (Fig. 2). When tried upon 
_ specimens containing but one or two 

zinc containing one per cent of phases, however, the action was found 
copper, ^annealed 21 months at 40° to depend upon the associated phases, 

Etched with 1 part Superoxol + 5 ®Yen when various proportions of 
parts ammonia. Rinsed in 17 per Superoxol and ammonia were used, 
cent CrO s . Although this (as well as Vilella’s 

reagent 2 , which was also tried) is useful in developing the microstructures 
of known alloys, it does not help in identifying the white phases. Etch- 
ing methods were therefore sought to make this identification possible. 

Electrolytic etching in a 17 per cent aqueous solution of chromic 
anhydride was found to be a positive means of distinguishing between 
gamma and epsilon. The polished specimen is made the anode while a 
small coil of platinum wire in the bottom of the dish or beaker serves as 
the cathode. The specimen is connected to the source of current before 
immersion in the etching solution 3 . At 1.5 amp. per square inch, gamma 

1 A. Phillips and L. W. Thelin: An X-ray Study of the Beta Transformation in 
Copper-Zinc Alloys. Jnl. Franklin Inst. (1927) 204, 359-368. 

* J. R. Vilella: Delving into Metal Structures. Iron Age (1926) 117 , 834-836. 

3 The apparatus finally adopted for this work consisted of a 12-volt storage 
batteiy, connected through a rheostat and ammeter to the specimen. The specimen 
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and epsilon are about equally attacked. At higher current densities 4 , 
gamma is preferentially attacked; at lower current densities, epsilon is 



Anodically etched in 17 per cent Cr0 3 at about 0.4 amp. per sq. in. for one minute. 

AH X 500. 


preferentially attacked. The recommended procedure for identification 
is as follows: 

Polish, and etch anodically at 5 amp. per sq. in. Gamma, if present, 
will be attacked, but epsilon will not be attacked. Repolish, and etch at 

was grasped with a pair of crucible tongs, which are permanently connected to the 
positive side of the battery. The separation between the platinum wire cathode and 
the specimen was generally about one inch. The resistance of the solution was then 
about one ohm. 

4 Current densities over about 10 amp. per sq. in. were not tried in this work. 
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1 amp. per sq. in. (Current densities less than 0.4 amp. per sq. in. are 
not recommended, because of uneven etching.) The effects will be 
reversed (Figs. 3 and 4). The reversal serves as a positive identification. 
Xo confusion with eta (77 ), the solid solution of copper in zinc, should 
occur, since it is attacked under both conditions. 

The effect of anodic etching at high current densities in 17 per cent 
CrC >3 on ann ealed copperplated rolled zinc, containing 1 per cent copper, 
is shown in Fig. 5. Four phases are visible, alpha, gamma (dark due to 
strong etching), epsilon, and eta (the base material). The effect of low 
current density on this same specimen is shown in Fig. 6. The four first 
mentioned phases are again visible, but epsilon, which is etched this time, 
is seen to be made up of two layers. A faint line, indicating the double 
layer, will also be seen in Fig. 5, and the effect is quite marked in Fig. 2. 
The reason for the double layer is not understood, although it is possible 
that one layer may indicate diffusion of copper into zinc, the other of 
zinc into copper. The beta phase has not been observed microscopically 
on this type of specimen, although X-ray studies by M. L. Fuller, of this 
laboratory, on similar material have revealed its presence along with the 
other four phases. It seems that the amount of beta formed must be 
very small, since the structure of alpha-beta brasses is nicely revealed by 
this etching method (although on pure alpha brass grain boundaries are 
not well developed). 

Discussion op Results 

At low current densities the five phases are attacked roughly in the 
order of their zinc contents. At high current densities, epsilon is not 
attacked. The suggestion is made that this reversal may be explained 
by a selective polarization of epsilon at high current densities. 

Electrolytic methods of etching deserve wider application than they 
have enjoyed in the past. G. A. Ellinger 5 , working in the National 
Bureau of Standards, has found electrolytic etching in oxalic acid a 
superior method of developing stainless-steel structures. A mild reagent, 
oxalic acid, is used instead of strong mixed acids, which are difficult to 
handle. W. A. Mudge 6 has recommended electrolytic etching for obtain- 
ing contrast with nickel. In the present work, a high-copper phase 
(gamma) may be etched in the presence of high-zinc phases (epsilon and 
eta). Other problems that might possibly be solved by electrolytic 
etching with a suitable reagent suggest themselves. It is difficult to etch 
steel structures adjacent to a galvanized coating, because of the strong 
reactivity of the coating. Etching of nickel or chromium plate on zinc 

6 G. A. Ellinger: Oxalic Acid as an Electrolytic Etching Reagent for Stainless 
Steels. Tram. Amer. Soc. for Metals (1936) 24, 26-36. 

* W. A. Mudge: Etching Solutions for Nickel and Nickel Alloys. National Metals 
Handbook (1933) 1360-1361, 
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The alpha and beta phases of the copper-zine system are easily 
identified by their distinctive colors. A method has been described 
whereby gamma and epsilon may be identified by anodic etching in 
17 per cent CrOj. At current densities over 1.5 amp. per sq. in., gamma 
is attacked, epsilon not attacked. At low current densities the reverse 
is true. Eta is attacked under both conditions. Poative identification 
of the five important phases is thus secured. 

The flexibility of electrolytic etching as a method and its posable 
wide application are .stressed. 

Acdowlemh 

Acknowledgment is made to Mr. D. C. Jillson, who was responsible 
for the preparation of the alloys used in checking these tests. 



An Investigation to Develop Hard Alloys of Silver for Lining 
Ring Grooves of Light Alloy Pistons 

Bt ClAtS Guenteb Goetzel* 

(New York Meeting, February, 1937) 

The object of this investigation was to determine whether silver alloys 
could be used instead of the currently employed insert of high-expansion 


Average Coefficient per 
Deg. C. over Range 
20° to 200° C. 

Pure aluminum 24 6X 10 -8 

Cast low-expansion Si-Cu-Ni-Al piston alloy 20.0 X 10 -8 

High-expansion austenitic Cu-Ni cast iron 19.3 X 10 -8 

Cast steel (0.26-0.35 C, 0.40-1.0 Mn) 12.6 X 10~ 8 

Cast iron $.15 total C, 2.16 Si) 12.8 X 10~ 8 

Pure silver 18.9 X 10 -8 



austenitic ferronickel alloy, to reduce the wear of ring grooves in light 

metal pistons. A typical example of a piston 
containing a ferronickel insert is shown in 
Fig. 1. The high coefficient of expansion of 
silver made it worthy of consideration, while 
the small size of the insert would render its 
use feasible in Germany as an emergency 
measure. 

The coefficients of linear expansion of 
several metals and ailoys are as shown in the 
table above. 

Obviously the melting point of the insert 
must be high enough to prevent it from 
melting when the light alloy is cast around 
it. This imposes a lower limit of about 

850° C. for the solidus of the silver alloy. 

Fig. 1. — Piston containing Pure silver melts at about 961° C., so that the 
fekbonickel insebt. tolerable depression in the solidus is rather 

small. To avoid deformation of the insert 
during use a Brinell hardness number of at least 60 appears necessary. 


M 


Manuscript received at the office of the Institute Oct. 1, 1936. Extract from a 
report of work done by the author at the Institut ftir Angewandte MetaUkunde of the 
Technische Hochschule, Charlottenburg, Berlin, Germany, under Prof. W. Guertler 
and Prof. L. Dreibholz. 

‘Metallurgist, Hardy Metallurgical Co., New York, N. Y. 
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Fig. 2 depicts the alloying behavior of silver with a number of metals. 
The solid areas correspond to solid solution ranges at low temperatures 
while the crosshatched areas represent the solid solution ranges at high 
temperatures. The dotted areas correspond to regions of heterogenity 
and the clear areas to gaps in miscibility. An examination of this dia- 


Pd 
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Fig. 2. — Alloying behavior op silver with various metals. 

gram suggests that the magnesium, manganese and antimony offer 
promise. Therefore .the binary magnesium-silver, manganese-silver 
alloys, ternary alloys based on manganese-silver and antimony-silver, and 
quaternary alloys based on manganese-silicon-silver alloys were studied. 

Experimental Procedure 

All of the metals employed except the manganese (98.5 per cent) and 
chromium (98 per cent) were at least 99 per cent pure. Melts ranging in 
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weight from 40 to 160 grams were made in sand or porcelain crucibles 
protected with suitable fluxes. Some were cast into a small iron mold 
while the remainder were permitted to solidify in the crucible. The 
melting was done in granular, gas and high-frequency furnaces. The 
heating and cooling curves were obtained with a Pt-Rh Pt thermocouple. 

Brinell hardness measurements 
were made on ground surfaces 
employing a 5-mm. ball, 250-kg. 
load and 30-sec. loading. 

Experimental Results 

Magnesium-silver. — The liq- 
uidus and solidus of the silver- 
rich alloys as determined by W. 
Guertler* and the Brinell hard- 
ness values obtained in the pres- 
ent investigation are presented 
in Fig. 3. The hardening effect 
increases rather rapidly with the 
magnesium content and is about 
60 for the 7 per cent alloy and 
about 115 for the 10 per cent 
alloy. The solidus temperature 
of the alloy containing 7 per cent 
Mg is about 770° C. which is 
lower than desirable. The casta- 
bility, ductility and machinability 
of the alloys containing up to 10 
per cent Mg are satisfactory. 

Ag Per cerrf of weight Mg Manganes e-silver. — Manga- 

Fig 3. — Liquidus and solidtjs of sil- __ ___ + i,„ J 

ver-rich alloys determined by Guertler, nefoe apparently forms solid solu- 

with hardness values obtained by tions with silver up to about 20 

AUTHOR. per cen j. k e y 0nc [ this a 

gap in miscibility occurs. In the solid solution range only a slight change 
occurs in melting point. Alloys containing 10 and 15 per cent Mn cast 
well, could be rolled and machined. The latter alloy had a hardness of 
but 40.9, which is less than that required. The 20 per cent alloy was 
only moderately ductile and machinable, owing to lack of miscibility, 
which may have been due to impurities in the manganese. 

Ternary Alloys Based on Manganese Silver . Manganese, Magnesium 
and Silver . — Two alloys containing 15 per cent Mn and 0.2 and 1 per cent 
Mg were prepared. Their castability was fair, machinability and ductil- 



* W. Guertler: Ztsch. Metallkunde (1927) 19 , 68. 
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ity good, but their structure was duplex. The >olidu> wa> estimated 
to be about 960° C. The hardness of the 0.2 Mg alloy wa.- 47 and that 
of the 1 per cent alloy was 49, both too low for the requirements. 

Manganese , Aluminum and Silvtr — One alloy containing 15 per cent 
Mn and 5 per cent A1 was prepared. The pouring properties were bad, 
the machinability and ductility moderate. The structure showed a lack 
of miscibility. The solidus was estimated to be about 900 : C. while the 
Brinell hardness was 53.6. 



Manganese, Zinc and Silver. — One alloy containing 15 per cent Mn and 
2 per cent Zn was made. The castability, machinability and ductility 
were good. The alloy was a solid solution, of which the solidus was 
estimated to be about 930° C. The Brinell hardness was 41.5, 

Manganese, Silicon and Silver . — An attempt was made to secure 
higher hardness by producing alloys containing manganese silicide. 
Alloys containing 15 per cent Mn with 1 and 3 per cent Si and one with 
11 per cent Mn and 1.5 Si were made. The first w r as a solid solution free 
from silicides, but poured well and was ductile and machinable. The 
second contained silicides but showed a lack of miscibility and its other 
properties were unsatisfactory. The third alloy contained silicides as 
shown in Fig. 4, and possessed good castability, machinability and ductil- 
ity. The solidus was estimated to be about 960° C. The hardness of 
the latter alloy was 57.3 as cast and 58.5 w r hen cooled in the crucible. 

Quaternary Alloys Based on Manganese , Silicon and Silver . — Attempts 
were made to prepare alloys containing 11 per cent Mn, 1.5 per cent Si, 
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with 1.5 per cent Fe and 1.5 per cent Cr, respectively. Both were wholly 
unsatisfactory, owing to lack of miscibility. 

Ternary Alloys Based on Antimony-silver . — The addition of antimony 
to silver causes a rapid depression in solidus temperature, whereas the 
effect of zinc is milder. A ternary alloy containing 14 per cent Sb, 12 per 
cent Zn, had a hardness of 56.8, but the melting point was only 450° C. 

Cadmium depresses the melting point of silver less rapidly than does 
zinc, so that some possibility existed in alloys containing it. Alloys 
containing 20 per cent Cd and 5 per cent Sb and alloys containing 10 per 
cent Cd and 7.5 per cent Sb were made. Both showed good casting and 
physical properties. The hardness of the former was 54.4 when cast 
into a warm mold and 87.3 when cast into a cold mold, while the latter 
alloy had a hardness of 59.6. The liquidus of the 20 per cent Cd, 5 per 
cent Sb alloy was about 880° C. and the solidus in the neighborhood of 
720° C. The corresponding data for the 10 per cent Cd, 7.5 per cent Sb 
alloy wore 855° and 700° C. 


Conclusions 

While none of the alloys possessed the properties required, it is thought 
that the data may be of some interest in other connections. The man- 
ganese-silicon-silver and cadmium-antimony-silver alloys showed prop- 
erties approaching those desired. 



Lead Coating of Steel 

By J. L. Bray,* Member A.I.M.E. 

(New York Meeting, February, 1937, 

Lead has often been suggested as a protective coating for iron and 
steel. Such a protective coating should possess: (1) good adhesion, (2) 
durability, (3) ease of application, (4) freedom from pinholes, (5) good 
appearance and (6) low cost, but, unfortunately, lead coatings so far 
produced do not have all of these characteristics. Because of the 
necessity of carrying out the coating process cheaply, and because lead 
solutions have poor plating characteristics, most of the efforts have 
been directed toward the hot-dipping process rather than electroplating. 

The hot-dipping processes using lead have not been successful chiefly 
because of the lack of adherence between iron and lead. In any coating 
process involving iron a bond can be obtained only by the formation 
of an intermetallic compound, the formation of a solid solution, or 
mechanical means. Lead forms with iron two immiscible liquid solu- 
tions, and in the solid state no intermetallic compounds or solutions. 
It is necessary, therefore, to employ some other element or elements as a 
binding agent. Tin may be used as in terneplate, or copper in the 
form of a thin film of electrolytically deposited metal to which the lead 
will adhere. 

Because of its physical and chemical properties, lead as a coating 
medium would undoubtedly be limited in its use to sheet and wire and 
then only when the article is not subject to abrasion or wear. A very 
large tonnage of these products is being used under such conditions and 
a successful lead-coating process should be a valuable contribution to 
the science. Two other difficulties stand in the way of successful lead 
coating — that of poor appearance of the weathered surface and the 
tendency of the lead to form pinholes during solidification. Since lead 
is commonly accepted as cathodic to iron, these exposed areas are ones 
of accelerated corrosion. 

Use of Zinc . — The method under consideration involves zinc as a 
binding agent on both the steel sheet and in the molten bath. This 

A part of the work described was done as a thesis in partial fulfillment of the 
requirement for the degree of Doctor of Science from the Massachusetts Institute 
of Technology. Manuscript received at the office of the Institute Nov. 27, 1936. 

* Head, School of Chemical Engineering, Purdue University, Lafayette, Ind. 
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method has often been suggested, and tried before, but these methods 
have all been unsuccessful because of the rough surfaces obtained as 
well as the presence of pinholes. The writer proposes to show that this 
failure has been caused by a lack of knowledge of the fundamentals 
involved in the coating process. 

Lead-zinc Equilibrium Diagram —Preliminary experiments cast some 
doubt on the accuracy of the commonly accepted lead-zinc equilibrium 
diagram. The eutectic composition of this system has been deter- 
mined by various investigators as 0.74, 1.2, and 2.3 per cent Zn. This 
is at variance with the writer's experience in lead refining where desilver- 



Fig. 1. — Typical cooling curves op materials used in experiments on lead 

COATING OP STEEL. 

ized lead, saturated with zinc at its melting point, will consistently 
contain about 0.55 per cent Zn. 

In order to verify this diagram a series of alloys was made up from 
pure materials, using specially prepared electrolytic lead and zinc 1 . The 
zinc was determined, in triplicate, by the phosphate method. Thermal 
analyses were very carefully carried out by the differential cooling 
method using three thermocouples in series. Care was taken to prevent 
oxidation by passing a reducing gas through the melting system. Typical 
cooling curves are shown in Fig. 1 and photomicrographs in Figs. 2 to 7. 
Fig. 3 shows the first appearance of the lead-zinc eutectic around the 
grain boundaries, Fig. 5 considerable amounts of this eutectic and in 
Fig. 6 an alloy close to the eutectic composition. Fig. 7 shows the 
large needles of excess zinc. Incidentally, because of their extreme 
softness, great difficulty was experienced in preparing the specimens for 


1 J. M. Hodge and R. H. Heyer: Metals and Alloys (November, 1931) 297. 
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microscopic examination. Samples were cut vertically from the ingots 
by a sharp, oiled hack saw. They were then ground on numbers 1, 0 and 
00 French emery papers using a solution of paraffin in kerosene as a 
lubricant. They were then cleaned with alcohol and naphtha, and 
rough-polished on felt or broadcloth wheels using a fairly coarse suspen- 
sion of levigated alumina in distilled water containing a few drops of 
liquid soap. This polishing was continued until all emery particles 
were removed from the surface of the metal. This required from fifteen 
minutes to half an hour or more. A black smudge, which forms first, 
must be entirely removed by the end of this process so that the surface 
has the appearance of a roughly polished piece of steel. After washing, 



Per cent zinc 

Fig. 8. — Equilibrium diagram of lead-rich lead-zinc allots. 

the specimens were polished on a silk-velvet wheel using a very fine 
suspension of alumina in a soap solution. Very light polishing pres- 
sure had to be used to prevent further smudging. When the scratches 
were apparently removed the following etchant was used: glycerin, 60 cc. ; 
glacial HC2H3O2, 20 c.c.; concentrated HN0 3 , 20 c.c. It should be 
made up fresh for best results. Excessive dilution of the etching reagent 
with water must be avoided. By repeated polishing and etching the 
structures of the alloys were clearly brought out as shown in the preced- 
ing photomicrographs. 

The lead-rich end of the new diagram, as indicated by the data 
above, is shown in Fig. 8. It differs from the old one in the presence 
of a solid solution containing up to 0.05 per cent Zn and a more accurate 
determination of the eutectic proportions. The function and importance 
of the solid solution, heretofore unrecognized, will be discussed later. 
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Dipping Experiment &. — A small sheet-dipping machine, similar in 
principle to those employed in conventional galvanizing, in which sheets 
4 in. wide and 20 in. long were employed was constructed for these experi- 
ments. It was heated by resistance units clamped to the outside of 
the tank and the temperature of the bath automatically controlled. A 
great deal of difficulty was encountered in adapting thi& to the experi- 
ments because of : 

1. Crusting of the bath, which interfered with the driving gears. 

2. Difficulty in preparing and maintaining a proper working sur- 
face on the stripping rolls. 

3. Difficulty in maintaining the molten bath at the proper composi- 
tion with intermittent operation. 

The importance of these factors was early recognized for it was 
found that successful coating could be carried out only over a relatively 
narrow range of composition and temperature. Variations in zinc 
content are brought about by (1) diffusion of zinc from the zinc-coated 
sheet to the bath, (2) volatilization from the flux bath, (3) drossing 

Diffusion of Zinc . — A careful determination was made of the rate 
of diffusion of zinc from sheets, electrolytically coated with zinc, to 
the bath under conditions to be met with in practice. This was found 
to be of the order of 0.015 gram per sq. in. of sheet with an immersion 
of 30 sec. In plant operation this would probably be more than suffi- 
cient to maintain the zinc content of the bath at the proper point, but 
in these experiments, because of oxidation and volatilization, it was not. 
The necessity for maintenance of the zinc content has already been 
referred to. It was necessary to devise some method by which the 
zinc could be rapidly determined, since precipitation as the phosphate 
was too time-consuming. The method finally adopted was one using 
the electrical resistance, since the specific resistances of zinc and lead 
at 20° F. are very different, being, respectively, 5.8 and 22.0 ohms per cm. 
cube. Samples were cast in chilled molds in the form of slugs 4 in. 
long by in. in diameter. These were inserted in the chamber of a 
special extrusion apparatus, which was placed in an ordinary tensile 
machine. A section about H in. in diameter was extruded at the rate 
of about 12 in. per minute. At first hopes were held of using the total 
pressure on the plunger as a measure of the zinc content, since this 
varied almost linearly with the zinc content but the method proved to 
be not sensitive enough. As soon as the lead wire had cooled to room 
temperature it was placed in a modification of the bridge used in meas- 
uring the conductivity of copper wire, and the conductivity w r as deter- 
mined. Careful measurements of a series of alloys of which the zinc 
content had been determined by gravimetric analysis furnished a curve 
from which the composition of the alloy in question could be estimated. 
The accuracy of this method is indicated in Table 1. 
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The total elapsed time from the taking of the sample to the estima- 
tion of the zinc need not exceed 25 min., as compared with 3 to 6 hr. 
using the gravimetric method. In this way the composition of the 
bath can be kept within the narrow limits required. 


Table 1. — Estimation of Zinc Conterit 


Alloy No. 

Per Cent Zinc 

Piedicted 

Pei Cent Zinc 
by Analysis 

545-2 

0 38 

0.38 

546-2 

0 61 

0 65 

547-2 

0 71 

0.72 

549-2 

1 00 

0 98 

550-2 

1 28 

1.31 

551-2 

1 46 

1.51 


Coating Experiments . — Nearly 300 runs w r ere made over a period of 
tw r o years, in which the bath composition, bath temperature, flux com- 
position, construction and composition of the stripping rolls, sheet 
speed, stripping-roll pressure, etc. were varied. Within the narrow 
range of temperature and composition referred to smooth, adherent 
coatings of lead could be obtained. It was possible to produce, under 
certain conditions, a particularly attractive sheet with a spangle similar 
to that obtained in galvanizing, but not, of course, to so pronounced 
a degree. 

Coating of Wire . — This method of coating was also extended to 
wire on a semicommercial scale. By modifying the method commonly 
used in galvanizing, much less difficulty was experienced in coating 
the wire. 

Corrosion Tests . — In order to determine the relative life of these 
lead coatings under the commonly accepted testing conditions, a large 
number of tests were run with the salt spray and Weatherometer. 
Samples have also been under atmospheric exposure in racks for three 
years at Key West, Galveston and a seaside location in Maine. The 
details of these tests are omitted, because there appears to be a lack of 
correlation between such tests and actual atmospheric weathering. 
Suffice it to say that in no test, save with wire, or sheet purposely made 
under poor conditions, was the life of the article less than that of a 
control sample of high-grade galvanized stock, and frequently it was 
40 to over 100 per cent longer. 

Function of the Zinc . — Because of the differences in hardness between 
the various alloy layers, great difficulty was experienced in examining 
the coatings at high magnification. Figs. 9 and 10 are typical of these 
sections. The binding agent is undoubtedly the needles of zinc (Fig. 
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11) 2 which can attach themselves to the lead through a solid solution of 
zinc in lead, and to the sheet that has been previously coated with zinc, 



Figs 9-10. — Typical coatings. X 500. 

Fig. 9, iron-zinc contact. Steel base, top left; zinc along the bottom. 

Fig. 10, zinc-lead contact. Steel base at top; zinc in middle and lead at bottom. 

by a series of solid solutions of the zinc-iron intermetallic compound 
in zinc. There will obviously be a limiting size to these needlelike 
particles, which will in turn be determined by the composition and 


* From U. S. Patent 1948505. 
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temperature of the coating alloy. If the zinc content is too low, there 
will be lack of adhesion between the lead coat and the base metal. If 
the zinc content is too high, the zinc particles tend to agglomerate, 
intersect, and the large particles thus formed cause not only a rough 
surface on the sheet but, since zinc is notably soluble in atmospheric 
water, they form channels through which corrosion can go on. If, 
however, they are below the limiting value referred to, not only will 
capillarity cut down convection currents and thus slow up solution, 



Pig. 11.— Zinc needles. {U. S. Patent 1948505.) 

but the needles of zinc will not intersect and solution will be slowed up 
at the lead surface. 
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Conclusions 

1. Steel or iron can be coated with lead by using zinc as a binding 
alloy if the temperature and composition of the bath are held within 
narrow limits. 

2. The resistance to corrosion of such lead-coated sheets is apparently 
superior to that of ordinary galvanized material. 

DISCUSSION 

{E. E. Schumacher presiding ) 

L. Ferguson,* New York, N. Y. — One of the incidental parts of Mr. Bray's paper 
is interesting to me and I am sure it interests Mr. Schumacher also. That is the 
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method of analyzing for zinc and lead by electrical-conduct ivit\ measurements Some 
years ago, we had the problem of analyzing for antimony in lead m about the sat^e 
lange of compositions; that is, from about 0.4 to 1.1 per cent antimony. We developed 
a conductivity method, also, and estimated that, if necessaiy, results could be o! -tamed 
m about ten minutes with about the same precision given 1 >y Mi . Bray’- method. We 
published our results in 1935 {Met ah and Alloys , 6, 150 1 but the work was done about 
five years ago. The coincidences of analysis of lead alloys by a conductivity method 
the same range of compositions analyzed, and the same precision interests me greatly. 

J. L. Bray. — Incidentally, this has some possibilities for a more complex alloy. 
Of course, iron is being introduced over a long period of time; copper and other impur- 
ities present in the iron will accumulate m the bath. Nevertheless, you can always 
have a master slug, making it simply a question of comparison — that is, if the bath is 
working nicely and you do not care particularly what the composition is or what small 
amounts of impurities there are. A comparison can always be made. You are not 
going to actually measure the resistance. 

L. Ferguson. — This matter of the effect of impurities in the lead alloys was one of 
the important points that concerned us, too. Instead of having representative slugs 
for comparison, however, we constructed one calibration curve for, say, a grade II 
A.S.T.M. lead, containing copper, and another calibration curve for coppei-free 
so-called pure lead. We did not go into Omaha and Grant or other bismuth-bearing 
leads, but I imagine they could be handled in the same way. As long as the impuri- 
ties are known, I believe the percentage of the antimony or of the zmc in lead can 
be determined accurately by conductivity measurements. If the impurities are 
unknown, the method would have to be based on comparisons with standard slugs, 
as explained by Mr. Bray. 



Relations between Stress and Reduction in Area for Tensile 

Tests of Metals 


By C. W. MacGregor* 

(New York Meeting, February, 1937) 

In the testing of materials there exist various methods of recording 
graphically the behavior of a material subjected to tensile stress. Prob- 
ably the most common method is to plot the tensile stress So , obtained 
by dividing the load P by the original area of cross section A Q at the start 
of the test, as a function of the strain € 0 , which is obtained by dividing 
the ALq or the change in the gauge length by the original gauge length 
Lq. A list of the symbols used here is given in Table 1. This method, 
while it has proved useful in the routine testing and comparison of various 
materials, does not have a very sound physical basis, as was first pointed 
out by P. Ludwik 1 , and consequently does not afford a very deep insight 
into the true physical behavior of the material under stress. Among the 
objections to this method may be mentioned: (1) that by dividing the 
load P at any stage of the test by the original area A 0 a fictitious stress 

is obtained, which does not actually exist; (2) that the strain e 0 — is 

JjQ 

not an exact expression for the true strain for large values of A L 0 in per 
cent of Lq] (3) that when necking starts the strain varies considerably 
along the gauge length and the above expression no longer gives the true 
strain existing at any point on the outside of the bar; and (4) that the 
axial strain varies over the cross section of the necked portion and 6 0 does 
not represent an average of these strains over the cross section. Stresses 
taken from such a diagram would be only approximate and, if used to 
compare results of a test on a given material under simple tension with 
results obtained under combined stresses, certain errors would be 
thus introduced. 

In order to overcome some of these objections, various methods have 
been suggested, both as to the quantities to be measured and as to their 
graphical representation. In some cases the so-called “true stress,” 
obtained by dividing the load P by the actual area of cross section A 
existing when the load P was applied, is plotted as a function of the strain 


Manuscript received at the office of the Institute Dec. 1, 1936. 
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€ 0 . After necking has begun, however, a complicated tliree-diinen.-iouai 
stress distribution is set up in the necked region of the tensile liar and 
hence the stress obtained by dividing the load P by the area at the bottom 
of the necked portion no longer represents the true stress-, but only the 
average of the true stresses acting in the axial direction along the bar. Fur- 
ther, objections 2, 3 and 4 listed above also apply to tliis method. 

It has been suggested by Ludwik 1 , based on the fact that the expres- 
sion for the strain e 0 = ~~ holds only for small A L* values as compared to 
La, that a more correct definition of strain would be 



It can be shown that this definition of strain holds for strains both small 
and large, and hence is a better physical definition. For small values of 

AL 0 , it can be seen that equation 1 approaches e Q = The above 

LiO 

expression for the strain is based on the fact that the change in length is 
always referred to the length from which that change was produced, and 
not to the original length. Using this definition of strain, then, a tensile 

P 

stress-strain curve may be drawn with S = -j or the average true stress 

plotted as a function of e — log Such a curve might be called a true 

JL/Q 

stress-true strain curve as long as necking has not begun at any point of 

p 

the bar. If, however, necking has begun, S = -j becomes the average 
true axial stress, and if the strain is measured over a gauge length of about 


So,S 

Pf &P\y P max 
Lo, L 
A. o, A 
e 

60, 6 
& 

g!bt Q f u 

Sb, s u 

do, d, dj'Oj D 

a 

m 


Table 1. — Symbols 

Tensile stresses where load is divided by original area and actual area, 
respectively. 

Axial loads. 


Original and final lengths. 
Original and final areas. 
Base of natural logarithms. 


Strains and log respectively. 

JUO JJ o 

Reduction in area — — and log -j> respectively. 

Reduction in area at breaking and maximum loads, respectively. 
Average true stresses at breaking and maximum loads, respectively. 
Bar diameters. Those having subscripts refer to original diameters; 
the others to actual diameters. 

Average true stress obtained by prolonging (S — q') curve to axis 


q f = 0. 

Slope of (S — q') curve. 
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four times the diameter of the bar, as is the usual custom, the strain 


€ = log -p loses its physical significance, since it holds only for a bar of 

uniform section. The value of e would then vary both along the bar 
axis and perpendicular thereto, as in the former cases. If the strain is 
measured, not over a large gauge length as above, but over a compara- 
tively small length, which could be followed through during the necking 
stage at the bottom of the notch (even though considerable experimental 

difficulties might be encountered), the true strain e = log in the outside 


fibers could be determined throughout the test. The strain probably 
varies over the cross section of the necked-down portion, and the curve 
thus plotted during the necking stage would be the average true stress 
over the cross section as a function of the true strain in the outside fibers. 
It would perhaps be more rational, since we do not know the true stress 
distribution in the notched portion, and are plotting the average of the 
true stresses, to plot also the average of the true strains over the cross 
section if such could be determined. 

P 

J. Stead 3 suggested that the average true stress -j be plotted as a 

function of the decreasing diameter. In this case a convenient linear 
relationship was obtained between the true stress and the diameter of 
the test piece for the portion of the curve between the stress corresponding 
to the maximum load and that corresponding to fracture. This method 
appears to be free from many of the disadvantages of the former methods 
mentioned. For some steels, especially those that were hardened and 
tempered, the linear relation suggested did not hold for the entire region 
of the curve between the stress corresponding to the maximum load and 
that of fracture. It is also not quite clear whether this method holds 
for flat bars as well as for round bars. This procedure will be discussed 
more fully later. 

Because of the difficulties mentioned above of plotting average true 
stress as a function of strain, various investigators 4-11 have found it 
p 

convenient to plot S = -j or the average true stress as a function of 


Ao — A 

q = — 2 or the so-called reduction in area. This method is easy to 

A. o 

carry out for round bars and with proper procedure can also be applied 
to flat bars. It has a decided advantage over most of the methods pre- 
viously mentioned in that measurements can be taken at one cross sec- 
tion, which simplifies matters during the necking stage. However, this 
method is open to the same objection as mentioned before in connection 
with the definition of strain, in that for large reductions in area the expres- 
sion q = -4-5 = does not represent the true reduction in area. 
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The purpose of this paper, then, is not only to suggest a method of 
representing the behavior of metals under tensile stress which has a better 
physical basis than former methods, but also to present, as far as the 
author is aware, a new law for the average true stress-reduction in area 
relations in the region of test from the ultimate strength to fracture. In 
searching the literature, no reference to the use of such a law in connection 
with the tensile test could be found. Further, tensile tests at normal 
temperatures on various materials will be described, which substantiate 
such a relation. The advantages of this method of representation and its 
application to the actual drawing of wires and tubes will also be discussed. 


Relations between Stress and Reduction in Area 
Suppose a uniform bar of original length L 0 and area of cross section A 0 
has small increments of load AP t successively applied to it, so that the 
bar is stressed in pure tension only. There will then result a series of 
small increments of length AL t and decrements in area A A ». Provided 
each small value of A L x and A A % is referred to the length or area from 
which it was produced, we get for a large number of loading steps 


p = 2 ^*’ 

t«0 


n n 



— — — n, 

i ■ 0 i=0 


[la] 


where P, e and q' are the total load, the true strain, and the true reduction 
in area, respectively. If L and A represent the final length and area of 
the bar, we get, by passing to the limit as n — ► °o and A L* and 
A Ai approach zero, the true strain e and true reduction in area q' given by 



The reduction in area commonly used in the testing of materials is 
Ao — A 

q — — j from which it may be seen that 

A o 

q' - -log (1 - q) [3] 

The method suggested here for the representation of stress-reduction 

P 

in area data in the tensile test is to plot the average true stress S = 

as a function of q' instead of as a function of q, as is usually done. We 
are then using a more rational expression for reduction in area, which 
holds for both large and small reductions. It is felt that this method has 
perhaps fewer objections than those previously mentioned. 

For round bars equation 2 may be replaced by 

g' = 2 log 


[4] 
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and the entire curve of (S - q') plotted from load and diameter readings. 

Tensile tests with round bars were made on various materials in a 
Southwark-Emery 30-ton machine in which the diameters of the standard 
0.505-in. test pieces were measured by means of a specially designed 
clamp and dial gauge throughout the entire test. Knife edges were 



provided so that the diameter could be determined accurately during the 
necking stage. 

Certain preliminary tests were made to determine the effect of speed 
of testing on the values measured, and it was found that for the mild steel 
tested no appreciable effect either on the breaking stress or on the diam- 
eter of the bar at fracture could be detected for a speed ratio of 20 to 1. 
With commercially pure aluminum, a speed ratio of 3 to 1 showed no 
appreciable effect on these values. This coincides with the general effects 
of speed of testing that have been found by various other investigators 
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for ductile metals. Tests were also made to determine the relative 
suitability of the hydraulic and the beam type of testing machines for 



this investigation. Slow tests were carried through on both types and 
it was found that although the ( S — curves obtained were of the same 






214 RELATION'S BETWEEN STRESS AND REDUCTION IN AREA 

shape on both machines, the hydraulic machine appeared to be in general 
more satisfactory. There was a difference of only a few pounds on the 



Fig. 4 . — ( S — q ') curves for* boiler-rivet steel. 

hydraulic machine between the load for complete cessation of flow and 
that for slow flow as read by the dial gauge. 



Fig. 5. — ( S - q) and (, 8 — q J ) curves for S.A.E. 6150 steel oil-quenched (1575° F.) 

AND DRAWN (1200° F.). 


Mg- 1 shows the stress-reduction in area data for tensile tests on 
several materials plotted on semilog paper in which the true reduction 
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in area q f was used as given in equation 4. The heat-treatment and 
approximate composition of these materials is listed in Table 2. 

Fig. 1 is essentially equivalent to plotting the average true stress 

p 

as a function of q f on regular coordinate graph paper. The point on 

the curves marked with a solid triangle near the junction of the straight 
and the curved portions indicates the position of the true stress corre- 
sponding to the maximum load. For each material, with the exception 
of the copper tested, the curve becomes a straight line from the point 


JLAS//#* 



Fig. 6. — Comparison op (5 — q) curves as plotted in tensile tests by KOrbbr 

AND EoHLAND* POR BRASS AND BRONZE WITH (S — q') CURVES. 

of maximum load to fracture. Even for copper, a straight line was 
obtained almost to fracture. The load dropped off rapidly near rupture, 
causing a drop in the curve. The reason for this anomalous behavior 
of copper will be explained later. 

In Fig. 2 a comparison is made between the former method of plotting 
the (S — q ) curves for two test pieces of annealed boiler-rivet steel with 
the suggested ( S - q') method. Kgs. 3, 4 and 5 show a similar com- 
parison for annealed boiler-rivet steel, a prestrained and aged test piece 
of the same material, and a test piece of S.A.E. 6150 steel, which was 
quenched in oil from 1575° F. and drawn at 1200° F. In each case the 
OS — q) curves show a curvature upward after necking has begun, whereas 
the OS — q') curves show a linear relationship of average true stress and 
true reduction in area q’ from the beginning of necking to fracture. This 
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is further substantiated by data obtained by Korber and Rohland 6 for 
phosphor bronze and brass, which is shown plotted in Fig. 6 by both the 
(S — q ) and (S — q f ) methods. 

Fig. 7 compares the shapes of the curves obtained for 20° C. annealed 
mild steel by plotting both the average true stress S as a function of 
q and q f and also by plotting the average stress based on the original area 



Fig. 7. — Curves for stress and reduction of area for 20 C. annealed mild 

steel (bar No. 4). 


or Sq as a function of q and q It is to be noted again that only the curve 
8 « f(q r ) is linear after necking has begun. Similar relationships were 
found for duralumin, which for the sake of brevity are not included here. 

For all of the ferrous and for most of the nonferrous materials tested 
this linear relationship from the beginning of necking to fracture was 
obtained. An exception to this rule, however, was also found in soft, 
annealed, commercially pure aluminum, which is shown in Fig. 8. Bar 8A 
is shown as it was carried through to fracture, the average true stress 
being plotted as & function of both q and q f to different scales. The 
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Fig. 8. — (S — q) curves for tensile tests on pure aluminum in soft annealed 

CONDITION. 



a b a b 

Fia. 9. Fig. 10. 


Fig. 9. — (a) X-ray (positive) of bar 8C of soft, annealed, commercially 
pure aluminum, showing crack in necked portion, (b) Test piece 8C after 

UNLOADING. 

Fig. 10. — Enlarged views (X 2.6) of bar shown in Fig. 9 , taken at 90°. 
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linear relationship of S and q r apparently held in this case for a consider- 
able region after the maximum load was reached, and then the load 
dropped off rapidly as shown. In order to investigate the reason for this 
anomalous behavior, two additional specimens 8B and 8C were tested 
and unloaded before fracture at the points shown on the curves in Fig. 8. 

X-rays were then made of these two test pieces, 
with the results as indicated in Figs. 9, 10 and 
11. A large crack* is to be seen in the necked 
portion in Figs. 9 and 10, while a very small 
crack can be noticed in Fig. 11. In view of the 
position of the unloading points on the curves, 
it is seen that this crack formation is closely 
connected with the shape of the ( S — q') curves, 
indicating the reason for this departure from the 


Fig. 11. 

Fig. 11. — (a) X-ray op test piece 8B showing very small crack at center of 

NECKED PORTION. ( b ) SlDE VIEW OF SAME PIECE AFTER UNLOADING. 

Fig. 12. — End views op fractured bar op soft, annealed, commercially pure 

ALUMINUM SHOWING SPIRAL OR DOUBLE CUP AND CONE FRACTURE. 



Fig. 12. 



usual linear relationship found. Fig. 12 shows a typical tensile fracture 
of this material with an unusual spiral cup and cone formation. 

As shown in Fig. 1, a similar (S — q') curve was obtained for com- 
mercially pure copper in the hard-drawn condition. Although an X-ray 
of test piece C, which was unloaded at the point indicated in Fig. 1, gave 
no clear indication of a crack, possibly because of greater difficulties in 
X-ray technique with this material than with the aluminum, the same 
unusual spiral cup and cone fracture was obtained. It is felt, therefore, 
probable that a crack had already formed in this test piece. A cold- 
drawn brass specimen B unloaded at the point shown in Fig. 1 showed no 
crack when photographed with X-rays. 

Referring to Fig. 5, the equation of the (S — q f ) curve in the region 
where Z. if Z becomes 


S = S% + mg' = Si + m log — ^ 


[5] 


where m = 

V* — Hu 


In this equation Sb and q'b are the average true 


* Similar effects were found by P. Ludwik®. 
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stress and true reduction in area at fracture, -S„ and q' u the average true 
stress and true reduction in area corresponding to the ma xim um load, 
and Si the average true stress obtained by continuing the curve to the 
average true stress axis. The value of S, is given by 


A - A - 


S„ - Su 


[ 6 ] 


Q b Q u 

Equation 5 indicates that if areas A, Ai, A 2 . . . are chosen in terms 
of a geometric progression, the corresponding stresses change in an arith- 
metic progression. Table 2 gives the equation for the average true stress 
in the region q’ u A q f A q'b for a number of the materials tested. 


Relation between Breaking Strength and Ultimate Strength 


From Fig. 5 we may also derive the relation between the ultimate 
strength based on the original cross-sectional area and the average true 
breaking stress. We see that 


St = Su + m(q't - q'u) 

[7] 

Since 

ii 


and 

SA = S 0 A a 

S = S 0 e «' 


We then have 

■ e 4 '* 

Aq 

[8] 

Substituting in equation 7, we obtain 



S b = P r- + mtft - q'u) 

Aq 

[9] 


From this equation the average true breaking stress Sb can be calculated 

P 

from the ultimate tensile strength the true reductions in area corre- 
sponding to the maximum load q'u and to the breaking load q'b, and the 
slope of the curve m. It is often difficult to determine the actual breaking 
load, especially if the test is carried out on a beam machine. Equation 9 
provides a method for calculating this average true breaking stress from 
data that can be easily measured. For purposes of approximate calcula- 
tion, equation 9 may be simplified by placing 

e q'u ^ l + q' u 

when the equation reduces to 

St = ^p(l + q'u) + rntfi - q’u) [10] 

iao 

Table 2 compares the breaking stress observed with that calculated from 
equation 9. The agreement is very close when the actual slope in each 
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C&S6 is used. If for the six mild-steel test pieces the average slope of 
m = 46,000 is used, the agreement between calculated and observed 
values is still within a maximum error of 2.5 per cent. The above equa- 
tions do not hold, of course, for the anomalous cases of the pure aluminum 
and copper tested. 

In most specifications, the tensile strength is given with no mention 
of the breaking strength. With the tendency today to inquire further 
into the fundamental behavior of metals under stress, the breaking 
strength will probably assume a gradually increasing importance, espe- 
cially, perhaps, in its relation to fatigue problems. P. Ludwik 11 has 
shown that the breaking strength helps to bring out certain material 


Table 2 . — Results of Calculations by Means of Equations 5 and 9 


Material 

Equation 5 

S 

Breaking 
Stress 
Measured 
from 
Curve Sb 
Lb per 
Sq. In. 

Breaking 
Stress 
Calcu- 
lated by 
Equation 9 
Using 
Actual to, 
Lb per 
Sq. In. 

Heat-treatment 

Boiler-rivet steel 2A. 



107,800 

Annealed 1700° F. for 
1 hr. Slow cool. 

Boiler-rivet steel 2B. 



115,200 

Annealed 1700° F. for 
1 hr. Slow cool. 

Boiler-rivet steel 2C . 



111,400 

Same anneal as No. 
2A prestrained 6.5 
per cent aged 1 hr. at 
100° C. 

Boiler-rivet steel 2D. 



106,000 

Same anneal as No. 
2A. 

Mild steel No. 1 



99,300 

Annealed 1700° F. for 
1 hr. Slow cool. 

20C Mild steel No. 4. 



105,400 

Annealed 1700° F. for 
1 hr. Slow cool. 




145,050 

As received. 

S.A.E. 1046 



138,400 

As received. 

95C vanadium steel. 



154,500 

Annealed at 1450° F. 
Cooled in furnace. 

S.A.E. 6150 

}i hard-drawn brass 
C (Cu, 65 per cent. 



232,200 

Oil-quenched 1575° F. 
Drawn 1200° F. 

Zn, 35) 

Cold-drawn commer- 
cially pure copper 
(Cu, 99.9 per cent) 
Aluminum, commer- 
cially pure 



99,700 

As received. 

As received 

Annealed 5 hr. at 700° 
F., cooled in furnace. 
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properties which the tensile strength does not. For example, it was 
shown that for some materials the breaking strength values brought out 
effects of overheating, chemical influences, etc., which were not detectable 
by any change in the tensile strength. 


Advantages op the Method as Applied to the Tensile Test 


In carrying out the details of the method, either semilog graph paper 
such as is shown in Fig. 1 or ordinary graph paper may be used. In 
either case, since it has been observed that during the necking stage the 
(S — q r ) curve is linear, the entire curve from the stress corresponding 
to the maximum load to the breaking stress can be drawn in by observing 
only the loads at the maximum and fracture points as well as the corre- 
sponding diameters. This means that the number of points necessary 
to be plotted and the number of observations necessary to be made are 
very much reduced. In all the materials tested here it was found that 
the (S — q) curves were concave upward and linear extrapolation of the 
tangent at the maximum load point of such a curve (as is very frequently 
done 6-11 ) does not appear to be justified. By the (£ — q ') method the 
tangent coincides with the curve at this point and follows the curve 
to fracture. 

As was observed in the previous section, the ( S — q') procedure not 
only provides the possibility of deriving the equation of the curve in a 
simple manner but also of determining an analytical relation between 
the tensile strength and the breaking strength. 

The coefficient m in equation 5 might be called the modulus of work- 
hardening for the tensile test during the necking stage. Both S, and m 
are probably greatly influenced by certain metallurgical and mechanical 
conditions, as can be seen in Table 2, and it is conceivable that they might 
serve as useful indices of these effects, although this particular question 
was not investigated here. 

The fact that the reduction in area q ' is a logarithmic expression 
should not be a drawback, since either semilogarithmic paper may be 


used or a large curve may be constructed from which for a given the 


logarithm may be read. The latter procedure should not be any more 
laborious than the computation of q. 


Comparison with Stead's Method 

Since, as was mentioned earlier, Stead 3 found a linear relationship for 
the average true stress plotted as a function of decreasing diameter 
between the points corresponding to the maximum load and fracture, it 
was deemed of interest to replot the data for a number of the materials 
tested here according to his method. It was found that for all of the 
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materials considered a straight line was obtained for this portion of 
the curve, as was suggested by Stead. Since the same data also gave a 
linear relationship when plotting the average true stress S as a function 

of q' = 2 log for the portion of the curve between the point correspond- 
ing to the maxim um load and fracture, this result at first appeared some- 
what contradictory. If the one method gives a straight line, theoretically 
the other should yield a curve over the same region. On further investi- 

d 

gation, however, it was found that if ^ was plotted as a function of 


2 log 4-> a very flat curve was obtained, departing very little from a 
do 

straight line over a considerable portion of its length. It was thus found 

d d 

possible for the range of values of -j- and 2 log which occur in tensile 


d d 

tests to replace the curve -y vs. 2 log -y so obtained by a straight line. 

do 0o 


d d 

In this manner 2 log -y could be expressed as a linear function of -y and 
do do 


when substituted in equation 5 a linear equation in -j- was obtained for 

do 

the average true stress S of a form identical with that given by Stead. 
When numerical values were substituted in this derived equation, a close 
check with Stead's equation was obtained for various values of the average 
true stress. This procedure was carried through on several materials. 
It is thus apparent why both methods yield a straight line for the mate- 
rials tested with sufficient accuracy for most engineering purposes. 

The data available so far are not sufficient to determine whether the 
(iS — q f ) or the Stead method gives a theoretically exact straight line for 
the necking stage of the tensile test. It is hoped that further tests will 
clear up this point. For practical purposes, however, the materials tested 
here yield a straight line for this portion of the (S — q r ) curve. 

The ( S — q') procedure possesses certain advantages over the Stead 
method. The abscissa of the (S — q / ) curves, or the true reduction in 

d 

area, has a greater physical meaning than the quantity -y- Further, 

do 

the ( S — q') method is not restricted to round bars. 


Application op ( S — q / ) Method to Drawing op Metals 

The problem of the drawing of metals through dies is very complicated 
and there are many fundamental facts concerning the process about 
which we know very little today. It is not the intention here to consider 
this field in general but to confine the discussion to the use of the (S — q f ) 
method in problems of this kind. 
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The distribution of stress over the cross section of a round wire that 
is being drawn through a conical die is not known for a section of the wire 
passing through the die. For this reason the usual procedure is to con- 
sider only the average value of the axial stress S f to assume that the 
pressure p of the material on the die wall is a principal stress and to use 
the maximum shear theory for the plasticity condition, or S + p = k 
where k is the average resistance to deformation during the reduction. 

As this solution for the average axial stress in the drawing operation 
is given completely elsewhere 13 the details will not be repeated here. It 
can be mentioned, however, that when the equilibrium equation of the 
stresses acting in the axial direction is combined with the plasticity condi- 
tion and integrated, making use of the boundary conditions, an expression 
for the axial draw stress S g is obtained as follows 

where ju is the coefficient of friction of the material on the die wall, <p is 
half the die angle, D 0 and D are the initial and final diameters, respectively. 
If the equilibrium equation is integrated making use of the plasticity 
condition above but assuming the coefficient of friction \t = 0, the axial 
draw stress becomes 


s, - k log ^ [12] 

where A Q is the original area and A the final area of the drawn wire. In 
the derivation it was assumed that the die angle was small. The assump- 
tions made in deducing these equations are by no means fulfilled exactly; 
however, tests by Sachs have shown that the above expressions give 
satisfactory results for small die angles. 

Equation 12, for the draw stress under frictionless conditions so 
derived by Sachs, is very similar to the expression for the average true 
stress during the necking of a tensile-test piece used in this investigation. 
The latter expression may be put in the form 

S — S tt = m log ^ [13] 

where S — S u represents the increase in the average true stress during 
the necking of the bar. 

It has been shown by Sachs and Linicus 14 that for a given reduction 
in area the material passing through a die work-hardens more than that 
stretched to the same reduction in area by a tensile test. Also, it appears 
that the steeper the die, the stronger is the work-hardening for a given 
reduction, owing to the nonuniform flow of the material through the 
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Fig. 13 . — Comparison op ( S — g) curves for brass wire drawn through 

DIES OF DIFFERENT WALL SLOPE, AS OBTAINED BY SACHS AND LlNICUS 14 WITH (S — a') 
METHOD SUGGESTED HERE. 
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die. For large reductions, however, the work-hardening as obtained in 
the tensile test and in the drawing operation appear to approach coin- 
cidence. Consequently in equation 12 it is necessary to use the average 
flow resistance during the reduction, which can be taken from a curve 
of the actual yield point plotted as a function of q or q' as determined 
from tensile tests on bars drawn through dies of various wall slopes. 
Drawing tests were made by Sachs and Linicus on brass wire using dies 
of various wall slopes, which could be rotated to minimize the friction. 
The test results checked well with equation 12. 

Heretofore, the axial draw stress obtained from drawing tests has 
usually been plotted as a function of the reduction in area g. Fig. 13 
shows a comparison of the (S — q) curves plotted for brass wire drawm 
through dies of different wall slope as obtained by Sachs and Lini cus with 
the OS — q r ) method suggested here for the tensile test. It is apparent 
that after a reduction of q' = 0.45 the (S — g') curves are essentially 
straight lines instead of possessing a continuous curvature, as illustrated 
by the (S — q) graphs. Similar effects were found in the tensile tests 
described in this investigation. Fig. 14 makes a similar comparison for 
brass tubes drawn through dies of different shape, according to Sachs. 
In the latter figure, although the reductions were not carried nearly as 
far as in Fig. 13, the (£ — q') curves became straight lines after a reduc- 
tion in area of q f = 0.35. 


Summary 


A critical discussion was made of certain methods of plotting stress- 
strain and stress-reduction in area curves for metals cold-worked in 
tension. Based on certain physical considerations, a different method of 
representing these relations was suggested in which the average true 


stress is plotted as a function of the true reduction in area q f = log 


Ap 

A 


where Ap is the original area and A the area at any load P. Tensile tests 
were made on various metals and such curves were plotted. For all of 
the steels tested and for most of the nonferrous metals as well, the curve 
became a straight line from the point corresponding to the ma x imu m 
load up to fracture, as distinguished from the curve usually obtained for 
P An — A 

-7 plotted as a function of g = — ^ This fact permitted the formula- 

A. Ap 

tion of a new law giving the relation between the average true stress and 
the true reduction in area within the necking region of the tensile test. It 
also provided a relation between the tensile strength and the break- 
ing strength such that one may now be easily calculated from the 
other. Various important advantages of this method of plotting were 
brought out. 
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The anomalous behavior of the commercially pure aluminum and 
copper tested was explained by means of X-rays, which showed a crack 
formed inside the necked portion of the test piece. 

A comparison was made between the expression for the axial drawing 
stress for frictionless drawing as obtained by Sachs with the corresponding 
expression for the increase in stress during the necking stage of a tensile 
test. Further, the application of the (S — q') method of plotting to the 
drawing of brass wires and tubes was illustrated. 
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DISCUSSION 

(S. L. Hoyt presiding) 


A. V. de Forest, * Cambndge, Mass — Is the slope of this new curve a measure- 
ment of hardening that is gomg on during the necking portion of the diagram? Can 
we hope to get a measurement from this method of plot that we cannot from the 
ordinary one, which mvolves the strain-hardening behavior of the material, and from 
which work-hardening capacity can be readily determined? 


D. K. Crampton, t Waterbury, Conn. — In the S — q r curves shown, if the straight- 
line portion is extrapolated back to zero strain, would the value of stress so obtained 
be the value ordinarily given as maximum tensile strength; in other words, the maxi- 
mum load divided by original area? It would seem that it might be. 

Another point I wish to make is that the length and slope of this same straight 
portion of the curve should be an excellent indication of the capacity for work-harden- 
ing and would, therefore, be an excellent way of comparing materials or treatments 
from that standpoint and possibly a better way than we have had in other methods 
heretofore used. 


W. L. Fink, t New Kensington, Pa. — We have been doing some work on the rolling 
of aluminum and plotting our results very much in this same way. In plotting the 
yield strength against the logarithm of the ratio of the mitial to final cross-sectional 



a linear relation is obtained above approximately 50 to 60 per 


cent reduction. 


L. W. Kempf, § Cleveland, Ohio. — I wonder if the authors would care to make any 
remarks regarding the variation in slope of the straight portion of the line from mate- 
rial to material, or even within a certain family, say m iron-base alloys. Is the slope 
fairly constant for iron-base alloys and different from that for copper-base allots. 

S. L. Hoyt, || Milwaukee, Wis.— I think several of the discussers have picked on a 
rather interesting point here— the slope of the curve and its use as a measure of work- 
hardening. The slope changes continuously up to the maximum point on the ordinary 
tensile curve, and from there on remains constant. It is a very interesting point but 
it suggests a change in the mechanism of work-hardening at that point. 

C. W. MacGregor (written discussion). — Dr. Crumpton’s remarks on the use of 
the slope of the S —q' curves as a measure of work-hardening coincide with the author's 
own convictions that the length and slope of these curves past the maximum load 
point should prove to be a convenient means of comparing the work-hardemngcharac- 
teristics of various materials. This also answers the question raised by Professor 

If the straight-line portion of an S — q' curve is extrapolated back to zero q , the 
stress value so obtained is called S % in the paper itself and it is the first term in the 
right-hand side of equation 5. Values of S % for the various materials investigated 
are listed in Table 2. When compared with the ordinary tensile strength, which is 
defined as the quotient of the maximum load and the original area, it was found that 

* Associate Professor of Mechanical Engineering, Massachusetts Institute of 
Technology. 

f Director of Research, Chase Brass & Copper Co. 

J Aluminum Research Laboratories. 

§ Aluminum Research Laboratories. 

U A. O. Smith Corporation. 
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the values of although different slightly from the ordinary tensile strengths, wore 
rather close to the latter in value in most cases, as suggested by Dr. Crampton. 

Dr. Kempf asked about the variation from material to material m the slope of the 
S — q' curves after the maximum load has been reached. This is an interesting pomt 
and it is hoped that further tests will throw additional light on the question. Although 
it was not the purpose of the paper to investigate this phase of the problem, the estab- 
lishment of a linear relation between S and q' with a large variety of materials being 
the primary object, certain effects have been noted. Table 2 shows that slope m for 
the various mild steels tested remained fairly constant. It was found that if an 
average value of m = 46,000 is used for the six mild-steel test pieces, the calculated 
and observed values of breaking stress checked within 2.5 per cent. The q' values 
took care of any differences m ductility m the mdividual cases. Further, for higher 
carbon and alloy steels the value of m is much greater than for the mild steels investi- 
gated. It is also apparent that the slope m is m general different for iron-base alloys 
and copper-base alloys. 

Dr. Fink’s statement more or less bears out some of the test results we have found. 



Influence of Temperature on Elastic Limit of Single Crystals 
of Aluminum, Silver and Zinc 

By Richard F. Miller* and W. E. Milligan, f Members A.I.M.E. 

(New York Meeting, February, 1937) 

Work was undertaken two years ago at the Hammond Laboratory 
for the purpose of determining the magnitude of the elastic range in single 
crystals of pure metals by means of creep tests, the assumption being 
made that if a true elastic range exists, the elastic limit represents the 
maximum stress for no creep. A sensitive extensometer was constructed, 
and creep tests were made on zinc single crystals at a variety of loads and 
temperatures 1 . It was soon discovered that there is no measurable elastic 
limit in ductile zinc single crystals at, or above, room temperature. 

The inference that pure metallic single crystals may not possess a 
definite elastic range was not justified, however, since zinc had been tested 
in creep only above its recrystallization temperature, and several investiga- 
tors 2,M had already shown that above the recrystallization temperature 
polycrystalline metals will flow under very small stresses, while below that 
temperature stresses of a much larger magnitude are required. 

For that reason, it was decided to extend the study of the elastic limit 
to other metals having a higher recrystallization temperature than zinc. 
Al uminum and silver were selected, because of the ease of obtaining pure 
materials and of preparing large single crystals, and because the crystallo- 
graphic glide system of these metals is well known. Owing to the 
limited time available, the elastic range was investigated by slow tensile 
tests rather than by creep tests. 

Production op Specimens • 

Aluminum 

Recrystallized single crystals were prepared from 99.95 per cent alu- 
minum supplied by the Aluminum Company of America. The ingots 
were melted in an Acheson graphite crucible in a gas furnace, and cast 

This paper describes the results of an investigation carried out at the Hammond 
Laboratory, Yale University. Manuscript received at the office of the Institute 
Dec. 1, 1936. 

* United States Steel Corporation, Research Laboratory, Kearny, N. J. 

t Assistant Professor of Metallurgy, Hammond Laboratory, Yale University, 
New Haven, Conn. 

1 References are at the end of the paper. 
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into a preheated graphite ingot mold, 1 M in- in diameter by 6 in. long. 
Care was taken to avoid pipes by cooling from bottom to top. Subse- 
quently these ingots were forged cold to bars % in. in diameter and 
machined to tensile specimens having a diameter of 0.475 in. and a gauge 
length of 6 in. These polycrystalline specimens were then recrystallized 
to single crystals by a modification of the strain-annealing method, 
described by Vaughan H. Stott 5 . Of the 15 specimens treated in this 
manner, 11 became single crystals, and four were composed of two or three 
grains each. 

Thirteen specimens of cold-rolled 99.90 per cent aluminum rod were 
similarly treated. Five of these were found to be single crystals, while 
the others contained from two to six grains apiece. 

For the sake of comparison, two aluminum single crystals of the 
99.90 per cent purity were grown by gradual solidification from the melt, 
in the same manner as that employed for the silver and zinc single crystals 
(Bridgman method) 6 . All the aluminum specimens were etched with 
Tucker’s solution (25 per cent H 2 O, 15 per cent cone. HF, 15 per cent 
cone. HNO», and 45 per cent cone. HC1) to reveal the number of 
grains present. 


Silver 

The silver was donated for research use in the Hammond Laboratory 
by the Committee on Industrial Uses of Silver, through the courtesy of 
Mr. Lawrence Addicks and Dr. H. S. Rawdon. It was supplied in ingot 
form, accompanied by chemical and spectrographic analyses, and was of 
99.999 per cent purity. Since the authors had had little experience in 
handling high-purity silver, they requested assistance from Handy and 
Harman, of Bridgeport. The silver was melted by that company in 
zircon crucibles, in 25-oz. melts, in a gas furnace, and poured into an open 
graphite mold 6 in. long by 1 in. wide by % in. thick. The ingot was 
then hot-rolled on wire rolls at 1200° to 1300° F., to %-in. squares, which 
were drawn cold through round dies to %-in. dia. Etching in l:lHNOs 
and H 2 0 removed surface contami n ation. At Hammond Laboratory, 
the jh?-in. silver rods were pointed at one end, cut to 10-in. lengths, and 
inserted in graphite molds. The rods were then changed into single crys- 
tals by the Bridgman method 6 . A Kanthal wound resistance furnace was 
employed at a temperature of 1020° C. A nickel muffle permitted the 
specimens to be melted in a nitrogen atmosphere. A lowering rate of 
yi in- per hour produced single crystals in every instance. After cooling, 
the specimens were etched with 40 per cent aqueous HNOj. 

Zinc 

Zinc single crystals of 99.999 per cent purity were produced by the 
Bridgman method 6 , in the manner previously described 1 . 
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Analysis op Purity op Specimens 

Because of the great effect of minute amounts of impurity on the 
strength of single crystals, materials of the highest obtainable purity were 
employed, and spectrographic analyses were made to investigate the 
possibility of contamination during the process of manufacture of the crys- 
tals. The large Bausch & Lomb Littrow-type spectrograph at the Ham- 
mond Laboratory was used in making the analyses. The sources of 
excitation were the manufacturer’s standard 220-volt d.c. arc, and a 
locally assembled condensed spark equipment. A nonrecording den- 
sitometer was used for measuring the plates. 

Analysis of Aluminum 

A survey of the literature on aluminum indicated the difficulty of 
obtaining reproducible results with arcing methods of excitation, because 
of interference from the large quantity of oxide formed, a defect absent 
when condensed sparks are employed. Smith 7 reported successful use 
of the spark in analyzing commercial grades of aluminum, and his pro- 
cedure was followed in the present work. Comparison was made between 
the impurity lines in the spectrum of the specimen and the selected nickel 
lines appearing in the spectrum of an auxiliary alloy of aluminum with 
1 per cent of nickel added, both spectra recorded on adjacent portions of 
the same plate and produced under similar conditions. Control of 
electrical conditions was evidenced when equality was obtained in the 
blackening of the aluminum spark line 2816.2A. and the arc line 2575.1A. 

Pairs of electrodes of the single crystal (99.90 per cent) and of ingot 
and single crystal (99.95 per cent) aluminum were made up in lengths 
of 2)^ by %-in. dia., with chisel-shaped ends long. 

The auxiliary alloy was prepared from 99.95 per cent aluminum and 
small pellets of Mond nickel, by melting in a crucible of Acheson graphite 
and casting in rod form in a mold of the same material. The rod was cut 
into two portions, and millings were made from the new surfaces for 
the chemical determination of nickel. The alloy contained 0.97 per 
cent nickel. 

Standard conditions having been established, a series of exposures of 
the three types of electrodes was made, each exposure with an exposure 
of the auxiliary alloy immediately adjacent. After development, the 
various comparison lines were identified on the dry plate, and readings of 
total blackening of the lines were made in the densitometer. The read- 
ings were not corrected for general background, as all line pairs were 
relatively narrow, and all comparisons were made of line pairs produced 
under giTnilfl-r conditions and registered immediately adjacent on the same 
plate. The analytical results appear in Table 1. 
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Table 1. — Spedrographic Analysis of Aluminum 


Elements 

Aluminum 99 90 Per 
Cent, Single Crystal 

Aluminum 99 95 Per 
Cent, Ingot 

Aluminum 99 95 Per 
Cent, Single Crystal 

Fe, per cent 

0.05 

b 

b 

Cu, percent 

0 01 

0 015 

0 015 

Si, per cent 

& 

& 

6 

Ti, per cent 

0.01 

0 007 

0.007 

Mn, per cent 

0.01 

e 

c 


* Magnesium was present in all three samples in minute quantity. 
b Present but in smaller amounts than the lower limits of the analytical tables 


of Smith 7 . 

c Barely visible; appears to be of the order of 0.001 per cent. 

The incomplete character of these results was recognized and chemical 
analysis was undertaken to fill some of the gaps. Ten-gram portions 
of millings of the 99.95 per cent samples were analyzed in duplicate for 
copper, silicon and iron, by a modification of the procedures outlined on 
pages 19, 20 and 21 of “ Chemical Analysis of Aluminum 8 ^. The modi- 
fications consisted of variation in the quantity of acid due to the large 
amount of metal under test, although retaining the same basic acidity, 
weighing the silicon by difference after fuming with hydrofluoric and 
sulphuric acid, and the use of correction blanks for all reagents. The 
results are given in Table 2. 


Table 2. — Chemical Analysis of Aluminum 


Element 

Aluminum 99.95 Per 
Cent, Ingot 

Aluminum 99.95 Per 
Cent, Single Crystal 

Aluminum 99.90 Per 
Cent, Single Crystal 

Fe, per cent 

0.013 


0.060 

Cu, per cent 

0.012 



Si, per cent 

0.004 


0.040 


These tabulated results indicate that no appreciable contamination of 
the metal occurred during the manipulation incident to the preparation of 
the single crystals. This conclusion was further substantiated by the close 
agreement of the densitometer readings of the 99.95 per cent material. 

Analysis of Silver 

No attempt was made to determine the definite amounts of impurities 
present in the silver. It was considered sufficient to compare spectro- 
graphically the ingot with the single-crystal silver, since a complete 
spectrographic and chemical analysis had been supplied with the ingots 
by the U. S. Metals Refining Co. through the courtesy of the Committee 
on Industrial Uses of Silver (Table 3). This comparison was broadened 
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Table 3. — Analysis of High-purity Silver 


Element 

U s. M. R. Co 

Ingot Silver 

Handy A Harman 
High-punty Silver 

Chemical 

Spectrographic 

Chemical 

Spectrographic 

Au, per cent 

0 001 



N.D. 

Ag, per cent 

99.993 




Cu, per cent 

0 0017 



Tr. 

Fe, per cent 

0.0004 




Pb, per cent 

0 0003 



Tr. 

Bi, per cent 

Nil 

N.D.* 


Tr.? 

Se, per cent 

Nil 



N.D. 

Te, per cent 

Nil 



N.D. 

Sn, per cent 




N.D. 

Ni, per cent 


Tr. e 


N.D. 

Mn, per cent 


Tr. 


N.D. 

Mg, per cent 




N.D. 


° Less than. 
b Not detected. 

c Less than 0.0001 per cent is present. 
d Less than 0.005 per cent is present. 

somewhat by the study of a sample of high-purity silver (999.90 fine or 
better) obtained from Handy & Harman, which had already been spectro- 
graphically analyzed by them (Table 3). 

Pairs of electrodes of similar dimensions to those used for alu m i n u m 
were prepared of ingot, single-crystal and high-purity silver. All were 
given a short etch in cold 10 per cent hydrochloric acid, washed in dilute 
ammonia and in distilled water. These were arced at a current of 
5.0 amp. Comparisons were always made of spectral lines on the same 
plate. The blackening of similar lines of the impurities, in general the 
raies uUimes , was compared through densitometer readings. These 
readings co nfirm ed the absence of elements chro mium , cobalt, cadmium, 
zinc, indi um , al uminum , osmium, iridium, plat inum , rhodium and 
ruthenium, which were not detected spectrographically by the U. S. 
Metals Refining Co. The readings indicated that with the exception of 
iron and magnesium, the single crystal was simi lar to or purer than the 
ingot metal with respect to copper, lead and gold. The increase in iron 
content was negligible. The magnesium readings were not decisive. 

A desire to clarify the question of magnesium content prompted the 
use of the condensed spark in a manner sim ilar to that employed with the 
aluminum. The plate obtained under these conditions showed the pres- 
ence of the magnesium spark lines at 2795. 54A. and 2802.7 A., in all three 
spectra. The ingot silver was definitely lower in this element than either 
the single-crystal or the high-punty silver. The difference in densr 



234 


INFLUENCE OF TEMPERATURE ON ELASTIC LIMIT 


tometer readings did not indicate any large increase. The magnesium 
content was estimated to be of the order of 0.005 per cent. 

The spectrographic work on the silver confirmed the purity of the 
original metal, and indicated that the single-crystal silver contained 
slightly more iron and magnesium than the ingot metal. 

Analysis of Zinc 

The spectrographic analysis of the zinc employed in these tests has 
been given in a previous publication 1 . 

Determination of Orientation and Stress Calculations 

The method used for the determination of the orientation of the 
ductile zinc single crystals has been previously described 1 . 

The orientation of the silver and aluminum crystals was determined 
by the back-reflection Laue method described by Greninger 9 . A Seeman 
demountable, hot-cathode, X-ray tube was employed, utilizing a 25 milli- 
ampere filament current, a tungsten target, a 3-cm. specimen to film dis- 
tance, and a 2-hr. exposure. The indices of the planes giving rise to the 
spots on the X-ray films were ascertained by measuring the interfacial 
angles with Greninger’s 9 hyperbolic coordinate plat. The azimuth and 
polar angles of these planes were then measured with the plat, and trans- 
ferred to a stereographic projection. Suitable rotations gave the angle x 
between the axis of the specimen and the glide plane, and the angle X 
between the glide directions [110] and the axis of the specimen with an 
error of less than ± 0.5°. 

For each one of the four possible glide planes {111}, there were three 
possible glide directions [110]. By rotating each one of the four glide 
planes into the plane of the projection, and then projecting the axis of the 
specimen onto this plane, it was possible to pick out which one of the 
three possible [110] directions made the smallest angle (e) with the direc- 
tion of action of the shearing force in the glide plane. This reduced the 
number of calculations necessary to determine the active glide directions 
from twelve to four. The formula for calculating the shearing stress 
acting in the glide plane and glide direction is given by Elam 10 : 

S = a sin x cos X 

where a = P/A, tensile stress in specimen, 

S, resolved shearing stress in grams per sq. mm., 

P, applied load in grains, 

A, area of cross section of specimen in sq. mm., 
x, angle between {111} and axis of specimen, 

X, angle between [110] and axis of specimen. 

Assuming that the active glide plane will be the one on which the 
greatest fraction (F) of the tensile stress will be acting in shear, it is 
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immediately possible to pick out from the tabulation of X-ray data for 
each specimen, such as that shown in Table 4, which one of the four 


Table 4. — X-ray Data Regarding Specimen IV 


{Ill} Plane 

x, Deg. 

6, Deg 

e, Deg 

X, Deg. 

F 

1 

2 

88 

21.5 

! 22 ; 

0 034 

2 

37 

53 

12 5 

! 38 i 

0 474 

3 

66 5 

156.5 

7 

67 

0 358 

4 

20 5 

69 5 

55 

21 5 

0.325 


x, angle between specimen axis and {111]. 

6, 90° ± x. 

e, angle between selected [110] and projection of specimen axis on glide plane 
(direction of maximum shear on glide plane). 

X, angle between [110] and specimen axis. 

F , fraction of tensile stress acting in shear = sin x cos X. ( F can vary from 0 to 0.5.) 

possible glide planes will first act in shear. In that specimen, plane No. 2 
is the active glide plane. The active glide planes for each specimen are 
given in Table 5. Traces of the glide plane on the surface of the speci- 


Table 5. — Tensile Tests of Aluminum and Silver Single Crystals 


Specimen 

No. 

Purity, 
Per Cent 
A1 

Testing 
Tem- 
perature, 
Deg C. 

Critical 
Shearing 
Stress, 
Grams 
per Sq 
Mm. 

Critical 
Shearing 
Stress, 
Lb per 
Sq In. 

Diameter, 

In. 

x* 

Deg. 

e. 

Deg. 

X, 

Deg. 

F 

Aluminum 

I 

99 90 

27 

138 

196 

0.506 

34. 

13 5 

36 5 


II 

99.90 

250 

185 

262 

0.507 

32 

14. 

35. 


IV 

99.95 

23 

50 

71 

0.419 

37. 

12.5 

38. 

0.474 

IX 

99 95 

300 

60 

85 

0.420 

50 

19.5 

53.5 

0.456 

X 

99.95 

250 

80 

113 

0.420 

49. 

3. 

49. 

0.496 

XII 

99 95 

150 

60 

85 

0.420 

32. 

23.5 

39. 


XIII 

99.95 


55 

78 

0 396 

34 

25.5 

41.5 

0.419 

XIV 

99.95 


65 

92 

0 421 

29 5 

14. 

33. 

0.412 

XVI 

99.90 


134 


0.404 

44. 

2 5 

44.5 

0.496 

XVIII 

99.90 


213 

302 


39. 

8. 

39.5 

0.486 

XXI 

99.90 


115 

163 

0.400 

32. 

3. 

32. 

0.449 

XXIV 

99.90 

24 

113 

160 

0.403 

41.5 

4. 

42. 

0.493 

XXVII 

99.90 

200 

145 

206 

0.405 

51. 

11. 

52. 

0.479 

XXVIII 

99.90 

150 

90 

128 

0.400 

34. 

20. 

39.5 

0.432 






SlLVHB 


2 Ag 

99.99 

250 

31 

44 

0.373 

33 5 

14.5 

36 5 

0.444 

5 Ag 

99.99 

300 

55 

78 

0.377 

48.5 

3. 

49. 


6 Ag 

99.99 

200 

23 

33 

0.373 

35. 

15 5 

37.5 

0.455 

7 Ag 

99.99 

100 

47 

67 

0.373 

40. 

26 5 

47. 

0.439 








men after the tensile test permitted the predicted angle x to be checked 
by the observed angle; close agreement was found. 
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When a tensile test was carried out, the observed values were the 
amount of load in pounds* and the simultaneous amount of extension in 
microns. Knowing the load and the cross-sectional area of the round 
specimen, it was possible to calculate the corresponding shearing stress, 
using the formula given above. None of these tests were carried to a 
sufficient extension to cause double glide by rotation of the next most 
favorable glide plane into a position where it also would begin to slip. 

Tensile Tests 

The tensile tests were carried out with the creep-testing apparatus 
previously described 1 . The specimen was suspended from a heavy steel 
framework and connected at the bottom to a 6:1 lever. Loading was 
caused by allowing sand to flow from a reservoir into a loading bucket 
attached to the end of the lever. A uniform rate of loading of 3 lb. per 
minute was used in all the tests. The rate of extension was so slow that 
it was possible to measure the distance between the reference marks 
every min ute with no appreciable error caused by alternate readings of 
the two microscopes. An electric furnace surrounded the specimen, 
keeping it at the desired temperature during the test. 

Extension of Aluminum Single Crystals 

Single crystals of 99.95 per cent aluminum were tested at 23°, 100°, 
150°, 200°, 250° and 300° C. The results of the tests are shown in Fig. 1, 
in which the resolved shearing stress is plotted against the amount of 
extension. Owing to the sensitivity of the extensometer employed, the 
strain coordinate is highly magnified, thereby revealing the early stages 
of plastic deformation. Most unexpected features are disclosed between 
0 and 1.5 per cent extension, a region totally blind in the previously 
published curves of the effect of temperature on the plasticity of alu- 
minum single crystals. (See, for example, Fig. 127, p. 162, “Kristall- 
plastizitat” by E. Schmid and W. Boas 11 .) 

The shapes of all the curves in Fig. 1 are similar, but their relative 
positions are drastically modified by the testing temperature. In order 
to clarify the discussion of the curves, each will be divided into three 
zones. Zone 1 is the elastic range; zone 2 is the range of “yield-point 
elongation ” lying between the elastic range and zone 3, where abundant 
plastic deformation begins to occur. Taking the curve for specimen IV 
tested at 23° C., for example, as the load is increased, only elastic deforma- 
tion (zone 1) is noted until a critical shearing stress of about 50 grams 
per sq. mm. is exceeded. Rapid extension then appears (zone 2), followed 
by a sharply decreasing rate of flow. Zone 3 commences when fur- 

* Rata available in this field have been expressed in grams per square millimeter, 
which is dose to the figure used in American engineering practice. (Conversion 
factor, 1 gram per sq. mm. = 1.42 lb. per sq. in.) 
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ther increase of stress causes the flow rate to again increase (at a shear 
stress of about 170 grams per sq. mm.). 

Analysis of the curves shows that as the temperature of the test is 
increased, the magnitude of zone 1 increases up to 250° C.; i.e., the critical 
shearing stress increases with increasing temperature (Table 5 ). The 
magnitude of zone 2 decreases with increasing temperature, and the rate 
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EXTENSION PEN CENT 

Fig. X. — Influence of temperature on stress-strain curves of recrystallized 

ALUMINUM SINGLE CRYSTALS OF 99.95 PER CENT PURITY. 

Load added at rate of 3 lb. per minute. 

of deformation in this range becomes slower the higher the temperature 
(up to 200° C.). Zone 3 begins at smaller amounts of deformation the 
higher the temperature, and in this region the normal effect of tempera- 
ture is observed — the higher the testing temperature, the more rapid the 
ultimate rate of flow. 

In an effort to ascertain whether or not this peculiar temperature 
effect is confined to recrystallized aluminum single crystals of this degree 
of purity, tests were made with the same loading rate and testing tempera- 
tures on recrystallized single crystals of 99.90 per cent aluminum. The 
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results are shown in Fig. 2. The same configuration is apparent, although 
markedly displaced toward higher temperatures and stresses, presumably 



•l -2 ^ A .5 .6 .7 A .9 U> U 1.2 t.S !A L5 L6 L7 L9 L9 2 

EXTENSION PER CENT 

Fig. 2. — Influence of temperature on stress-strain curves of recrystallized 
ALUMINUM SINGLE CRYSTALS OF 99.90 PER CENT PURITY. 

Load added at rate of 3 lb. per minute. 

by the presence of the greater amount of impurity. The spe cimens did 
not behave as uniformly, but in the early stages of the plastic deformation 
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the curves are in the same order, except that the specimen tested at 
300° C. did not begin to deform quite as readily as the similar specimen of 



Fig. 3. — Influence of temperature on stress-strain curves of gradually 

SOLIDIFIED ALUMINUM SINGLE CRYSTALS OF 99.90 PER CENT PURITY. 

Load added at rate of 3 lb. per minute. 


higher purity. Also, in the later stages of deformation, the reversal of 
the curves was not as regular, and larger amounts of deformation than 
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were possible with the apparatus employed seemed to be necessary to 
cause them to fall into the correct order. It should also be noticed that 
the increased amount of impurity seemed to mask almost entirely the 
“yield-point elongation ” effect. However, the elastic limit is noticeably 
raised up to 250° C. by increasing temperature (Table 5). Two distinct 



Fig. 4. — Influence of temperature on stress-strain curves of gradually 
SOLIDIFIED SILVER SINGLE CRYSTALS OF 99.99 PER CENT PURITY. 

Load added at rate of 3 lb. per minute. 


sets of curves are evident in Figs. 1 and 2; one set, consisting of specimens 
tested at 23°, 100° and 150° C., and the other set, showing much more 
rapid flow, consisting of specimens tested at 200°, 250° and 300° C. 

Tests were also made on two 99.90 per cent aluminum single crystals 
(I and II) grown by gradual solidification from the melt (Bridgman 
method 6 ). The results of the tensile tests at 27° and 250° C. on these 
specimens are shown in Fig. 3. Here also the elastic range is raised by 
increase of testing temperature (Table 5), and the same crossing of the 
curves is noted, showing that in the early stages of plastic deformation 
the specimen tested at the lower temperature deformed more readily. 
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The curves are similar to those of the strain-annealed single crystals of 
the same purity tested at the same temperature. 

Extension of Silver Single Crystals 

Similar tests were made on silver, which could be obtained in a state 
of much higher purity than could aluminum. Silver was selected also 
because of the similarity of its glide system and recrystallization range 
to those of aluminum. The data concerning the specimens are shown in 
Table 5, and the results of the tensile tests at different temperatures are 
seen in Fig. 4. The same reversal of curves is noted here. The critical 
shearing stress is higher the higher the temperature. The specimen 
tested at 100° C. was accidentally bent before testing, accounting for its 
confused position. The silver crystals had a noticeably lower yield point 
(Table 5) than the aluminum crystals, but showed more rapid strain- 
hardening even though the purity was higher. 


Table 6 . — Tensile Tests of Zinc Single Crystals 


Specimen No. 

Testing 
Temper- 
ature, Deg. C. 

Diameter, 

In. 

a, Deg. 

e. Deg. 

X, Deg. 

F 

R-4 


mm 

70.2 

30. 

73. 

0.274 



mmm 

22.2 

17.5 

28. 

0.332 



BSU 

81. 

22.2 

81.7 

0.143 



■m 

66.5 

4.7 

66.6 

0.363 



0.480 

24.8 

27.4 

36.2 

0.339 


x, angle between specimen axis and (0001). 

6, angle between selected [1120] and projection of specimen axis on glide plane 
(direction of maximum shear on glide plane). 

X, angle between glide direction [1120] and specimen axis. 

Extension of Zinc Single Crystals 

Several ductile zinc single crystals were tested in a manner similar to 
that employed for the aluminum and silver single crystals except that the 
load was added at a rate of J 4 lb. per min. The data concerning the zinc 
crystals are in Table 6, and the results of the test are shown in the solid 
curves in Fig. 5. It was noted in a previous investigation 1 that there was 
no measurable critical shearing stress in ductile zinc single crystals tested 
in creep at or above room temperature. The presence of an apparent 
elastic range in the solid curves in Fig. 5 may be attributed to the fact that 
these are stress-strain curves, the speed of testing being much more rapid 
than it was in the creep tests. The effect of the increase of rate of strain- 
ing is demonstrated by the dotted curve in Fig. 5, which is intermediate 
between a creep curve and a stress-strain curve. In testing this specimen, 
the load was added in small increments separated by intervals of one day. 
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The crystals behave in a manner consistent with the observations on 
aluminum above its recrystallization temperature; no crossing of the 
curves is noted, and an increase in testing temperature causes increase 
in the ease of flow. 


Discussion of Results 

The purpose of the present work was to investigate the influence of 
temperature on the elastic range in metallic single crystals of high purity. 
Previous work 1 had shown that there was no measurable elastic range in 



SOLIDIFIED ZINC SINGLE CRYSTALS OF 99.999 PER CENT PURITY. 

Load added at rate of H lh. per min 7 except in test shown by dotted curve, in 
which increments of load were applied at intervals of one day. 

ductile zinc single crystals when tested in creep at or above room tem- 
perature. The slow tensile tests made on zinc in the present investigation 
confirmed this conclusion, and showed that the presence of an elastic 
range above the reciystallization temperature is apparent only when the 
rate of testing is rapid enough to make the rate of strain-hardening more 
rapid than the rate of relief of strain. 

The results of the tests on aluminum single crystals show that above 
250° C. the elastic limit drops sharply. This is known to be near the 
temperature at which cold-worked polycrystalline al uminum of this 
degree of purity will begin to show visible recrystallization in the length 
of time occupied by this test — about 2 hr. Such a drop in the elastic 
limit was expected, since a marked change in the creep properties of- 
al uminum occurs at about this temperature 3 . Whether the critical 
shearing stress of 60 grams per sq. mm* shown by specimen IX tested at 
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300° C. (Fig. 1 and Table 5) is a definite quantity, or whether the elastic 
range for this specimen is only apparent (similar to the elastic range in 
zinc single crystals tested at or above room temperature) is not known, 
since no variation in testing speed was employed in studying the alumi- 
num crystals. 

The appearance of a larger and seemingly definite critical shearing 
stress near the lowest temperature of recrystallization of polycrystalline 
aluminum seems to be consistent with evidence derived from creep tests 
on aluminum single crystals 3 . Also, it is in harmony with Taylor’s 12 
theory of plastic deformation, which states that below a certain critical 
temperature (perhaps the recrystallization or recovery temperature) a 
finite stress is required to cause the atoms on the glide planes to jump 
the first potential barriers and for plastic deformation to commence. 

No reason is known for the apparent increase of elastic limi t with 
increase of temperature below the recrystallization temperature. It has 
been suggested that this increase of strength with increase of testing 
temperature may be due to age-hardening resulting from the precipitation 
of the 0.05 per cent impurity present. This seems hardly likely, however, 
since the crystals were all furnace-cooled from just below the melting 
point of aluminum after their production, giving ample opportunity for 
the precipitation of any solutes that might be present. To eliminate this 
argument completely, and also to discover whether this peculiarity is 
confined to aluminum, tests were made as described above on high-purity 
(99.99 per cent) silver. The possibility of contamination of the material 
during the production of the single crystals was thoroughly examined 
by spectrographic analysis, and the conclusion was reached that there 
had been little if any loss in purity. 

The silver showed the same increase of elastic range with increase of 
temperature up to 300° C. The limited time available did not permit the 
extension of the studies on silver, but it is to be expected that at some 
higher temperature, corresponding to the lowest temperature of recrys- 
tallization for the speed of testing employed, there would be a sudden 
decrease in the elastic limit. 

The presence in the aluminum single crystals of a marked 4 4 yield- 
point elongation,” which is more marked the lower the temperature of 
the test and the purer the metal, is not so surprising as the increase of the 
elastic limit with increase of temperature. The “yield-point elonga- 
tion” is a characteristic of annealed low-carbon steel, and has been noted 
by Schoenmaker 13 at low temperatures in copper and brass. Perhaps 
the behavior of the aluminum single crystals below their recrystalliza- 
tion temperature could be considered in the following manner. 

The strain-free crystals do not begin to slip plastically until a certain 
critical stress has been reached, but when this stress is exceeded they may 
glide a small amount before enough strain-hardening has been produced 
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to retard the deformation to the normal amount. The face-centered 
cubic metals, being softer than the body-centered (iron) may show this 
behavior only at low temperatures and in the very early stages of plastic 
deformation. It may be that at lower temperatures the glide planes 
have less tendency to rumple, and for that reason the ''yield-point elonga- 
tion” takes place more readily at lower temperatures. The argument 
that the gradual disappearance of the "yield-point elongation” with 
increase of temperature may be due to age-hardening may be dismissed 
for the same reasons as were stated above in the discussion of the possi- 
bility of age-hardening affecting the elastic range. 

In the foregoing discussion, the word "recrystallization” has been 
freely used. That visible recrystallization, using the term in the sense 
commonly employed when discussing polycrystals, does not occur in the 
single crystals is evidenced by the fact that the crystallographic laws for 
glide are obeyed in all three metals at all temperatures and up to the 
highest amounts of extension used. However, a decided change in the 
behavior of aluminum is apparent between 200° and 300° C., and it is 
known from the literature and from tests on the metal used that the first 
visible recrystallization does occur in this range for cold-worked poly- 
crystalline aluminum in the length of time occupied by the test. The 
significance of this temperature in the study of aluminum single crystals 
seems to be that somewhere in this range, for the given speed of testing, 
the rate of relief of strain (rate of recovery) begins to exceed the rate of 
strain-hardening, and marked flow takes place with much lower stresses. 
The evidence shown by the silver seems to indicate that even 300° C. is 
below the critical range for the purity of metal and speed of testing used. 

The fact that the zinc used in the present work will recrystallize at 
room temperature has also been experimentally observed. The recrys- 
tallization temperature of zinc is not definitely known, and no tests on 
zinc were carried out below room temperature. 

In an attempt to discover whether or not the crossing of the stress- 
strain curves and the increase of strength of the aluminum and silver 
crystals up to the recrystallization temperature might be due to the 
manner of plotting the results of the tensile tests, curves were drawn 
showing the tensile stress instead of the resolved shearing stress plotted 
against the amount of extension, and curves were also drawn showing the 
resolved shearing stress plotted against the amount of shear. (The 
amount of shear ($) in the single crystal may be derived from the amount 
of strain by use of the formula s = %. sin x(<\/d 2 — sin 2 X - cos X) 11 .) 
In both these methods of plotting, all salient features of the curves 
remained in evidence, but slightly displaced in each case. 

It is noteworthy that the temperature range and small amounts of 
extension studied in the present work are of about the same magnitude as 
those important in the creep studies of steel and other metals. The 
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similarity in behavior of the aluminum single crystals and mild steel in 
regard to the yield-point elongation has already been mentioned, and it is 
possible that some of the other phenomena found in the present work may 
be encountered in commercial metals in the early stages of their extension, 
such as the reversal of the effect of temperature on the yield-point elonga- 
tion (zone 2), and the increase of the elastic range with increase of 
temperature up to the recrystallization temperature. 

Conclusions 

1. Slow tensile tests on ductile zinc single crystals at or above room 
temperature show that the magnitude of the apparent elastic range 
depends on the speed of testing, and the conclusion drawn from creep 
tests, that in this temperature range there is no measurable critical shear- 
ing stress, is supported. 

2. Slow tensile tests on aluminum and silver single crystals show that 
there is a small but definite elastic range below the recrystallization tem- 
perature; this elastic range is smaller the lower the temperature. Above 
the recrystallization temperature the critical shearing stress decreases 
rapidly. Time was not available for creep tests on aluminum and silver, 
but it is expected that above the recrystallization temperature they 
would behave in a maimer similar to zinc (no measurable critical shearing 
stress would be encountered). 

3. A marked yield-point elongation was noted in the aluminum single 
crystals, which was more marked the lower the temperature of the test 
and the purer the metal. During this period, increase of temperature 
decreased rather than increased the rate of flow. Following this period, 
the stress-strain curves crossed, and the temperature effect was normal; 
i.e., increase of temperature increased the rate of flow. 
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DISCUSSION 

(S. L. Hoyt presiding) 

G. Edmunds,* Palmerton, Pa. — I congratulate Dr. Miller and Mr. Milligan on a 
very well done job, both from the standpoint of the experimental technique and Dr. 
Miller’s presentation, which has been excellent. 

In Table 5 the authors have given the values of F, the fraction of the tensile stress 
that acts in shear. These are taken as the maximum values of F for any one of the 
( 111 } planes that are in position for slip. By calculations I have made, I notice that 
for certain directions of applied stress the value of F will be a great deal below the 
values that have been given in Table 5 for both the aluminum and silver crystals. 
For example, if the axis of the specimen is parallel to a [111] direction, the angle 
between the direction of stress and the only { 111 } slip planes that could possibly act 
would be about 19H°* At the same time the angle between the crystal axis and the 
direction of shear would be about 35J4°, which means that the value of F would 
amount to 0.272. That, of course, indicates that there have been no crystals exam- 
ined that had anywhere near that orientation. Dr. Fink has told me that the [111] 
direction lies parallel to the wire axis in a drawn aluminum wire. Were all of the 
specimens concerned here rolled rods which had been machined and recrystallized? 

Aside from crystals 1 and 2, throughout Table 5, including both the aluminum and 
silver, a mode of preparation was used that would have tended to align a [111] direc- 
tion with the crystal axis. Yet the recrystallized structures have departed rather 
widely from that, which is a point of possible interest. 

The authors state on page 236 that none of these tests were carried to a sufficient 
extension to cause double glide by rotation of the next most favorable glide plane into 
a position where it would also begin to slip. It may be pointed out, however, that 
slip might occur in two directions in one of the zinc crystals; namely, specimen No. R-4 
of Table 6 of the preprint, since it is so oriented that the projection of the rod axis on 
the slip plane makes an angle of 30 degrees with each of two slip directions on that 
plane. This would mean that slip would as likely start in one as the other direction. 

* Investigator, Research Division, New Jersey Zinc Co. 
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Having started in a given direction it would so continue unless affected by changes in 
the relative resistance to slip in the directions concerned. If it so happened that the 
slip resistance increased enough more rapidly in the active than in the inactive direc- 
tion slip in the second direction might then take place. By this mechanism slip 
might occur in two directions in this particular crystal. 

I might also point out in regard to the zinc crystals that the F values reach a 
minimum of 0.143. The minimum value of F m the zinc crystals is dependent upon 
the position of the crystal with reference to the direction of stress at which slip takes 
place in preference to twinning or at which slip will take place in preference to cleav- 
age. It is possible to have values of F, such as Dr. Miller has given us, much lower 
than any that could be encountered in connection with the aluminum crystals. 

A. V. de Forest,* Cambridge, Mass. — This piece of work is illuminating a very 
important corner of the age-hardening reaction. The reaction that occurs when a 
piece of cold-worked material is reheated in most cases is an increase in its elastic 
behavior. In other words, the perfection of elasticity goes up and the damping 
capacity goes down; the material becomes a better spring as there is lower creep at 
room temperature. The reason for that is still considerably obscure, but I think that 
it is a little clearer from this work than it has been in the past. The usual explanation, 
or at least one of the usual explanations of that behavior has called for some form of 
precipitation-hardening. The old idea of aging has gradually shaded off into a precipi- 
tation reaction. When precipitation became a powerful explanation for a great many 
mechanical behaviors of material, this idea of precipitation fitted the case very nicely 
except for the fact that it also worked on very pure materials. 

I believe Chevenard published results on damping capacity of pure gold in which 
cold-worked and reheated gold had an elastic behavior exactly similar to that of a 
very impure copper-silver alloy. 

In the case before us, not only a pure material but also a single-crystal material is 
doing the same thing, so we have to get rid of the idea of the ordinary form of precipi- 
tation. Dr. Miller's remarks about the roughening effect may be a point of a good 
deal of importance. I should like to look at this as a galling effect on the slip plane, 
that instead of having a foreign material required to do the hardening, perhaps a 
fragment can be rolled up between the slip planes exactly as a fragment is rolled up 
in the ordinary galling behavior of screwing a pipe into a coupling. Perhaps some- 
thing of the same kind is happening along even these very slight deformations in 
single crystals. 

Another thing adds to that picture a little. Using a very sensitive recording 
strain measurement on the early stages of creep at room temperature, Mr. Carson has 
shown steps in the creep rate exactly similar to the steps in the plastic deformation of 
many materials especially at elevated temperature, in other words, discontinuous 
creep, as we have discontinuous extension in the plastic range. That would indicate 
that again creep is not a matter of extension elastically throughout the whole mass of 
the material, but is a very local effect. This observation tends to improve the possi- 
bility of explaining strain-hardening by this galling reaction, because if all the creep 
takes place on one plane there is a considerable amount of deformation available to do 
the required work. 

C. Starr, t Cambridge, Mass. — The difference in behavior of the single crystals 
above and below the recrystallization temperature may have a simple explanation. 
It is debatable whether a single crystal that has been strained remains a single crystal. 
The stress-strain curves below the recrystallization temperature are probably those of 

* Associate Professor, Mechanical Engineering, Massachusetts Institute of Technology, 
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gradually produced poly crystalline material. Above the reervstallization tem- 
perature*, the condition of self-anneal sets in, so that the single-crystal structure tends 
to be preserved and the resultant stress-strain curves approach that of true single 
crystals. The low-temperature production of polycrystals from the single crystal 
might occur most rapidly at that part of the stress-strain curve called the “yield- 
point elongation.” The decrease of this “yield-point elongation” with rising tem- 
perature follows from this hypothesis, since the production of polycrystals would 
decrease with increasing rate of self-anneal. Since r ecrvst alliz at ion is an exponential 
function of time and temperature, the stress-strain curves should be functions of both 
rate of loading and temperature. The dotted curve of Fig. 5 for zinc is consistent with 
this analysis, as it shows a typical self-anneal curve at a very low temperature and at 
a greatly decreased rate of loading. 

A. J. Phillips,* Maurer, N. J.— I should like to defend the old precipitation idea, 
not that I have any data to prove that it is correct but merely because I do not feel 
that ample evidence has been presented here today to rule out the precipitation theory. 
My contention is based merely upon the fact that in working with lead alloys we have 
been able to demonstrate, we feel quite definitely, that certain alloying elements in 
values as low as 0.005 per cent will produce precipitation-hardening in lead of a con- 
siderable magnitude — enough to raise the tensile strength between 10 and 20 per cent. 
Therefore I contend that until we are sure that the elements or impurities in the alloy 
in the third decimal place are of no importance, we cannot rule out the possibility of 
precipitation-hardening even though the alloy is made from 99.99 per cent pure metals. 

T. E. Norman, t Toronto, Ont. — We had some experience regarding purity. We 
ran a series of corrosion tests with two types of zinc, one manufactured by the elec- 
trolytic process and one made by the retort process, both supposed to be as pure as 
it is possible to get commercial zinc. They were “both four nines plus.” The 
marked difference in the rate of corrosion between the electrolytic zinc and the retort 
zinc indicated that the type of impurity in the zinc certainly had some effect. It 
might be interesting to try out the tw T o types of zinc on such tests as these. 

J. WinlockJ and R. W. E. Lbitbr,§ Philadelphia, Pa. (written discussion). — 
As to whether any departure from the ordinary load-deformation relations shown by 
polycrvstalline aluminum, copper, etc. is a “yield-point elongation” may, of course, 
be partly a matter of definition. If a yield-point elongation is taken simply to mean 
any such departure, the load-deformation curves of the single crystals of aluminum 
obtained by the authors may certainly be considered as having yield-point elonga- 
tions. It does not seem to us, however, that the same phenomenon is taking place m 
the authors 1 single crystals as occurs in the load-deformation curves of annealed 
polycrystalline iron and low-carbon steel, which more generally conform to our con- 
ception of a yield-point elongation. As we will attempt to explain, it is possible that 
this view might be changed if autographic load-deformation curves were obtained. 

In annealed polycrystalline iron and low-carbon steel, the existence of the kind of 
nonuniform deformation generally referred to as “yield-point elongation” appears, as 
we see it, to depend upon the ability of the metal to support a greater load before the 
initiation of plastic deformation than it can support (without further plastic deforma- 
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tion taking place) immediately after plastic deformation ha& occurred. With single 
crystals of aluminum and with polycrvstalline aluminum and copper, however, the 
reverse of these conditions appears to exist. In other words, at the instant plastic 
deformation starts in annealed poly cry stall me iron and low-carhon steel, a low r load 
can produce a continuation of plastic deformation, whereas in single crvstata of 
aluminum and in polycrystalline aluminum and copper a greater load is immediately 
necessary to produce a continuation of plastic deformation. In the former, the result 
is a marked nonumform extension throughout the gauge length, whereas m the latter 
the extension is practically uniform. 

As we see it, however, the phenome- 
non in the polycrystalline ferrous metals 
does not resolve itself into a question of 
the weakness of the metal at the instant 
plastic deformation starts, but rather 
into a question of its inordinately high 
strength before the initiation of plastic 
deformation. At the top of page 244, | 
for example, the authors suggest that M 
the reason for a different behavior of 
some metals at the yield point at low 
temperatures is because the gliding 
planes have “less tendency to rumple/’ 

This infers that the cause of the phe- 
nomenon is a result of something that 
occurs after plastic deformation has 
occurred. If the cause of the phenome- 
non lies, as we think it does, simply upon 
the degree of resistance of the metal to the initiation of plastic deformation, might 
it not be that a lowered atomic mobility (which decreases as the temperature 
decreases) simply increases this resistance? 

In order to clarify our point of view, it appears that substantial yielding in annealed 
polycrystalline iron and low-carbon steel should take place at the load Y in Fig. 6 and 
that the load-deformation curve of these metals should be the curve OYLM instead of 
the well-known curve OALM, As may readily be seen, it is a curve of the shape 
OYLM that characterizes the load-deformation relations of polycrystalline aluminum 
and copper. For some reason, however, the load Y is “overshot” in annealed poly- 
cry stalline iron and low-carbon steel and substantial yielding does not start until the 
load A is reached. When plastic deformation does start, the metal finds itself “over- 
loaded,” so to speak, and its subsequent behavior is due to the efforts of the metal to 
resist this high load. According to our view, then, the load drops because the load- 
carrying capacity of the metal in the elastic state is greater than its load-carrying 
capacity at the instant plastic deformation starts and because of a concomitant con- 
centration of the imposed load. The load does not drop to the load Y, however, 
because a balance is reached between these factors and (1) the increase in resistance 
of the metal undergoing plastic deformation once this has started (work-strengthen- 
ing); (2) the increase in resistance of the metal undergoing plastic deformation to the 
high speed of deformation caused by the high load to which it finds itself subjected; 
(3) by the presence of metal in other parts of the gauge length which must be stressed 
to a value corresponding to the upper yield point before it can deform plastically. 
The extremely important point, then, is that at the instant plastic deformation is 
initiated in annealed polycrystalline iron and low-carbon steel it is not necessary to 
have present the load to which the metal finds itself subjected in order for further 
plastic deformation to take place. The potentiality of the metal to withstand this 
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high stress while in the elastic state is manifested in the load-deformation curve, as 
we have described m a recent paper. 14 

It is especially worthy of notice that if aimealed polycrystalline iron and low-car- 
bon steel have been slightly cold-worked, the load-deformation curve will take the 
shape of the load-deformation curves of the nonferrous metals. This is because the 
cold-work puts the steel in a condition in which there is a comparative freedom from 
metal which can maintain an elastic behavior at loads greater than Y in Fig. 6. That 
is, it appears as though cold-work produced nuclei from which uniform elongation 
can take place in a normal manner; i.e., in the same manner as do annealed poly- 
crystalline aluminum and copper. It is, of course, quite clear that such nuclei must 
be present throughout the whole gauge length for this to occur. For example, if the 
specimen is slightly cold-worked at only one spot in the gauge length, and the speci- 
men is tested before “ aging” has taken place, yielding will occur at a low load because 
of the cold-work but the remaining parts must still be subjected to a stress correspond- 
ing to the “upper” yield point (even though the load at which this occurs is lower) 
before plastic deformation can take place throughout the gauge length in a nor- 
mal manner. 

It is clear, of course, that if annealed polycrystalline iron and low-carbon steel 
were tested as the authors have tested their specimens of single crystals of aluminum 
— that is, under a constant rate of loading instead of a constant rate of deformation — 
the load-deformation curve would be somewhat different from Fig. 6. If the metal 
were tested under a constant rate of loading, the load on the specimen could not, 
obviously, drop off at A and, further, there could never be a constant load at which 
plastic deformation could take place. Under these conditions, all of the metal in the 
gauge length would be deformed at a high speed at the load A and, because of the 
constantly increasing load, the line Aa would slope slightly upwards. If, however, 
there is an “overshooting” of the load Y, as we have described, so that the load-carry- 
ing capacity of the metal at the instant plastic deformation takes place has been 
exceeded, the transition at A would always be abrupt and the change of slope at L 
would always be sudden. The authors* curves do not show the abrupt transitions 
and sudden changes in slope which we think necessary to indicate the presence of a 
yield-point elongation similar to that which occurs in annealed polycrystalline iron 
and low-carbon steel. It is possible that by taking readmgs only at different incre- 
ments of extension, as was done by the authors, instead of by an autographic method, 
the abrupt changes in slope were not observed. And the reference at the bottom of 
page 236 to an “increase in the speed of deformation at zone 2” of the authors* 
curves tends to strengthen this possibility. But, until such sudden transitions are 
obtained, there is some doubt as to whether a real yield-point elongation exists in 
single crystals of aluminum at any of the temperatures employed by the authors. 
In our opinion, the authors* interesting load-deformation curves show simply a 
gradual change in the work-strengthening rate during plastic deformation. 

R. F. Milleb (written discussion). — In answer to Mr. Edmunds* question, only 
specimens XVI to XXVIII were machined and recrystallized from rolled rods. 
Specimens IV to XIV were cast from ingots, then forged and recrystallized to single 
crystals. Specimens I and II were grown by the Bridgman method of gradual solidi- 
fication from the melt. It should be pointed out that for each specimen listed in 
Table 5, the fraction (F) of the tensile stress acting in shear was calculated for all the 
[ 111 } planes, but only the maximum value was reported in Table 5, since it was on 
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that plane that glide first occurred. There were, of course, other potential glide 
planes in each crystal, on which F had lower values. The statement made on page 
236, that none of these tests were carried to a sufficient extension to cause double 
glide by rotation of the next most favorable glide plane into a position where it al>o 
would begin to slip, referred to the cubic crystals, aluminum and silver. Double 
glide cannot take place in the ductile zinc single crystals, since there is only one glide 
plane (the basal plane j. It is not conceivable that glide could take place simulta- 
neously in two directions on the basal plane m the zinc single crystals. Such “dou- 
ble glide” would, it seems to us, involve fracturing the crystal. The chance that e 
for specimen R-4, Table 6, is exactly 30° is exceedingly remote, and even if it were, 
glide would probably take place in one direction or the other, but not in both directions. 

In reply to Professor de Forest's remarks, we would like to state that the deforma- 
tion of the aluminum and zinc single crystals took place m a discontinuous fashion m 
the slow tensile tests. The steps were very small, and since the length measurements 
w-ere made by an observer with a filar micrometer microscope and not with an auto- 
graphic recorder, the steps do not appear on the published curves. Also, similar 
discontinuous extension took place during the creep tests on ductile zinc single crys- 
tals. The steplike deformation was not evident in the silver single crystals. 

Mr. Starr does indeed raise a debatable question. During the deformation of a 
single crystal below the recrystallization temperature, some fragmentation and loss of 
perfection of the single crystal probably does occur. However, plastic deformations 
of ductile zinc single crystals at the temperature of liquid air and of aluminum single 
crystals at room temperature do not cause the specimens to become polycrystals when 
annealed; the single-crystal character seems hard to destroy. 

The remarks of Dr. Phillips and Mr. Norman concerning the purity of the metals 
tested brings up a point which cannot be easily disposed of. However, it seems to us 
that the burden of proof is upon the critic, since until purer material is tested, there is 
no evidence that the same behavior will not be found. Furthermore, comparison 
of Figs. 1 and 2 shows that the drop of the yield point above the recrystallization 
temperature (250° C.) is more marked in the 99.95 per cent than in the 99.90 per 
cent aluminum. 

The remarks of Mr. Winlock and Mr. Leiter have been of much assistance in clarify- 
ing the subject of “yield-point elongation.” Their reasoning concerning the possi- 
bility of a different behavior of annealed low-carbon steel tested under a constant rate 
of loading leads us to consider the probable results of testing aluminum single crystals 
under a constant rate of deformation. It may be that such a manner of testing would 
accentuate the “yield-point elongation” characteristics of the single crystals, and 
make the similarity to the behavior of the annealed low-carbon steel still more appar- 
ent. However, we do not imply that similarities in the load-deformation curves of 
the two materials necessarily mean that the same process is taking place in each case. 
The nonuniform deformation and formation of Luder's lines in the low-carbon steel is 
quite dissimilar to the more uniformly distributed slip which occurs on scattered slip 
planes throughout the length of the single ciystals. The explanation of the phe- 
nomenon occurring in the single crystals is probably simpler, and may well deal with 
changes in the rate of work-strengthening, as has been indicated. 



Equipment for Routine Creep Tests on Zinc and Zinc-base 
Alloys, and an Example of Its Application 

By J. Ruzicka* 

(Nev» York Meeting, February, 1937) 

lx creep testing, material is subjected to a constant load, preferably 
at a constant temperature, and its rate of deformation is measured. 
The method of loading can be of various types but in this paper only 
creep testing under tensile load will be considered. 

The ordinary tensile test is essentially a comparison test in conditions 
that frequently bear little or no relation to those under which the test 
material is to be used in service. The purpose of creep tests is to measure 
the strength of the test material at slow rates of deformation that more 
nearly approach the rates realized in service. 

One purpose of this paper is to illustrate that the creep test, in addi- 
tion to its value as a service test, is superior to the ordinary tensile test 
as a sensitive tool for the comparison of certain metals in investigative 
testing. The other purpose is to describe equipment having distinctive 
features of design that make it especially suitable for such tests. 

Representative data obtained with this equipment on a group of 
rolled zinc-base materials are given. These data are compared with those 
from practical comparison tests of the creep type on weatherstrip fabri- 
cated from the same group of materials. The comparison illustrates the 
value of the fast creep test and of the equipment. 

The Equipment 

The creep equipment consists essentially of a tank containing a 
constant-temperature oil bath in which the creep of 14 specimens, loaded 
by means of levers, is measured by means of one movable extensometer. 
Kgs. 1, 2 and 3 illustrate its general construction and appearance. 

Constant-temperature Oil Bath . — A common constant-temperature 
bath requiring only one temperature-controlling equipment for a number 
of specimens was chosen as the best means of ful fillin g the requirements 
of low cost and compactness. In addition, this allows the testing of a 
group of specimens under identical temperature conditions. 

Manuscript received at the office of the Institute Nov. 30, 1936. 
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The comparatively low temperatures (25° C. to about 225° C.) of the 
tests for which this equipment was designed allowed the use of oil as the 
bath medium. As compared to air, a liquid bath yields better uniformity 
of temperature control. 

The bath is cooled by water, circulating through cooling coils, or 
heated electrically as required. It is maintained within C. of the 



Fig. 2. — Top view op creep equipment. 


desired temperature by a resistance thermometer controller. A motor 
stirrer assures uniformity of temperature throughout the tank. An 
alarm bell gives a warning whenever the controller fails to function prop- 
erly. Any possibility of fires is eliminated by a fuse in the heater circuit, 
which would melt and break the circuit if the bath reached a temperature 
approaching its flash-point. 

The equipment is being used at present' at 150° C. but by slight 
changes and the use of other cooling and bath mediums, tests at tern- 
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peratures outside the range 25° to 225° C. could be made. In testing 
at 30° C. only a small fraction of the heating capacity is required. 

Gripping and Loading Equipment . — The specimens are held in wedge- 
type grips in which the gripping force increases with the load on the 
specimens. Interchangeable grip blocks are available for the testing of 



Fig. 3. — Front view of creep equipment. Temperature control in upper left 

CORNER* 

standard die-cast and rolled tensile specimens of 2-in. gauge length. 
Minor changes in equipment would allow the testing of other sizes and 
types of specimens. The specimens are loaded by means of accurately 
calibrated simple levers having multiplying ratios of about 9:1. This 
system requires little space, avoids the need for handling an excessive 
number of weights but still is accurate. The equipment is satisfactory 
for specimen loads of 25 to 2000 lb. The maximum load represents a 
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, *' 1 ®- 4.— Spbcook gbips, with sma- 
*HN AND MBA8URING PLATFOBMS IN FLAGS 
UH> SOCTSNBOMBTSB. 


load of 40,000 lb. per sq. in. on the 
largest specimens ordinarily tested, 
the J4-in. dia. die-cast specimens. 

Extensometer.— The use of a 
single extensometer for measuring 
the elongation of 14 specimens is 
the most important factor in reduc- 
ing the size and cost of the 
equipment. The extensometer is 
movable, mounted on a shaft (Fig. 
1) of which the axis passes through 
the center of the circle of spec im ens. 
The extensometer measures the 
distance between tw T o measuring 
platforms firmly attached to the 
specimen (Fig. 4). Two contactor 
points, like those of an inside cali- 
per, are held against the measur- 
ing platforms by spring pressure. 
Follower points attached to these 
contactor points extend outside the 
oil. A micrometer attached to 
the extensometer frame measures 
the creep of the specimen in terms 
of the change in distance between 
these follower points. All readings 
are taken at the same degree of 
pressure between the contactor 
points and the measuring platforms. 
This pressure is the minimum re- 
quired to close an electrical circuit 
from one contactor point to the 
other, through the measuring plat- 
forms and the specimen. When the 
circuit is closed, the current from a 
small dry cell illuminates a flash- 
light bulb. The contact pressure 
at which readings are taken is the 
pressure that causes the light to 
flicker. The difference between a 
flickering light and one burning 
steadily represents a micrometer 
adjustment of less than the 0.0001- 
in. sensitivity of the micrometer. 
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All readings are corrected for wear and changes in adjustment of the 
equipment by comparison against readings on a standard. The standard 
(Fig. 1) consists of a hardened steel C-shape rigidly attached to the walls 
of the tank. The polished surfaces of this standard, on which the stand- 
ard readings are made, form part of the circle of measuring platforms 
on the specimens, thus allowing standard readings to be made by exactly 
the same procedure as is followed in making readings on the specimens. 



Fig. 5. — Representative creep-time curve, illustrating locating op creep-rate 

LINE AND DEGREE OP ACCURACY OF ELONGATION READINGS. 

Magnified section of curve at lower right. Ranges of elongation in which no 
points are shown represent night intervals during which no readings were made. 

The usual deviation of any point from the curves is less than 
0.0002 inch. 

Data Obtained . — Fig. 5 is a curve of typical data obtained with the 
equipment. This curve illustrates that the accuracy of readings is at 
least as good as is necessary for such tests. ' 

The behavior of materials in creep is stated in terms of the slope of the 
constant-rate section of the curve. However, because of the difficulty in 
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locating this section on some curves on zinc-base metals, an arbitrary 
method of location has been adopted. This consists in considering as 
straight the section of the curve that falls within 0.002 in. (0.1 per cent) 
of a straight line so' drawn that as much as possible of the curve will lie 
within this distance from it. The locating of the line is illustrated in Fig. 
5. The slope of this line is reported as the average creep rate in this 
section. 

The inverse rate rather than the direct rate is reported, in units of 
days per per cent of creep. This method was adopted to avoid the mental 



Fig. 6. — Representative load-cbeep bate curves on weatherstrip materials 

STRESSED PARALLEL TO BOLLING DIRECTION IN DETERMINATION OF LOAD YIELDING 
ELONGATION-BATE OF 1 DAY PER 1 PER CENT. 

confusion resulting in considering direct-rate data, where low values mean 
high strength, and vice versa. 

The intersection of the rate line with the abscissa is reported as repre- 
senting the amount of initial rapid elongation (initial stretch in Fig. 5) 
before the period of comparatively constant rate of elongation. The 
upper limit of the period of constant elongation rate (limit of validity 
in Fig. 5) is given as the last point on the curve falling within 0.002 in. 
of the rate line. 

Rough comparisons of the creep strengths of different materials are 
made by comparison of the rates at the same load. Better compari- 
sons are obtained by determination of the loads yielding the same rate. 
This is done by interpolating from the rate-load curve of tests at a series 
of loads. The curves are of the logarithmic type shown in Figs. 6 and 7. 
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This form was chosen because for zinc-base materials it yields an approxi- 
mately linear relationship between load and rate over a wide range. This 
linear relationship allows accurate interpolation between points reason- 
ably close to each other, and also a reasonable amount of extrapolation of 
curves on materials of which the creep characteristics are known. 

Range of Equipment. — Summarizing, the equipment is satisfactory 
in its present form for tests at temperatures of about 25° to 225° C., at 
loads of 25 to 2000 lb., and covering total elongations of up to 0.6 in. It 
is designed especially for tests at rates of several per cent per hour to 
about 1 per cent per week or month but also is being used for tests at 
rates of 1 per cent per several years. 



Fig. 7 — Representative load-creep rate curves on weatherstrip materials 

STRESSED AT RIGHT ANGLES TO ROLLING DIRECTION, IN DETERMINATION OP LOAD 
YIELDING ELONGATION RATE OP 1 DAY PER 1 PER CENT. 

General Use of Equipment . — The equipment has ordinarily been used 
in conjunction with other routine tests, for the comparison of various 
zinc-base materials. In investigative testing, it is especially valuable 
because it reveals differences between materials having similar properties 
in other tests. 

As mentioned before, creep tests in general are service tests in purpose, 
in that they measure strength at rates of deformation approaching 
those of service. Even tests lasting only a few days or weeks are superior 
in this respect to ordinary tensile tests. For this reason, the equipment 
has a particular value for service testing. 

An example showing the value of the sensitivity of the equipment in 
service testing is given in the next section of this paper. It should be 
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emphasized that this represents only one of many possible applications of 
the equipment. 

Application op Creep Equipment to Routine Comparison Testing 

The purpose of this section is to show that the creep and practical 
tests reveal dis tinctions between materials that are not shown by the 
more rapid ordinary tensile test. In addition, since the creep test is the 
only one of the slower tests that yields absolute values and is sufficiently 
standardized for general use, it is felt that this comparison demonstrates 
the value of the routine use of creep tests in preference to such prac- 
tical tests. 

Material . — The comparison tests were made on standard weather- 
strip fabricated* by roll-forming from the eight rolled-zinc base metals 
tested in the creep equipment. The general shape of the weatherstrip 
is indicated in Figs. 8 and 9. The test materials were compared to 


Table 1 . — Analyzed Compositions of Test Materials 


Zinc Alloy No 

Compoaition, Per Cent 

Copper 

Magnesium 

Cadmium 

Lead 

Iron 

Zinc 

154 

U 

0.0057 

0 0046 

0.09 

0.012 

remainder 

153 


0 0036 

0 0043 

0.09 

0.011 

remainder 

404 

■ 

a 

0 0049 

0 084 

0.015 

remainder 

403 


a 

0 0047 

0 077 

0.012 

remainder 

637 

1 

a 

0.13 

0.28 

0.021 

remainder 

281 

■ 

a 

0 09 

0 80 

0 017 

remainder 

341 

1 

a 

0.11 

0.15 

0.017 

remainder 

10 

II 

a 

0.12 

0.24 

0.011 

remainder 


* Less than 0.0005 per cent. Other elements not present in appreciable propor- 
tions, as determined by spectroscopic, qualitative analysis. The results of routine 
tests on the materials are given in Table 2. 


determine their relative suitability not only for weatherstrip but espe- 
cially for such roll-formed products as window-screen frames, requiring 
greater stiffness than is needed for weatherstrip. The weatherstrip 
section was chosen for testing as being representative of the general field 
of roll-formed products. The analyzed compositions of the materials 
are given in Table 1. The results of routine tests on the materials are 
given in Table 2. 

Beam , Spreading and Creep-test Procedures 

Beam Tests . — In the beam tests, a 20-in. length of weatherstrip was 
loaded as a simple beam, at the center of a 16-in. span (Fig. 8). The 

* Fat ricated through the courtesy of the Peerless Metal Weatherstrip Company, 
Irvington, N. J. 












Table 2. — Results of Routine Physical Tests 
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Tensile-teat speed, 0.26 in. per minute. 
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tests were made at room temperatures of 25° to about 30° C. The 
materials were compared on the basis of the load yielding an average 
rate of sag of about 1 in. per day, over the range of to in. of total 
sag. In preliminary tests, the load was varied during the test until this 
rate of sag was obtained. These preliminary results were then checked 
by final complete tests at these predetermined loads. Fig. 8 represents 
a final test. 



Fig. 8. — Beam test, illtjstbating dippebence in loads yielding same bate op 

SAG, 1 INCH PEB DAT. 

Test photographed after one day under load at room temperature. Reading from 
front to back: 


Matbrial 

Load. 

Material 

Load v 

No. 

Lb. 

No. 

Lb. 

10 

4 

403 

8% 

281 

5 K 

404 

10 

341 

5K 

15-4 

14 

637 

6*2 

15-3 

14« 


The relative stiffnesses of the materials in this test are shown in 
Table 3 and Fig. 10. 

Spreading Teste . — The spreading test was a measurement of the 
resistance to spreading of the 180°, 0.08-in. inside diameter bend of a 
2-in. length of weatherstrip. The method of loading is shown in Fig. 9. 
Comparing this photograph with that of the beam test (Fig. 8), it is 
obvious that in these two tests stiffness was measured in directions at 
right angles to each other in relation to the original rolling direction. 

In the spreading test, the materials were tested at room temperatures 
of 25° to about 30° C. They were compared in terms of the load, yielding 
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a total spread of 0.18 in. in 1000 min. This load was deter min ed from a 
curve of the results of tests at a series of loads, and checked by a test. 
Fig. 9 represents such a check test. 

The relative strengths of the materials in this test are showm in Table 3 
and Fig. 10. 

Creep Tests . — The creep tests were made on standard rolled-metal 
tensile specimens of 2-in. gauge length, cut parallel and at right angles 
to the rolling direction from samples of the flat metal from which the 
weatherstrip was fabricated. 



Fig. 9. — Spreading test, illustrating difference in loads yielding same rate 
OF SPREAD, 0.18 INCH IN 1000 MINUTES. 

Test photographed after 1000 minutes under load at room temperature. Reading 
from left to right: 


Material 

Load, 

Material 

Load, 

No. 

Lb. 

No. 

Lb. 

341 

2.2 

403 

5.4 

10 

2.3 

404 

5.7 

281 

2.6 

154 

9 1 

637 

2.8 

153 

10.5 


The specimens were tested at 30° C. This temperature has been made 
standard because occasionally during the summer the industrial water 
used for cooling becomes too warm to maintain a lower temperature. 

The testing loads were chosen for a determination of the load at which 
the materials had a creep rate of one day per one per cent. This rate is 
used generally for comparisons of zinc-base materials in this equipment, 
because it is convenient to use and is about the fastest rate that is practi- 
cally always within the range of the approximately linear relationship 
between load and rate plotted on the standard logarithmic graph. 

The load-rate curves on all the materials are given in Figs. 6 and 7. 
The interpolated values of the loads yielding a rate of one day per one per 
cent for each material are included in Table 3 and Kg. 10. 





Table 3. — Summary of Comparison of Test Materials 
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Ratio 4 of Strengths to With-grain Strength of Material 404 

Across-grain Strength® 

Creep 

TeBt 

1-Hi-ii-HOOOOO 

Spreading 

Test 

© H « H 

pH CN i— » *— l 

Beam 

Teat 

CD IQ IQ tF 
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1.5 

1 2 

1.2 
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) N N W W 

i i—i i— i i— < i— e 

1 

! 

1 

I 

b 

ss 

6 H 

i-Hi-IrHOOOOO 

Spreading 

Test 

CD IQ AO AO 

o d d d 

Beam 

Test 

IO Tt 

i—i i— 

© o 
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Dynamic 

Tensile 

CM C 

rri r- 

o oo o © a* os 
i-i o o d d d 

4S 

is 

at 

63 

-e 

\\ 

: 2 

22,400 

22,600 

14,200 

Q.QOO 

8,000 

7,300 

6,700 

5,000 

With 

Grain 1 

CO 

»*H i— 1 

8S 

tH CC 

K CM I> 
i—l 

'SSSS 

N N o N N 
r i> tC ecT tiT 

Dynamic Tensile 
Strength, Lb. per 
Sq. In. 

Si 

■CO 

48.400 

36.600 

38.600 

30.700 
37,100 
36,300 

38.400 

29.700 

With 

Grain* 

|§8§ 
N «« o 
co* oT w-T tjh 

CO N W M 

.1111 
cT oo oT oo* 

CN <N <N CM 

! a&o 

mm 

mm 

CON H H o 





6 Material stressed in direction parallel to original rolling direction. 

c Material stressed in direction at right angles to original rolling direction. 

d Load yielding elongation rate of 1 day per 1 per cent. From curves of Figs. 6 and 7. 

• Ratio of loads yielding same rate of deformation. In spreading test, assumption was made that ratio of across-grain strength of 
material 404 to its with-grain strength was same as in creep test. Other spreading-test ratios were calculated from this assumed ratio. 
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It should be emphasized that the tests represented by Figs. 6 and 7 
were intended only for the determination of the loads yielding rates of 
one day per one per cent. Extrapolation is not permissible. 



O »*\ O UN 

• • • • 

H iH O 

Hum&is a&LLYm 


Comparison of Materials and Tests . — It is known that the strength of 
rolled materials parallel to the rolling direction may differ appreciably 
from that at right angles to the rolling direction. Of the four tests 
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(tensile, creep, beam and spreading tests) by which strengths were 
measured, only the tensile and creep tests measured strengths in both 
directions on all materials. The beam and spreading tests each measured 
strength in one of the two directions. Owing to differences in cutting 
the metal for fabrication, the beam test involved a stress with grain for 
one group of materials and across grain for the others. The spreading 
test in each case involved a stress in the grain direction opposite to that 
in the beam test. Accordingly, in comparing the materials, it was neces- 
sary to distinguish between strength differences due to the material and 
those due to the testing direction. 

For convenience in comparison of both the materials and the tests, 
material 404 was selected as a basis of comparison and its with-grain 
strength in each test was assigned the value unity. For each test, the 
strength of each material was then converted to this arbitrary scale. 

In the spreading test, material 404 was not tested in the with-grain 
direction. It was, therefore, necessary to assume that if such a test had 
been made, the ratio between it and the across-grain test would have been 
the same as the ratio between the creep tests with and across the grain 
for this same material. 

Table 3 has been arranged with the two “practical tests” bracketed 
by the conventional, or dynamic tensile test on one side and the creep 
test on the other. The with-grain and across-grain values are com- 
pared separately. The comparison at once shows that except for one 
material, 403, the practical tests correlate well with the creep test and 
poorly with the dynamic tensile test. Fig. 10 shows the same com- 
parison graphically. 

Summary and Conclusions 

This paper has described equipment designed especially to allow the 
routine use of tensile creep tests. Its distinctive features, which make 
such use possible, are compactness, low cost and simplicity of operation, 
combined with adequate accuracy. 

Compactness and low cost are achieved by the use of one constant- 
temperature bath (and therefore only one temperature-controlling 
equipment) and one extensometer for the testing of 14 specimens at a 
time. A further reduction in original price and the cost of labor for 
operation results from the simple design of the extensometer, which is 
essentially an improved ordinary micrometer that can be operated with 
accuracy by the average laboratory helper. 

Fourteen specimens are tested at once in a space ft. in diameter, 
at loads of 25 to 2000 lb., at temperatures of about 25° to about 225° C., 
controlled within %° C. Elongation measurements are accurate within 
0.0002 in. The equipment is especially suited to tests at rates in the 
range of about 1 per cent per hour to 1 per cent per month but is also 
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being used satisfactorily in tests at rates of 1 per cent for several years. 
Its limitation is a lack of sufficient sensitivity to measure slow rates except 
by measurements covering a fairly large range of total creep and long 
periods of time. 

The paper includes representative data obtained with this equipment 
on a group of rolled zinc-base materials. It illustrates the value of such 
tests by comparison of these data with those from several routine tests, 
especially the ordinary tensile test. In addition, a comparison is made 
with data from “practical” comparison tests on weatherstrip fabricated 
from the same group of materials. These “practical” tests were con- 
sidered representative of the general type of test that would be made to 
determine relative strengths at constant loads if creep equipment were 
not available. 

It is felt that these comparisons and the description of the equipment 
show that: 

1. The ordinary tensile test and other routine tests do not reveal 
differences in strengths of materials as well as do tests at constant load 
and slower rates. 

2. Constant-load, slow-rate tests are best made in creep equipment 
on standard specimens. Tests in such equipment, unlike “practical” 
comparison-tests, are readily standardized and yield absolute data of 
general value. 

3. The particular creep equipment described in this paper offers a 
means of making such creep tests accurately, conveniently and cheaply. 
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DISCUSSION 

(D. E. Ackerman 'presiding ) 

D. E. Ackerman,* Bayonne, N. J. — This paper bears on a very practical problem. 
We have probably all found difficulty in choosing materials for service applications 
on the basis of nothing better than tensile strength. Mr. Ruzicka has been able, by 
crossing the long-time creep test with the ordinary tensile test, to devise a test which 
for applications involving long-time deformation certainly is much more useful than 
the ordinary tensile test. 

A. A. Smith, Jr., f Maurer, N. J. — This paper is of particular interest to us because 
of the large amount of routine creep testing being done on lead and lead alloys at the 
Central Research Laboratories of the American Smelting and Refining Co, The 
* Research Metallurgist, International Nickel Co. 
t Research Metallurgist, American Smelting & Refining Co. 
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results given by the author are for comparatively short periods of time and the curves 
are typical time-extension curves as usually found in creep testing. 

I should like to know whether Mr. Ruzicka has ever found any sudden changes in 
creep rates on zinc-base alloys after considerable periods of time. For instance, on 
certain lead alloys we have found very abrupt changes in rate of extension after test 
periods of from one to three years, which probably are due to some changes taking 
place in the alloys. The tests are being conducted in a specially built constant-tem- 
perature room and no vibration has ever been detected under the most extreme condi- 
tions of shock in the adjacent surroundings. These results on lead alloys indicate 
the desirability of long-time creep tests and the danger of extrapolating results from 
comparatively short-time tests. 

J. R. Daesen,* Chicago, HI. — You can find out things in a creep test that do not 
necessarily bear on what shape the material will be in after a number of years. I am 
thinking particularly of the condition of strain that may exist in the material. In 
some uses of other materials there have been serious accidents because the material 
did not have enough strain in it to yield slightly under load. Perhaps the most inter- 
esting example of this is the use of heat-treated steel wire as compared with cold-drawn 
steel wire in a cable. It is impossible to apply a load on a cable in such a way that 
each wire of the cable bears its own portion of the load unless those wires have the 
ability to elongate to some extent under load without cracks. Therefore, the ability 
of the cold-worked wire to elongate under load without fracture is of great value in 
effecting uniformity of loading. 

In zinc alloys of the type discussed, the method of processing has a great deal to 
do with whether or not this material will elongate and a short-time test may be com- 
pleted in only a few days. It is a very good method of finding out the condition of the 
material with respect to strain. This condition of the material with respect to strain 
is important in discovering whether or not the alloys will stand mechanical deforma- 
tion, whether it is a question of slight movement in order to adjust inequalities of 
stress or a case of standing a relatively severe deformation such as occurs in punching 
and drawing. 

Therefore, I think that this paper on creep tests of zinc should be viewed rather in 
the light of the information that may be secured on the material with respect to its 
ability to deform under short-time loads, rather than an indication of the material’s 
condition after a number of years of use. 

It would be very interesting to see the effect of zinc containing magnesium without 
copper as well as the alloys containing copper without magnesium and the alloys 
containing copper and magnesium. I think it would indicate that the effect by 
itself is very pronounced in decreasing the creep of zinc alloys. 

W. M. PBiBCE,t Palmerton, Pa. — The information on the relative creep rates of 
copper-free magnesium alloys as compared to magnesium-free copper alloys and 
unalloyed zinc was published in a paper before the A.I.M.E. 1 some years ago and was 
not repeated here because the copper-free magnesium alloy is not being produced 
commercially. It is not being produced commercially because if magnesium is to be 
added to a zinc alloy, it might better be added to an alloy containing copper, because 
of the much greater effect it yields in the presence of copper. 

C. S. Barbett, J Pittsburgh, Pa. — Perhaps a word or two would be in order from 
the authors and the discussers regarding what might be called the seismographic effect 
in these dead-load machines. 

* Chief Metallurgist, Illin ois Zinc Co. 
t Research Division, New Jersey Zinc Co. 

1 E. A. Anderson: Trans. A.I.M.E. (1930) 89, 481. 
t Metals Research Laboratory, Carnegie Institute of Technology. 
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G. Edmunds, * Palmerton, Pa. — The comments of Mr. Smith in regard to the rather 
abrupt changes that take place in lead alloys after long periods of creep loading are 
particularly interesting. We have had creep tests under way on zinc for a good many 
years and have not yet observed any phenomena of that type in zinc. We may in 
the future have such a thing happen, but some of our tests have run, I should say, in 
the neighborhood of six to eight years without having shown it. Mr. Smith’s state- 
ment that in some cases the increase in creep rate is as much as 40 to 50 times after two 
or three years' loading is particularly interesting. Zinc and lead apparently are quite 
different, then, in their creep properties, as a comparison of our tests with those that 
Mr. Smith has reported would show. 

I am a little at a loss to understand what Mr. Daesen referred to — the use of these 
tests as a means of prophesying the ability of the material to withstand fabricating 
operations or something else. 

J. R. Daesen. — I think that the material that shows very great resistance to creep 
can be found by actual experience to be less capable of standing certain fabricat- 
ing operations. 

G. Edmunds. — That, then, is more or less what I thought you might have meant 
and I was rather surprised because a few years ago Mr. Kelton and I published a paper 2 
in regard to the drawing properties of strip zinc alloys, at which time we compared 
drawing properties with the commonly performed tests such as ductility and tensile 
properties and the like, and we found that there was no correlation — that cupping was 
a process that could be studied so far as we knew only by cupping tests. 

We have made a number of creep tests on materials from the same group as that 
from which those were taken, and we do not find the correlation between the creep 
test as we perform it and the ability of the material to withstand fabrication, so that I 
do not believe we should take these results as significant in that direction. They have 
been practical tests to determine whether material would withstand a certain stress 
over a period of time and how much they would deform. 

We do find, of course, that the rate of deformation, as shown m Figs. 6 and 7, 
is approximately a linear function of the logarithm of the load throughout a rather 
wide range. Extremely small rates of elongation will be observed, then, with low 
loads. Naturally, for practical purposes we must cut back on our design and use a 
proper and adequate factor of safety. However, I believe the real significance of 
these tests is that they do tell us whether one material or another is more suitable 
where it must be stressed in service. Of course, aside from the description of the 
equipment given here, the purpose of this paper was to show, and I believe it has 
been shown that the commercially fabricated articles after fabrication do have very 
nearly the same properties as the original material from which the fabricated material 
was made — that is, within certain limits, and if we went to excessive degrees of work- 
ing in fabrication, that would no longer hold. But for all the normal processes, 
such as roll fabrication, for example, rolling of screen frames, and many other uses to 
which the zinc alloys are put in service, the test has real significance in selecting the 
proper material. So I think we will have to say that that is the useful information 
obtained from this test, rather than any indication as to the ability of the material to 
stand fabrication. 

From another standpoint it was pointed out that a certain minimum of deformabil- 
ity must be met in the material for it is to be useful in service, in order to take care of 
the naturally imposed strains set up in service. That is another test. There is, 

* Research Division, New Jersey Zinc Co. 

2 E. H. Kelton and G. Edmunds: Testing the Drawing Properties of Rolled Zinc 
Alloys. Trans. A.I.M.E. (1934) 111, 245. 
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did not find an endurance limit for a certain sample of Monel metal 
up to 750,000,000 cycles. On the other hand, R. R. Moore 4 found an 
endurance limit for certain extruded magnesium-base alloys at 600,000 
cycles. It is characteristic of nonferrous materials to fail after exceed- 
ingly long runs; therefore it is necessary, in any study for which only 
a limited period of time is available, to base the endurance limits on a 
predetermined number of cycles, and to report all results accordingly. 

No accelerated endurance test has been developed that is applicable 
to all metals. Several of the proposed methods and machines are dis- 
cussed by Moore 2 . 

In the present series of tests, 50,000,000 cycles was arbitrarily set 
as the limit of the individual tests. The authors feel that the endur- 
ance limits of all materials reported in this paper were closely approxi- 
mated by this procedure. 

Testing Machines and Specimens in Common Use 

Testing machines for determining the endurance limits of metals 
are of various types and forms, depending upon the type of stress they 
are called upon to develop. They may be classified as three general 
types: (1) direct tension-compression, (2) flexure or bending, (3) torsion 
or shear. 

Flexure or Bending Machines . — Machines for flexure or bending 
stresses have been used in more than 90 per cent of the fatigue tests. 
This type of machine has been popular because of its simplicity of 
operation, the accuracy with which it can be calibrated, and the fact 
that it produces a condition of stress that is very commonly met in 
engineering practice. Two types of machines use cylindrical specimens, 
the simple rotating-beam machine and the cantilever rotating-beam 
machine, of which R. R. Moore 8 gives details. 

For tests on flat stock and sheet metal a machine that produces plain 
bending is commonly used. In most cases these machines have been 
of the constant-strain type, in which the stress in the specimen is com- 
puted from measurements of deflection under static loads. Many 
machines of this general type have been developed. For most kinds 
of flat stock the machine developed by Moore and Kommers 6 is recom- 
mended. For tests on thin sheet metal such as spring stock, the design 
of J. R. Townsend and C. H. Greenall is especially adaptable 1 . 

Finish on Test Specimens . — In fatigue testing the surfaces of the 
specimens used must be smooth and free from scratches or other defects. 
The presence of such surface imperfections produces intensified local 
stresses and thus affects the test results. Steel specimens may be 
satisfactorily finished with very fine emery cloth, at least the No. 00 
grade. Specimens of the softer metals must be finished more carefully. 
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All polishing is done by moving the abrasive in a direction parallel to 
the axis of the specimen, to minimize the scratch effects. 

Fatigue Machine 

The fatigue machine (Fig. 1) used in these experiments was designed 
by Townsend and Greenall 1 especially for testing thin sheet metal. 
It combines simplicity and speed of operation with ease and accuracy 
of calibration. Fig. 2 shows the assembly at one end of the motor drive, 



Fig. 1. — Fatigue machine 1 . 


and the method of clamping one end of the specimen S between phenol 
fiber blocks jB, while the free end of the specimen is engaged between 
two fingers in the reciprocating arm A . These fingers have a vertical 
cylindrical half section, to compensate for the angular movement of 
the reciprocating arm in relation to the specimen. The deflection of 
the specimen, and thus the stress, is determined by measuring the move- 
ment of the reciprocating arm. 

The capacity of the machine permits testing of five specimens of 
each of four materials at two stresses (20 specimens in each end of the 
motor drive). The practice of testing five specimens of each material 
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at each stress yields more accurate results, and the capacity of the 
machine is large enough to permit this practice. 



Fig. 2. — Assembly at one end op motor drive. 

A, reciprocating arm. 

B, phenol fiber blocks. 

S, specimen. 


The machine was designed to operate at 1500 r.p.m., but this series 
of tests was conducted at 800 r.p.m., to obtain smoother operation and 
longer life of machine parts. 



Thickness of Stock Submitted 
Fig. 3. — Test specimen. 


The test specimen (Fig. 3) was designed by Townsend and Greenall 1 
to approximate the normal dimensions of the springs used in telephone 
apparatus. It is designed to provide a section of uniform stress for 
% in. at approximately in. from the clamped end of the specimen. 
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The specimens for this investigation were prepared by cutting pieces 
of the required length from a coil of carefully prepared flat strip of 
the desired thickness and width ; then the rectangular strips were clamped 
together and cross-milled with a form milling cutter. The specimens 
were cut with the direction of rolling parallel to their length. Each 
set of specimens was examined for surface defects and polished with 
No. 00 emery cloth before being tested. This additional care is essential 
to obtain satisfactory correlation of test results. 

Obviously this careful surface preparation of the specimens will 
result in higher endurance-limit values than would be obtained with 



Fig. 4. — Apparatus fob determination of load-deflection curves. 

specimens tested in the as-rolled condition. This procedure was adopted 
because it was felt that in this way the relative fatigue properties of the 
five alloys could be determined with greater certainty, and accidental 
variables could be eliminated as far as possible. 

If these materials are to be used in parts carefully finished and pol- 
ished, the values as given here will hold. If, however, the materials are 
used in the as-rolled condition, lower endurance values are to be expected. 

Apparatus por Determination op Load-deflection Curves 

In deteimining the deflections corresponding to the range of stresses 
over which the tests were made, the conditions obtaining in the operation 
of the fatigue machine, except speed of testing, were duplicated as closely 
as possible. A small stand, on which the specimen was clamped identi- 
cally as in the fatigue machine, a balance pan for applying the desired 
loads, and a comparator for measuring deflections to 0.001 in., comprise 
the apparatus used in determining the load-deflection curves for the five 
materials (Pig. 4). 
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Materials Used 

The materials used in the present tests consisted of five rolled alloys 
of copper, A, B, C, D and E, of the compositions and standard physical 
properties shown in Table 1. All materials were furnished by the Scovill 
Manufacturing Co., and were processed there. They were all finished 
six numbers hard (Brown and Sharpe gauge). Materials A, B and C 
were annealed before finishing at 600° C. for 2 hr. and 20 min., material E 
was annealed before finishing at 800° C. in a container, for 2 hr. and 20 
min. and material D was also annealed (temperature unrecorded) 
before finishing. 

As the table shows, materials A, B and C are phosphor bronzes; 
material D is a silicon bronze and material E is the copper-nickel-tin alloy 
known as “Adnic.” 


Table 1 . — Physical Properties and Chemical Compositions of Materials 


Material 

A 

B 

c 

D 

E 

Rockwell hardness (B scale) 

91 

92 

95 

93 

90 

Tensile strength, lb. per sq. in 

97,900 

98,700 

104,200 

104,300 

97,900 

Elongation, per cent in 2 in 

2.5 

2.0 

4.5 

5.0 

2.5 

Gauge 

0.025 

0.025 

0.025 

0 025 

0.025 

Cu, per cent 

95.12 

95.16 

91.98 

96 42 

68 47 

Sn, per cent 

4.66 

4.70 

7.45 


1 33 

P, per cent 

0.032 

0.106 

0 067 



Fe, per cent 




0.16 

0.25 

Ni, per cent 




0 03 

29.58 

Si, per cent 




3.12 


Zn, per cent 



0 53 

0.22 


C, per cent 





0.048 

Mn, per cent 





0.32 


Method of Determining Stress 

The first step in this investigation was the determination of load- 
deflection data for the various materials. These data were then con- 
verted to stress-deflection curves, so that for any given deflection of the 
specimen the stress to which it was subjected could be determined. 

Specimens representative of each material were clamped identically 
as in the fatigue machine, on a stand built for this purpose (Fig. 4). 
Loads were applied by means of a balance pan suspended from a thread 
passed over a pulley and looped around the free end of the specimen. 
These loads were applied at the point where the hypothetical beam of 
uniform bending moment terminates; which was the point at which the 
reciprocating arm of the machine would bear against the specimen. 
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Loads were applied in increments of 20 grams (in some cases 40 grams; 
and the deflections measured to 0.001 in. by means of the comparator. 
The average of three specimens was taken for each point. 

Before the curves were plotted the load values were converted to 
stresses as follows: 



Where S = stress, lb. per sq. in. 
j P = load, lb. 

I = length, in. from end of hypothetical beam 
b = width, in. 
d = thickness, in. 


The specimens were so designed that ^ = 9.269; d = 0.025 in. 

The stress values so obtained were plotted against the corresponding 
deflections to give stress-deflection curves. 


Manipulation 

Stresses were chosen that were thought to be above the endurance 
limits of the various materials, and the corresponding deflections were 
determined. It was apparent, from the stress-deflection curve, that 
material E is much more highly stressed at a given deflection than any of 
the other materials; consequently, it was more expedient to test materials 
A, B, C and D together (since the capacity of the machine permits testing 
only four different materials at once). 

Material E was tested separately, or was substituted at the lower 
deflections for one of the other materials wherever possible; for example, 
at a deflection of 0.540 in., material E was substituted for material B, 
and at 0.596 in., for material A. 

The stroke of the machine was measured by means of the comparator. 
The first tests were made with one-half of the machine set at 0.830 in. 
and the other half at 0.755 in.; subsequently each group was operated at 
lower stresses, until the general forms of the 5-log N (stress versus the log 
of the number of cycles to failure) curves were observed. Then the 
stresses were chosen that seemed best for completing the curves. 

The importance of the surface finish of the specimens was brought out 
forcibly in the course of this investigation. Several groups of specimens 
in the as-rolled condition, with no subsequent polishing of edges or flat 
surfaces, were tested at various stresses. Wide discrepancies were 
observed in the number of cycles to failure at a given stress; these dis- 
crepancies were so great that it seemed quite impossible to determine an 
endurance limit with such specimens, unless one were to report the stress 
at which the poorest of the specimens endured 50,000,000 cycles of stress 
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without failure. Failures were observed, with these specimens, at stresses 
several thousand pounds below the endurance limits subsequently deter- 
mined with specimens carefully selected and polished. No attempt was 
made to determine endurance limits for the as-rolled materials, because 
the time was not available. The endurance limits determined with such 
specimens would not represent the true relation between the different 
ma terials but would reflect instead the purely accidental differences in 
the finish of the specimens, or might represent, in a way, the machining 
qualities of the materials. It was observed, for example, that the 



machined edges of the specimens of material D were much “cleaner” than 
the edges of the specimens of material A; these ragged edges would distort 
the relation between the two materials. 

Consequently, all endurance limits reported in this paper were deter- 
mined with carefully prepared specimens; thus the authors hope to repre- 
sent the fatigue properties of the different materials in their true relation 
to one another. 

Discussion' of Data and Results Obtained in This 
Investigation 

The summarized data are given in Table 2 and shown plotted in the 
customary semilogarithmic form for determination of endurance limits 
in Fig. 5. Well defined curves were obtained, and apparently the true 
endurance limit for these five alloys is reached below 50,000,000 cycles, 
since the curves become horizontal below this value. 
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Certain irregularities were observed in the course of the tests; in 
some cases several of the five specimens of a given alloy failed at a point 
removed from the section of uniform stress. These results were valueless, 
and were discarded. Where the stress value was near the endurance 
limit, the tests were repeated; otherwise, the point was omitted, since only 
a limited period of time was available for completing the tests. For the 
same reason, it was not possible to establish definitely that a true endur- 
ance limit was reached. At any rate, the authors feel that the results 
reported here represent a good approximation to the endurance limi ts, 
and are reliable for comparing the different alloys. 


Table 2. — Data for Relation of Stress and Number of Cycles 


Stroke, In. 

Stress, Lb. per Sq. In. 

j Number of Cycles 

Material A 

0.830 

58,000 

245,000 

0.755 

52,300 

518,000 

0.686 

47,000 

1,160,000 

0.568 

37,800 

47,070,000“ 

0.554 

36,500 

43,360,000 s 

0.540 

35,500 i 

5 samples unbroken @ 



50,000,000 

Material B 

0.755 

48,500 

340,000 

0.686 

43,700 

605,000 

0.596 

37,600 

1,791,000 

0.568 

35,800 

20,513,000 

0.554 

34,800 

5 samples unbroken @ 



50,000,000 

Material C 

0.755 

46,800 

402,000 

0.596 

36,700 

1,707,000 

0.568 

34,300 

10,300,000 

0.540 

32,800 

4 samples unbroken @ 



50,000 000* 

Material D 

0.830 

50,600 

388,000 

0.755 

46,200 

550,000 

0.686 

41,600 

842,000 

0.596 

36,000 

1,494,000 

0.540 

32,300 

1,972,000 

0.500 

29,800 

4,446,000 

0.476 

28,300 

5 samples unbroken @ 



50,000,000 
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Table 2. — {Continued) 


Stroke, In. 

| Stress, Lb. per Sq. In. 

Number of Cycles 

Material E 

0.596 

55,700 


0.540 

48,800 

542,000 

0.401 

35,800 

940,000 

0 320 

28,500 

3,563,000 

0.310 

27,600 

29,107,000“ 

0 294 

26,200 

4 samples unbroken @ 



50,000,000* 


Summarized Results 


Material 

Endurance Limit, Lb. per Sq. In. 

A 


36,000 

B 


35,500 

C 


33,600 

D 


29,000 

E 


27,000 


° Two samples unbroken @ 50,000,000 cycles. 

6 Four samples unbroken @ 50,000,000 cycles. 
c One sample broke near free end: not counted. 
d See Table 1. 

These results show well defined differences in the endurance limits 
of the various alloys, with the exception of the small difference between 
materials A and B, which is within the possible experimental error and 
therefore is not conclusive. 

Table 1 shows that these two materials differ only in their phosphorus 
content, material A having 0.032 per cent P while material B has 0.106 
per cent P. The effect of the high phosphorus content of material B is 
appreciable only at stresses above the endurance limit: comparison of the 
S-log N curves of these two materials (Fig. 5) yields the interesting fact 
that the “life” of material B is considerably shorter than that of material 
A at the higher stresses. For example, at a stress of 40,000 lb. per sq. in., 
material A fails at an average figure of over 3,000,000 cycles, while 
material B runs only slightly over 1,000,000 cycles. Thus it appears 
that the increase in phosphorus is definitely detrimental to the fatigue 
properties of this particular bronze, which is in accordance with the 
recognized embrittling effect of phosphorus. 

Material C, with a higher percentage of tin than either material A 
or material B, and phosphorus intermediate between that of A and B, 
has a lower endurance limit, but its /S-log N curve follows that of mate- 
rial B fairly closely above the endurance limi t. Thus it appears that 
even 0.067 per cent phosphorus is detrimental, though the difference 
between materials B and C may be due entirely to the difference in 
tin content. 

Material D, with a still lower endurance limit, is inferior to material 
A at all stresses within the range of these tests, and is inferior to mate- 
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rials B and C at stresses up to about 40,000 to 45,000 lb. per sq. in., 
above which it is somewhat superior to either B or C. 

Material E has the lowest endurance limit in this group of alloys, 
and is inferior to material D at stresses up to about 40,000 to 45,000 lb. 
per sq. in., above which it is superior to materials B, C and D; at stresses 
above about 55,000 lb. per sq. in., it is also superior to material A. 

Since, at stresses above 40,000 lb. per sq. in., none of these alloys 
endures more than 1,000,000 cycles (material A, the exception, runs 
over 3,000,000 cycles), the differences are important only where exceed- 
ingly long life is not the major consideration involved in a specific 
application. 

Townsend 1 reports an endurance limit of 24,500 lb. per sq. in. for 
a phosphor bronze almost identical with material C of this report, for 
which an endurance limit of 33,600 lb. per sq. in. was determined. While 
his figures are based on 100,000,000 cycles of stress, it is not logical 
that this fact alone accounts for the difference. One must assume, 
instead, that his tests were made on as-rolled specimens, which could 
account for such a difference. The authors feel that the figure reported 
here represents more nearly the true endurance limit for this alloy, and 
shows material C in its true relation to the other alloys. 

General Conclusions 

These tests indicate that phosphorus in the amount of 0.106 per 
cent in the 95 Cu, 5 Sn bronze is detrimental to the fatigue properties 
of this alloy at stresses above the endurance limit. 

It also seems clear that the phosphor bronzes, materials A, B and C, 
are definitely superior to the silicon bronze, material D, and to the 
A dmir alty-nickel alloy, material E. Material D is somewhat superior 
to material E. 

The importance of the finish on the test specimens has been empha- 
sized in this report, and the question of finish must always be considered 
when making recommendations for applications of metal parts where 
fatigue properties are important. 

While great care was taken in all directions to make these results 
reveal a true comparison of the fatigue properties of the different mix- 
tures tested, unanticipated irregularities may enter into any individual 
testing program, so that, pending further investigation, the summarized 
statements of this paper are presented as indications rather than final 
conclusions concerning the relative merits of phosphor bronzes and 
silicon bronzes. 
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DISCUSSION 

(C. E. Swartz presiding) 

H. L. Btjrghoff,* Waterbury, Conn, (written discussion). — With reference to 
surface finish of endurance test specimens, the authors rightly state that the specimens 
should be smooth and free from defects. The finishing of steel specimens with fine 
emery is mentioned, following which it is stated that specimens of softer metals must 
be finished even more carefully. This presumably refers to stress-concentration 
effects at the bases of any notches or scratches. These effects are, we believe, much 
greater in ferrous materials than in nonferrous materials, particularly tough copper- 
base alloys. 

We have made numerous tests of strip materials in machines similar to the one 
described in this paper. Using metal in the as-rolled condition, tests on specimens 
carefully machined and with any slight burs removed from the edges have shown little 
or no difference in number of cycles to fracture among specimens on which the machin- 
ing marks on the edges have or have not been removed by filing or polishing. The 
authors refer to distinct differences between their carefully polished specimens and 
specimens tested simply as rolled and machined. We wonder if they have actual 
figures at hand to demonstrate their remarks further. 

With regard to differences in endurance properties between silicon bronzes and 
phosphor bronze, it should be remembered that silicon bronzes do have excellent 
properties and occupy a high place among copper alloys. Furthermore, there is an 
inherent difference in cost of these alloys, which distinctly favors the use of silicon 
bronze in many instances. 

G. R. BnoPKY,t Bayonne, N. J. (written discussion). — It is rather extraordinary 
to find definite endurance limits for nonferrous alloys such as the authors indicate 
for fine hard-drawn bronzes. Such results cause one to question their methods 
of stressing. 

Cuthberson 7 has shown by dead loading a rotating cantilever beam that the deflec- 
tion continues with rime. This can mean, only, that the modulus is decreasing. 
Therefore, when a rotating beam is stressed by applying a load through a spring, or, as 
the authors do, by vibrating a beam through a constant amplitude, it can be expected 
that the stress is decreasing continuously throughout the test, thereby extending the 
life considerably. This action would sharpen the knees of the S-N curves as the 
authors have found, and produce what appears as a definite endurance limit at a stress 
that if constant would surely result in fracture. The true S-N curves, then, can be 
expected to lie to the southwest of those of the authors' and to be more typical of 
nonferrous alloys. 

* Chase Brass and Copper Co. 

t Research Laboratory, International Nickel Co. 

7 Iron and Steel Inst. Carnegie Scholarship Mem . (1935) 24. 
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It would be interesting, too, to know whether alloys A, B and C enjoyed propor- 
tionately greater strengthening as a result of rolling 6 to 8 numbers hard than did alloys 
D and E. If so, might it not be expected that they show longer life at a repeated 
constant stress when tested as smooth, polished specimens? 

A better idea of their performance, and probably a different order of merit, would 
be obtained if they were tested in the presence of a notch, since some of these alloys 
show extreme notch sensitivity in their hard-drawn conditions. 

A. V. de Forest, * Cambridge, Mass. — The copper-base alloys in the cold-worked 
condition are presumably susceptible of aging and we all know that the elastic proper- 
ties increase with time, and particularly they increase with a slight degree of reheat. 
Would it not be an additional point in any discussion of the fatigue limits to know what 
that aging behavior is? If the aging is improving the fatigue limits, it is probably also 
changing the notch sensitivity. It appears to me that before trying to compare 
different materials of anything like the same class to be used for similar purposes, we 
should have a pretty clear understanding of both the fatigue limit and the notch 
sensitivity, the notch sensitivity coming in in the practical case where springs are 
produced in any sort of commercial quantity, unless the surfaces are most carefully 
polished or ball burnished or some other precaution is taken to keep out tool marks or 
grinding marks. Practical springs have notches, and spring material that may be 
excellent as far as fatigue limit is concerned in the perfectly prepared specimen may 
not be quite as successful under ordinary commercial production. 

R. J. Wheeler, f Riverside, N. J. (written discussion). — Since silicon-copper alloys 
have been offered as a substitute for phosphor bronze and other nonferrous alloys for 
springs, it is appropriate to compare its fatigue properties with these alloys, which have 
been used for a great many years. It is unfortunate, however, that the fatigue limits 
could not be determined on the as-rolled condition, since springs are made from mate- 
rial in this form. The authors noted that the surface finish of the specimens produce 
wide discrepancies in fatigue values. Their endurance value for material C is much 
higher than those determined by Townsend and Greenall. If the authors assume that 
this difference is due to the use of as-rolled instead of polished specimens, how can they 
explain the apparent consistent results obtained by Townsend and Greenall? 

An attempt is made in this paper to show that an increase in phosphorus has a 
detrimental effect upon the fatigue properties of that particular bronze. Since 
phosphor bronze is now being made with up to 0.40 per cent P and of the same general 
tin content as alloys A and B, we believe that these tests should have included speci- 
mens covering the range of phosphorus content. We do not feel that the evidence 
submitted on two low-phosphorus variables should be conclusive. 

We believe that the comparison of these alloys could be considerably enhanced 
by a corrosion-fatigue test. After all, most installations will involve corrosion as well 
as fatigue. While most ferrous and nonferrous materials show a marked decrease in 
corrosion-fatigue resistance from fatigue resistance in air, phosphor bronze is con- 
siderably higher. This was shown in a recent paper by Gough and Sopwith (Journal 
Institute of Metals). This paper showed that the intrinsic fatigue resistance of a 
material may be considerably higher than that developed in normal fatigue tests in air. 

C. H. Greenall, J New York, N. Y. (written discussion). — The paper by Messrs. 
Price and Bailey has added considerable information to our knowledge of the fatigue 
properties of materials that may be used for springs. My comments are of a minor 

* Associate Professor of Mechanical Engineering, Massachusetts Institute 
of Technology. 

t Chief Metallurgist, Riverside Metal Co. 

t Member Technical Staff, Bell Telephone Laboratories, Inc. 
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nature, but should be considered if the information published in this paper is to be used 
by design engineers. The specimen shown in Fig. 3 is essentially correct. Our 
experience, however, durmg the past five years has shown that it is extremely difficult 
to obtain a form milling cutter from the dimensions given in this figure. Accordingly, 
we have developed another method of dimensioning this specimen wherein the basic 
dimensions for the specimen are referred back to the 1 111 - en( i, from w'hich end all 
specimens are located on the testmg machme. This has necessitated a change in the 
2-in. dimension shown m Fig. 3 to 2.035 in. The location of the uniformly stressed 
area, however, r emains the same with respect to the point of actuation of the specimen 
under test. A more thorough mathematical analysis of the shape of the specimen 
shows that the l/b ratio previously referred to for this specimen should be increased 
from 9.269 to 9.287, or in the ratio of approximately 19 to 10,000. 

In a previous paper by J. R. Townsend and myself, 1 the statement was made 
that the speed of the machine is approximately 1500 r.p.m. It was pointed out in this 
paper, however, that it was necessary to adjust the speed of the machine to the mate- 
rial under test in order that the natural frequency of the specimen be not approached 
by the speed of the machme. The majority of the tests on which we previously 
reported were made at a speed of 750 to 900 r.p.m. Our present practice is to hold as 
closely to 750 r.p.m. as possible, which is comparable to the speed used by Messrs. 
Price and Bailey. In our -work, however, we have found that speeds up to approxi- 
mately 2000 r.p.m. have no noticeable effect on the fatigue properties of the alloys 
under investigation. 

We have checked the stress reported by Messrs. Price and Bailey on the material 
identified as alloy D. It is reported that the stress for 1 in. deflection is 59,600 lb. per 
sq. in. The check values we have made approximate 58,320 lb. per sq. in. for the 
material as received. Mathematically, surface finish should not affect the value of 
Si as calculated from the load-deflection data, except as the cross section is reduced in 
such a manner as to make it difficult to obtain an accurate measurement of b and d. 
This was checked experimentally on two specimens of material. The values we 
obtained are as follows: 

As received Si equals 58,320 lb. per sq. in. 

Polished with No. 00 French emery, Si equals 58,400 lb. per sq. in. 

Polished with No. 0000 French emery and rouge, Si equals 58,380 lb. per sq. in. 

We agree with Messrs. Price and Bailey that surface finish will affect the endurance 
limit to a certain extent. For example, on an 8 per cent tin phosphor bronze alloy, 
rolled 8 numbers hard, the endurance limit for the material as received was 

26.000 lb. per sq. in. at 100,000,000 reversals. When a microscopic polish was applied 
to the specimens the endurance limit (estimated from tests run to 73 X 106 reversals) 
was raised to 28,500 lb. per sq. in. In the paragraph under u Manipulation,” reference 
is made to the wide spread observed in the number of cycles to failure for the specimens 
tested at a given stress in the as-rolled condition. This was stated to be due primarily 
to the surface condition. We do not agree with Messrs. Price and Bailey that the 
spread in the test results is wider for the unpolished than for the polished specimens. 
The information we have obtained so far indicates that the spread in test results is as 
wide for the polished material as for the unpolished material. However, we have 
noted in our tests on dispersion-hardened alloys that a greater spread occurs with 
material of this type in the as-rolled condition than with the ordinary commercial 
tin bronzes. 

The data that we have obtained on materials similar to alloy A indicate that the 
endurance limit is lower for material in the as-rolled condition than that reported by 
Messrs. Price and Bailey on polished specimens. Our results on a 4 per cent tin 
phosphor bronze rolled four numbers hard gave an indicated endurance limit of 

25.000 lb. per sq. in. at 100,000,000 reversals. When the material was rolled eight 
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numbers hard the endurance limit approximated 22,000 lb per sq. in. Both of these 
materials were in the as-rolled condition. Messrs. Pnce and Bailey report an indicated 
endurance limit of 36,000 lb. per sq. in. for similar material rolled six numbers hard, 
which had been polished. Likewise, on an 8 per cent tin phosphor bronze alloy rolled 
four numbers hard an indicated endurance limit of 26,000 lb. per sq. in. at 100,000,- 
000 reversals was obtained for the material as-rolled. Similar material, that was 
given a microscopic polish before testing had an indicated endurance limit of 28,500 lb. 
per sq. in., a gain of about 10 per cent resulting from polishing. A second lot of com- 
mercial 8 per cent tin phosphor bronze rolled eight numbers hard, in the as-rolled 
condition, had an indicated endurance limit of 27,000 lb. per sq. in. Another lot, 
which had been rolled ten numbers hard, had an indicated endurance limit of 24,500 lb. 
per sq. m. Messrs. Price and Bailey report an indicated endurance limit of 33,600 lb. 
per sq. in. for similar material rolled six numbers hard but polished. 

The results, therefore, as presented by Messrs. Price and Bailey are extremely 
significant, inasmuch as the importance of surface condition of springs is clearly 
brought out. The data show that in certain designs it may be necessary to polish the 
springs in order to take advantage of the increased endurance limit. Likewise, the 
effect of polished surfaces is more noticeable at the higher stresses, where the difference 
between the polished and unpolished specimens is much greater than at the endurance 
limit. In ordinary design work, however, where polished springs are not employed, 
the lower endurance limit values will, of necessity, have to be used along with suitable 
factors of safety. 

R. W. Bailey (written discussion). — We realize, as Dr. de Forest has pointed out, 
that we have not made a comprehensive survey of the fatigue properties of these 
materials, with regard to different degrees of cold-work, heat-treatment, aging, cor- 
rosion, etc., and much remains to be done in this field. Admittedly, the properties 
of copper-base alloys, especially the proportional elastic limit and the endurance 
limit 8 are affected by a low-temperature heat-treatment, but we are not aware of any 
significant “aging” characteristics of these particular alloys. We question whether 
there is enough difference in the heat-treating properties or notch sensitivity of these 
two types of bronze (phosphor and silicon) to explain the observed differences in 
fatigue properties. 

Mr. Brophy accuses us unjustly of presuming to have shown “definite endurance 
limits” for these nonferrous alloys. Reference to the paragraph entitled “Discussion 
of Data and Results” in our paper should clear up this point. The limitations of a 
fatigue test using a machine of the constant-strain type are recognized, but for tests 
on spring materials which are used in parts designed for a constant strain, this test is 
especially suitable. 

In reply to Mr. Wheeler, we agree that fatigue tests on materials in the as-rolled 
condition yield valuable information but, as stated in our paper, we felt that more 
reliable results could be obtained in the limited time available for these tests if care- 
fully prepared specimens were used, thereby eliminating accidental variables such as 
poor surface finish, burred edges, etc., which admittedly have a varied and often 
severe effect upon the fatigue behavior of a given lot of samples. The consistency of 
Townsend and GreenalTs results can, we feel, be attributed to extended experience in 
fatigue testing and to a careful selection of specimens in the as-rolled condition. We 
made no definite statement that an increase in phosphorus content is detrimental to 
the fatigue properties of the phosphor bronze. Our tests indicate that this is true, but 
unfortunately we were unable to make a more complete investigation, as Mr. Wheeler 

8 J. B. Kommers: The Static and Fatigue Properties of Brass. Trans. A.S.T.M. 
(1931) 31 , pt. II, 243. 
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suggests. Corrosion-fatigue tests would be very appropriate, but we could not begin 
to cover so many variables, in the time available. 

We especially thank Mr. Greenall for his comments, and for his checking the stress 
values on certain of our specimens. His revision of the design of the specimen will be 
heartily approved by those who work with such specimens. 

The question of surface condition has perhaps been unduly stressed, in so far as the 
difference between carefully rolled and machined specimens in the as-rolled condition 
and the same carefully prepared specimens with their surfaces polished would be notice- 
able but not large, as Mr. Greenall shows; but if one were to take a lot of specimens 
carelessly rolled and machined, with perhaps rolled-in dirt and scale, deep tool marks, 
badly burned edges, etc., and compare them with carefully prepared specimens, 
either polished or not polished, real differences would be observed. 

Mr. Burghoff’s remarks are appreciated, and until further evidence is obtained, we 
shall feel, as our tests indicate, that the fatigue properties of the phosphor bronzes are 
superior to those of the silicon bronze tested. 



Thermal and Electrical Conductivities of Aluminum Alloys 

By L. W. Kempf,* 0. S. Smith, t Membbbs A.I.M.E., and C. S. TaylobJ 

(New York Meeting, February, 1937) 

The thermal conductivity of aluminum alloys is of considerable indus- 
trial importance. This is particularly true in such applications as inter- 
nal-combustion engines where one of the principal reasons for the use of 
these alloys is their relatively higher thermal conductivity. In spite of 
this, relatively few data are available on this property of aluminum alloys. 
The reason is quite apparent to anyone concerned with the experimental 
determination of coefficients of thermal conductivity. This determina- 
tion, in theory so simple, is extraordinarily difficult if any high degree of 
precision is desired. Fortunately, some knowledge of the relationship 
between thermal and electrical conductivity has permitted the use of the 
latter physical property in deducing the relative approximate values of 
the thermal conductivities of metals. This fundamental relationship, 
first enunciated by Wiedemann and Franz 1 as applying to metallic 
elements and later shown by Lorenz 2 to be applicable to alloys within 
a single metallic system, has been of service in the industrial application 
of metals. The electrical conductivity of metals is easily determined with 
a high degree of precision. It is, therefore, quite desirable that the 
relationship between electrical and thermal characteristics be determined 
with the greatest possible precision. 

This paper presents data on the electrical and thermal conductivities 
of a number of aluminum alloys of industrial importance. 

Literature on Thermal Conductivity of Aluminum Alloys 

Masumoto 3 deter min ed the electrical and thermal conductivities of 
18 al uminum alloys. His results indicated a relatively constant rela- 
tionship between thermal and electrical conductivity. 

Manuscript received at the office of the Institute Nov. 27, 1936. 

* Aluminum Research Laboratories, Aluminum Company of America, Cleveland, 
Ohio. 

t Copper Alloys Research Laboratory, The American Brass Co., Waterbury, 
Conn. 

{Aluminum Research Laboratories, Aluminum Company of America, New 
Kensington, Pa. 

1 References are at the end of the paper. 
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Griffith and Schofield 4 determined the electrical and thermal con- 
ductivities of 22 aluminum alloys. They found the Lorentz coefficient to 
vary from about 5.3 at 80° C. to about 5.5 at 200 C. 

Mannchen 6 determined the conductivities of 15 aluminum alloys. 
His results show wider variations of thermal conductivity with com- 
position than Masumoto’s or those of Griffith and Schofield. 

Eurenger and Hanemann 6 determined the thermal conductivity of 
seven aluminum alloys in various structural conditions. They gave no 
data on the electrical conductivity of their materials. 

Euken and Warrentrup 7 determined the conductivities of four 
specimens, two in the wrought and two in the cast conditions, of 99.7 per 
cent pure aluminum; of 4 per cent and 8 per cent copper alloys in the 
wrought and cast conditions; and of three alloys in the wrought condition 
containing, in addition to 0.5 per cent magnesium, 4, 5 and 7 per cent 
copper, respectively. Determinations were made at 0° C. in the con- 
ditions: (1) as cast; (2) as wrought; (3) solution heat-treated; and (4) 
solution heat-treated followed by various periods of aging at 0°, 100° 
and 215° C. A few determinations were also made at —192° C. 

The conductivities of similar compositions vary considerably as 
determined by these various investigators. Generally speaking, how- 
ever, in any one investigation a fairly constant relationship was found to 
exist between thermal and electrical conductivity. Numerical values of 
the ratios, however, vary considerably between various alloys and even 
vary for the same alloy when the determinations are made by two different 
investigators. Critical examination of these results suggest that the 
reason for these variations probably lies in the structural condition of the 
alloys. Masumoto, for example, indicated considerable variation in 
conductivities with variation in heat-treatment. 

Experimental Procedure 

Preparation of Materials . — The alloys chosen for this investigation 
are compositions in considerable use as materials for the construction of 
internal-combustion motors. The castings were made in the form of 
small ingots 2 in. in diameter by about 16 in. long. The metal was cast 
in iron molds in such a manner as to yield sound castings relatively free 
from porosity. The wrought material was commercial forging stock 
hot-rolled from ingots weighing about 1000 lb. to stock 4 to 6 in. in diame- 
ter. This stock was reduced by forging in the temperature range 750° 
to 850° F. to rod about 1 in. square. The initial determinations of 
thermal conductivity were made on the material in the form in which it 
is usually placed in service. Exceptions are the three chill-cast alloys, 
7542, 7543 and 7544, which were first examined in the chill-cast condition. 
Determination of the electrical conductivity of these materials prior to 
the determination of thermal conductivity would have been exceedingly 
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desirable; however, the magnitude of the change in structure brought 
about during the determination of the thermal conductivity was con- 
siderably underestimated and the electrical conductivity was determined 
subsequent to the thermal measurements. 

Thermal Conductivity . — The procedure utilized in the determination 
of the thermal characteristics of the alloys has been described and refer- 
ence should be made to these papers for the details of the procedure*’ 9 - 10 . 
It is believed that the determinations are correct to within ±0.01 cal. per 
sq. cm. per cm. per sec. per degree centigrade. 

Electrical Conductivity . — The electrical conductivities were determined 
by comparing the potential drop across the specimen, or a specific 
portion of it, while at a constant temperature with the potential drop 
across a known resistance standard during the passage of the same small 
current through the known resistance and the specimen. The resistance 
unit employed has been standardized by the National Bureau of Stand- 
ards. It is believed that the electrical measurements are accurate to 
within ±0.1 per cent. 


Results 

The results are tabulated in Table 1. It is immediately apparent 
from an examination of the thermal and electrical conductivities as deter- 
mined on the original material, and particularly from the electrical 
conductivity of the hot and cold ends of the bars, that considerable struc- 
tural change has been brought about during the determination of the 
thermal characteristics. Even so the relationship between electrical and 
thermal conductivity is relatively constant. It is difficult, however, to 
deduce from these data the correct values of either thermal or electrical 
conductivity for the initial condition. It was then decided to place the 
materials in a structural condition that would be relatively stable over the 
temperature range involved in the determination of the thermal con- 
ductivity. As indicated in the table, this was achieved by careful 
annealing over the range within which the solid solubility of most elements 
in alu minum changes most rapidly. It was evident from resistivity 
explorations on the annealed specimens that the treatment had quite 
satisfactorily achieved its purpose. The thermal conductivity deter- 
minations subsequent to the annealing treatment are characterized by 
much greater uniformity and much lower temperature coefficients than 
those of the bars in the original condition. The Lorenz constant for the 
alloys of low silicon content varies over a considerably narrower range for 
the annealed than for the bars in the original condition. 

Subsequent to the determination of thermal conductivity on the 
annealed bars, an attempt was made to place the specimens in their origi- 
nal structural condition. This was obviously impossible for the as-cast 
alloys. Experience has indicated, however, that casting in the manner 
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described for these bars results in a condition not differing greatly from 
that obtained after quenching from a high-temperature solution treat- 
ment. With the remaining specimens, the intervening annealing proba- 
bly had relatively little effect on the final treatment. 

Table 2 gives the electrical conductivities and calculated thermal 
conductivities of a number of commercial alloys in various conditions of 
heat-treatment. The specimens for this part of the investigation were 
machined from standard test bars and the results are representative of 
commercial fabricating procedures and heat-treatments. It should per- 
haps be emphasized that the maximum error in these calculated values for 
thermal conductivity may be as great as ±6 per cent, as will be evident 
from the following discussion. 

Discussion of Results 

It is now generally accepted that the conduction of heat by metals 
is effected by two different agencies. The major portion of heat transfer 
is by means of the free electrons. Heat is also conducted by atomic 
contact and probably is a function of the frequency and amplitude of 
vibration of the individual atoms. Electrical conduction is probably 
entirely an electronic effect. These ideas are expressed mathematically 
as follows: K - c\T + k. Where K is the total thermal conductivity, 
k is the nonmetallic or atomic part, X the electrical conductivity, T the 
absolute temperature, and c a constant, which may be considered as the 
true Lorenz ratio for the metallic part of the conductivity. This, of 
course, is the equation of a straight line with a positive intercept on the 
K axis, if thermal conductivity K is plotted against the product of the 
electrical conductivity and the absolute temperature. The values in 
Table 1, with the exception of those for the high-silicon alloys, have been 
so plotted in Fig. 1 together with many of the data available in the 
literature. The plotted points from most of the data fall near a straight 
line, represented by the equation K = 5.02 \T X 10"® + 0.03. This 
line is similar to that determined by the thermal and electrical conductivi- 
ties of copper alloys as indicated by one of the authors. 

Although the values for the annealed alloys of the present investiga- 
tion lie close to the line, those for the alloys in the as-cast and heat- 
treated conditions show considerable scatter. It is perhaps to be expected 
that the ratio between thermal and electrical conductivity in the as-cast 
and heat-treated conditions should show considerable deviation, because 
of the structural changes accompanying the determination of the thermal 
conductivity. These changes in structure are well illustrated by the 
variation in electrical conductivity from end to end of the specimens 
subsequent to the deter min ation of the thermal conductivity. The 
determinations of thermal conductivity had no effect on the structural 
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condition of the annealed bars and the values for the ratio logically fall 
on a straight line. 

The plotted points for the conductivities of alloys containing more 
than about 5 per cent silicon fall generally considerably above the line 
determined by the values for the other alloys. Also, the values deter- 
mined by Griffith and Schofield for an alloy containing about 7 per cent 
copper and 1 per cent silver fall above this line. Mannchen’s deter- 
minations show so much scatter as to suggest, especially in view of the 
results of the other investigators, that some uncontrolled factor exerted 
considerable influence on his determinations. 



Fig. 1. — Relation of thermal conductivity and product op electrical con- 
ductivity AND ABSOLUTE TEMPERATURE OP ALUMINUM ALLOYS. 

When the available data 7,12 for temperatures below 0° C. are plotted 
as in Fig. 1, no regular relationship between K and \T is indicated. The 
curve of Fig. 1, therefore, applies only within the approximate tempera- 
ture range 0° to 400° C. 

Practically all the determinations other than the exceptions noted 
above fall within ±6 per cent of the line previously defined. A Wide 
range of temperatures from about 0° to 400° C. is concerned, and it 
appears evident that some fundamental relationship is involved. It is 
believed that, with more attention to the structural condition of the 
spe cimens and with simultaneous determinations of electrical and thermal 
conductivities over a narrow range of temperature, the relationship 
could be much more accurately established. * * 
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Table 2. — Electrical and Calculated Thermal Properties of Commercial 

Alloys 


Sand Cast Alloy 



| Electrical 
Conductivity, 

! Per Cent 
! 1 A C.S. 

Approximate 
Calculated 
, Thermal Con- 
ductivity, Cal. 

, per Sq. Cm. 
per Cm. per 
Sec per Deg C 

No. 

Condition 

Electrical 
Resistivity, 
Ohms X 10« 

Conductivity, 

! Ohms - * 

Cm. - i X 10"» 

12 . . 

As-cast 

4 700 

21 28 

37 4 

1 0 35 


Annealed 

3.656 

27.35 

48.1 

0 44 

43. . . 

As-cast 

4 799 

20 84 

36 7 

0 34 


Annealed 

4.190 

23.87 

42 0 

0 39 

45 

A 8-cast 

5 676 

17.62 

! 31.0 

0 29 


Annealed 

5.299 

19.12 


0 32 

47 (normal) 

As-cast 

5 706 

17.52 

30 8 

0 29 

Annealed 

5.423 

18 45 

32.4 

0 31 

47 (modified) 

As-cast 

4 352 

22.98 

40 4 

0 37 

Annealed 

4 186 

23 89 

42 0 

0 39 

108 

As-cast 

5 680 

17.60 

31 0 

0 29 


Annealed 

4 630 

21.59 

38 0 

0 35 

109 

As-cast 

4 874 

20 52 

36 1 

0 34 


Annealed 

3 905 

25 60 

45 0 

0 41 

112 .. .. 

As-cast 

5 826 

17.17 

30 2 

0 29 


Annealed 

4 610 

21 69 

38 1 

0.35 


T4 a 

6 412 

15 60 

27 4 

0 26 


T4, ann 

4 389 

22.77 

40 1 

0 37 


T6* 

6 056 

16.50 

29.0 

0 28 

122 .. . 

As-cast 

5.182 

19.31 

33 9 

0 32 


Annealed 

4 090 

24 44 

43 1 

0 40 


T4, ann 

3 998 

25 00 

44 0 

0 40 


T2 b 

4 303 

23 26 

40 9 

0 38 


T54* 

4 814 

20 79 

36.5 

0 34 


T61 e 

5 382 

18 59 

32 7 

0 31 


Tool* 

4 893 

20.45 

35.9 

0 34 

A132 

As-cast 

6 480 

15 43 

27 1 

0 26 


Annealed 

ft 786 

17 28 

30 4 

0 29 


T4, ann. 

5 180 

19 30 

33 9 

0 32 


T65* 

6 410 

15 60 

27.4 

0 26 


T551 

6 354 

15 75 

27.7 

0 26 

142 

As-cast 

4 936 

20 24 

35.7 

0 33 


Annealed 

4 019 

24 87 

43 8 



T4 

5 583 

17 92 

31 5 



T4. ann. 

3 874 

25 80 

45.4 

0 42 


T6 

4 667 

21 41 

37.7 

0 35 

195 

T4. ann. 

3 457 

28 90 

50 9 

0 46 


T4 

5 050 

19 80 

34 9 

0 33 


T7< 

3 696 

27 03 

47.6 

0 43 


T62* 

4 756 

21 01 

37.0 

0 34 

214 

As-cast 

5 101 

19 61 

34 5 

0 32 


Annealed 

5.091 

19 64 

34 5 

0 32 

216 

As-cast 

6 303 

15 87 

27 9 

0 27 


Annealed 

6 448 

15 51 

27.3 

0.26 

220 

Annealed 

8 329 

12 00 

21.1 

0.21 


T4 

8 548 

11 70 


0 20 

355 

T4. ann 

3 856 

25 94 

45 6 

0 42 

T4 

4.995 

20 00 

35.2 

0 33 


T5* 

4.884 

20 49 

36 0 

0 34 


T6 

4 906 

20 37 

35 8 

0 33 


T7 

4.147 

24 10 

42.4 

0 39 


T51 6 

4.078 

24.51 

43.1 



T59* 

4 089 

24.45 

43.0 



T61 

4.695 

21.28 

37.4 

0.35 

A355 

Annealed 

5 191 

19 27 

33.9 

0 32 

T51 

5.531 

18 08 

31.8 

0.31 

356 

T4 t ann. 

3.593 

27 85 

48.9 

0 45 


T4 

4.564 

21.93 

38 6 

0.36 


T6 

4 495 

22.22 

39 1 

0 36 


T51 

4.126 

24 21 

42 6 

0.39 


T59 

4.106 

24.33 

42 8 

0.39 

654 

As-cast 

5.303 

18.87 

33.2 

0.31 

Annealed 

5.061 

19.76 

34.7 

0.33 


Footnotes on page 295. 
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Table 2. — (Continued) 


Permanent Mold Cast Alloy 

Electncal 
Resistivity, 
Ohms X 10 6 

Electncal 
Conductivity, 
Ohms" 1 
Cm.” 1 X 10” 4 

Electncal 
Conductivity, 
Per Cent 
I.A.C.S. 

Approximate 
Calculated 
Thermal Con- 
ductivity, Cal. 
per Sq. Cm. 
per Cm. per 
Sec. per Deg. C 

No. 

Condition 

12 

As-cast 

4 607 

21 69 

38 2 

0 35 

Annealed 

3 529 

28 33 

49 8 

0 46 

43 

As-cast 

4 280 

23 36 

41.1 

0 38 

Annealed 


27 55 

48 4 

0 44 

A 108 .... 

As-cast 

4 791 

20 88 

36 7 

0 34 


Annealed 

3 976 

25 15 

44 2 

0 41 

112 

As-cast 

5 429 

18 42 

32 4 

0 31 


Annealed 

4 374 

22.88 

40 2 

0 37 

B113 

As-cast 

6 016 

16 61 

29 3 

0 28 


Annealed 

4 798 

20.83 

36.7 

0 34 


T4 

5 896 

16 95 

29.8 

0 28 


T4, ann. 

4 119 

24 27 

42 7 

0.39 


T6 

5 544 

18 05 

31.7 

0 30 

Cl 13 . . . 

As-cast 

6 488 

15 41 

27.1 

0 26 


Annealed 

5 213 

19 19 

33 7 

0 32 

122 ... 

As-cast 

5 183 

19 31 

34 0 

0 32 


Annealed 

4 122 

24 27 

42.7 

0 39 


T55> 

4 880 

20 49 

36 0 

0 34 


T65 

5 289 

18 98 

33.4 

0 31 


T4, ann. 

4.032 

24.81 

43 6 

0.40 

A132 

As-cast 

5 256 

15 97 

28.2 

0 27 


Annealed 


18 52 

32 6 

0.31 


T4 

5.837 

17.12 

30.1 

0.29 


T4, ann. 

4.826 

20.72 

36.4 

0 34 


T7 

4 909 

20 37 

35.8 

0.33 


T551 

5 982 

16 72 

29 4 

0 28 

142 .. 

As-cast 

5.180 

19 38 

34.1 

0.32 


Annealed 

4.189 

23 84 

42.0 

0.39 


T62 

5.270 

18 98 

33.4 

0.31 


T671‘ 

5.239 

19 08 

33.6 

0 32 

144 

As-cast 

5.876 

17 01 

29.9 

0 28 


Annealed 

4.387 

22 90 

40.3 

0.37 


T4 

5.811 

17.83 

31.3 

0.30 


T4, ann. 

4.020 

24.87 

43 7 

0 40 

151 

As-cast 

4.221 

23.70 

41 7 

0 38 

B195 

Annealed 

3 477 

28 76 

50.6 

0.46 

T4, ann. 

3.524 

28 38 

49 8 

0.45 


T4 


19.84 

34.9 

0.33 

355 

T62 

4.877 

20.49 

36.1 

0.34 

T4, ann. 

3.463 

28 87 

50.8 

0 46 


T4 

4.790 

20.88 

36.7 

0.34 

356 

T0 


22.17 


0.36 

T4» ann. 

3 568 

28.04 

49.3 

0 45 


T4 

4.484 

22.32 

39.2 

0 36 


T6 

4 319 

23.15 

40.7 

0 38 


This curve is of considerable practical importance in that it suggests 
that a comparison of the thermal properties of aluminum alloys in various 
structural conditions is probably sounder when based on determinations 
of electrical properties than when based on direct determinations of 
thermal conductivities, except, of course, when the determinations of 
thermal conductivity may be made in the annealed condition. The direct 
determinations of thermal properties in this investigation give a relation- 
ship between electrical and thermal conductivities represented by the 

value for the ratio yjp of 5.4 X 10“®. The deviation of the annealed 

specimens from this ratio is less than ±3 per cent. If the curve of Fig. 1 

K 

is correct, it is not to be expected that ^ will be constant for any very 
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Table 2. — ( Continued ) 


Forged Alloys 

i 

! 

Electrical 
Conductivity, , 
Ohms' 1 

Cm -i X 10-< j 

! 

i Approximate 

Electrical , 

Conductivity, 1 Tf 

PerCent d “"Sf y r2f" 

I.A C S , per m Cm 

per Cm per 

1 Sec. per Deg C. 

No. 

Condition 

Electrical 
Resistivity 
Ohms X 10« 

14S 

Tf r ann. 

3 380 

29 59 ! 

! 52 0 

0 47 


W« 

4 944 

20 24 

35 6 

0 33 


T 

4 407 

22 68 

39 9 

0 37 

18S 

T, ann. 

3 472 

28 80 

50 6 

0 46 


T 

4.359 

22 94 

I 40 4 

0.37 

B18S 

T, ann. 

3 548 

28 IS | 

1 49 6 | 

0 45 


T 

5 050 

19 80 ! 

34 8 ! 

0 33 

25S 

T f ann. 

3 362 

29 74 j 

52 3 i 

0 48 


T 

4 531 

22 08 

38 8 

0 36 

32S 

T, ann. 

4 111 

24 33 I 

42.8 

| 0.39 


T 

4 875 

20 49 j 

36 1 

! 0 34 

A51S 

T, ann. 

3 160 

31 65 J 

55 7 

I 0 50 


T 

3 748 

26 67 ! 

47 0 

! 0 43 

52S 

Annealed 

3 066 

32 60 | 

57 3 ! 

i 0 52 


As forged 

3 714 

26.95 

47 3 

0 43 

53S 

T, ann. 

3 765 

26 56 I 

46.7 

0 43 


T 

4 131 

24 21 

42.6 

0 39 

70S . . 

T, ann. 

4 485 

22 30 

39.2 

0 36 


W 

5.150 

19 42 

34.2 

0.32 


T 

4.891 

20 45 

36.0 

0.34 


« T4, solution heat-treatment followed by rapid cooling 

* T2, T5, T51, T54, T541, T55, T551, T571, T59. precipitation treatment only. 

* T6, T61, T62, T65, solution followed by precipitation treatments. 

* T7, solution treatment followed by precipitation and stabilizing treatments. 

* W, solution heat-treatment followed oy rapid cooling. 

/ T, precipitation treatment either at ordinary or slightly elevated temperatures. 

wide range of conductivity values. Within the range covered by the 
curve, this ratio varies from about 5.3 to 5.8 X 10“ 9 . It will require 
careful experimental work to determine more accurately the relationship 
between electrical and thermal conductivity in other than the a nn ealed 
condition. The determination of thermal conductivity involves heating 
the specimen, which brings about some structural change in most alumi- 
num alloys. Therefore it may be difficult to determine the relationship 
much more precisely for heat-treated or as-cast specimens. 

It has been recognized that, in many ways, aluminum does not behave 
like a typical metal. Hume-Rothery 11 has pointed out some of the 
anomalous characteristics of aluminum in a consideration of the electron 
structure of metals. The typical metallic structure characteristic of such 
metals as copper and gold appears to be an assemblage of positive ions 
held together by the attraction of generally shared valency electrons. 
Some of the valency electrons in aluminum appear to have fixed positions," 
the crystal is apparently not completely ionized and has some of the 
characteristics of a nonmetal. Silicon is much more nonmetallic in 
many of its characteristics than aluminum, which may to some extent 
account for the rather anomalous relationship between thermal and 
electrical conductivities of aluminum alloys containing relatively high 
concentrations of silicon. The displacement of the line determined by the 
silicon alloys to relatively high values for k suggests relatively fewer free 
electrons in these alloys than in alloys of the other elements. 
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The conductivity of alloys containing relatively high concentrations 
of silicon is markedly affected by the particle size and distribution of the 
silicon. Table 2 shows that the electrical conductivity of aluminum- 
silicon alloys falls rapidly with increasing silicon concentrations. Sur- 
prisingly, though, a 13 per cent silicon alloy modified with sodium has a 
higher conductivity than a sodium-free 6 per cent silicon alloy. Also, 
the difference in conductivity of wrought 32-S and cast 132 alloys is 
greater than would be expected from the difference in composition alone. 


Table 3. — For Approximate Conversion of Thermal and Electrical 
Conductivities of Aluminum-base Alloys at 25° C. from 
K = 5.02X7 7 X 10“ 9 + 0.03 



Summary 

The thermal and electrical conductivities of a number of commercial 
aluminum alloys have been determined. The relationship between 
thermal and electrical conductivity appears to be best defined by the 
equation K = 5.02X7 7 X 10 -9 4- 0.03 where K is the thermal conductivity, 
X the electrical conductivity, and T the absolute temperature. The 
heating involved in the determination of thermal conductivity brings 
about changes in structure, except in specimens properly annealed, which 
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have a profound effect on conductivity. The conductivity of aluminum 
alloys containing relatively high concentrations of silicon is affected in 


a marked manner by the particle size and distribution of the silicon, 


conductivity decreasing with increase in particle size. 


ratio for 


silicon alloys generally has a larger value than that for the other 


aluminum alloys. 


Table 4. — Chemical Composition of Commercial Alloys 
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DISCUSSION 

(W. L. Fink presiding) 

G. S\chs,* Newark, N. J. — The importance of such investigation as described in 
this paper is much greater than is usually realized. In metallurgical technique there 
are many problems of thermal conductivity; for instance, the uniformity of heat (or 
heat distribution) in furnaces and their contents, the extrusion of metals, materials 
for use in electrical contacts, etc., all offer problems of thermal conductivity. 

As stated in this paper, there is considerable difficulty in obtaining reliable data 
on thermal conductivity, whereas it is very easy to obtain reliable data on electrical 
conductivity. Therefore it has been my practice for several years to think and calcu- 
late thermal problems on the basis of electric conductivity. It is easier for me to 
visualize problems like the temperature distribution in heated bars by figuring with 
electrical conductivity. Many people formerly objected to this method because they 
did not believe in a simple relation between electric and thermal conductivity. Only 
in the last few years, and chiefly as a result of papers like this, has it been really 
proved that the principles of electrical conductivity can be used instead of thermal 
conductivity to explain the different behavior of various materials in thermal problems. 
The chief point is that both change in similar manner with alloying, with the 
structure, with the heat-treatment, and so forth. 

C. S. Smith. — I should like to amplify somewhat the remarks of Dr. Sachs regard- 
ing the proportional relationship existing between electrical and thermal conductivity. 
It has, of course, long been supposed that the two conductivities are directly propor- 
tional to each other. This idea is usually attributed to Wiedeman and Franz (1853) 
but actually it was clearly expressed by Achard 74 years earlier. 13 The ratio of 
thermal to electrical conductivity is approximately the same for most pure metals, 
but many alloys of low conductivity have a higher thermal conductivity than this 
law requires. 

The significance of the present paper is that electrical and thermal conductivities 
should not be considered as directly proportional, but rath er that the proportional 

* Baker & Co., Ino. 

13 F. C. Achard: Sur Tanalogie qui Be trouve entxe . . . V electricity et . . . la 
chaleur . . . Mem. Acad. Berlin, 1779 , 27. 
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relationship applies to only part of the thermal conductivity, and that this part is 
superimposed on a small constant thermal conductivity. Representing the relation- 
ship graphically, this results in a straight line intersecting the thermal conductivity 
axis at a small value instead of passing through the origin as the Wiedeman-Franz 
law requires. When this intercept is taken into consideration, the thermal conduc- 
tivity of many alloys can be calculated more accurately than it can be measured with 
any but the most refined technique. 

P. R. G. Hosting,* Watertown, Mass. — Have observations been made on the 
relationship between thermal and electrical conductivities at higher temperatures 
with aluminum alloys, and does the spread between the two become less? With 
steel, the lower the temperature at which the measurements are made, the greater the 
spread, but as the temperature becomes higher, especially approaching 700° C., the 
relationship between electrical and thermal conductivities becomes very dose, and 
one can use electrical conductivity to calculate thermal conductivity and have greater 
faith in calculating the value than if he made the same calculations for thermal con- 
ductivity at lower temperatures, say around 200°. 

A. J. DoRNBLATT,t Annapolis, Md. — Having the line drawn so as to pass through 
the origin (corresponding to zero conductivity) seems to be inconsistent with the fact 
that even nonconductors such as ceramic materials and other materials nevertheless 
possess appreciable thermal conductivity. Possibly at the higher resistivities (the 
lower end of the curve as drawn) there is a condition where the metal may exhibit 
behavior in some respects analogous to that of nonmetallie material. 

L, W. Kempf. — With regard to Dr. Sach's comments, it really is much easier to 
use electrical conductivity than thermal conductivity, principally because it is so easy 
to determine precisely the electrical conductivity of a metal. For most structural 
applications, it is certainly entirely adequate to use the relationship between the 
electrical and thermal conductivity for deducing the thermal conductivity. 

With regard to the deviation of the values on aluminum alloys from their curve 
at various temperatures, I suspect that the same thing is true of the aluminum alloys 
that is true of steel, particularly if the measurements are considered in relation to the 
melting points of the materials rather than to any specific temperature range. In the 
low range, that is below room temperature, there have been a few determinations of 
the thermal and electrical conductivity of aluminum alloys and these, generally speak- 
ing, do not fall near enough to the curve to indicate that this relationship expresses 
the conditions below room temperature. It is true there are relatively few data at 
temperatures lower than ordinary. In the range we covered, from about room tem- 
perature to 300° C., we were not able with the relatively meager data available to 
note any difference in the deviation with temperature. 

* Chemical Engineer, Watertown Arsenal, 
t U. S. Naval Academy. 



Primary Crystallization of Metals 

By F. R. Hbnsel* 

(New York Meeting, February, 1937) 

The present study was made to determine the laws governing the 
formation of the primaryf crystal structure during solidification. Most 
of the experiments were carried out on chill castings, but from the results 
it will be possible to draw certain conclusions as far as sand cast- 
ings are concerned. 

It is necessary to discuss first a number of theories, which are generally 
adopted for explaining the structure of an ingot. Usually, the structure 



Fig. 1. — Various zones in a chill ingot. 


of an ingot consists of the following three zones (Fig. 1) : (1) a chill layer 
of small at-random oriented crystals; (2) a layer of columnar crystals; 
(3) a zone of equiaxed crystals. 

The tensile properties of the chill layer and the equiaxed range are 
usually much better than in the columnar range, particularly the planes 
that are formed by the columnar crystals growing from two sides at right 
angles have low tensile properties. This is one of the reasons why colum- 
nar crystals in ingot structures are undesirable. 

Paper presented before the Detroit Foundrymen’s Association, Oct. 17, 1935. 
Manuscript received at the office of the A.I.M.E. Nov. 30, 1936. 

* With P. R. Mallory & Co., Indianapolis, Ind. 

f So called because there is a secondary crystallization in the solid state in many 
alloy systems. 
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In analogy with experiments with organic substances, which also show 
chill, columnar and equiaxed zones, many investigators have assumed that 
the degree of undercooling is responsible for the change from an oriented 
to an at-random structure. Desch assumes that there is a region of 
metastability within which spontaneous crystallization cannot occur. 
This region of metastability is supposed to be separated quite distinctly 
from the labile region. According to this theory, the equiaxed range 
corresponds to the labile region, while the columnar crystals are formed in 
the metastable region. A binary diagram showing the stable, metastable 
and labile regions could be drawn as shown in Fig. 2. 

A number of investigators do not believe in this metastable region, but 
assume that the formation of nuclei is a steady function of the degree of 



undercooling. Tammann has introduced two factors that are used today 
for the explanation of almost any primary structure: (1) the number of 
nuclei per unit of weight and time at a definite temperature (K.Z.), 
(2) the velocity of crystallization (K.G.). 

Most of the data available on the “number of nuclei” are based on 
observations made on organic substances, or inorganic substances of high 
viscosity, and not on metals. It is of interest, however, to review these 
data briefly, because there is a definite relation between melts 
and solutions. 

Tammann’s theory can be represented in the diagram of Fig. 3. 
According to this diagram, the number of nuclei increases with under- 
cooling, reaches a maximum and drops to zero at a very high degree of 
undercooling. At low temperatures, the nuclei very often remain latent. 
The velocity of crystallization increases rapidly with the undercooling at 
first and then remains almost constant. According to the kinetic theory, 
it is necessary for the formation of crystals that the crystallizing molecules 
assume a definite orientation, the lack of which is characteristic for the 
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liquid phase. This cannot be accomplished momentarily. Sufficient 
time is required for a number of molecules to become arranged in the 
proper directions. The kinetic theory does not seem to apply to metals so 
much, because metals are built up by atoms, and not molecules. There- 
fore, theoretically, monatomic substances should not show undercooling, 
since no time is required for molecular arrangement. 

It has been shown that melts that have not been superheated contain 
anistropic molecules (showing directional properties like crystals), which 
may be reduced to a minimum by either prolonging the time or the 
temperature of superheating. A practical example for this is the refine- 
ment in structure by superheating cast iron. 



Fig. 3. — Effect of undercooling on number of nuclei and velocity of 

CRYSTALLIZATION. 

It was found that the number of nuclei in nonmetallic substances 
depends mainly on the following factors: (1) degree of undercooling; 
(2) degree of superheating the melt, (3) foreign particles, (4) mechanical 
influences, such as the effects of pressure or shear stresses, (5) the effect 
of the surface condition of the container holding the melt. 

The shape of the crystals is determined by the number, the direction 
and the magnitude of the vectors of the velocity of crystallization. It is 
generally assumed that the shape of a crystal depends upon the surface 
tension, and a simple formula expresses this as follows: 

Energy required for crystallization = cross section of crystal X surface 
tension (constant) X velocity of crystallization. 

From this formula, it follows that the cross section of the crystals 
becomes smaller as the velocity of crystallization increases. In other 
words, the crystals become thin or stringer-like. The crystal uses the 
shape that provides the least resistance in growing (Fig. 4). 

The direction of crystal growth is opposite to the direction of heat 
flow. The crystals in iron grow in the melt in the form of an octohedron. 
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The columnar crystals are oriented with respect to one axis. They are 
not oriented however, with respect to the other two axes. In other 
words, they can rotate around the elongated axis. A section parallel to 
the elongated axis, therefore, will expose the three densely packed faces 



Fig. 4. — Growth of columnar crystals. 


of the cubic system; that is, the octohedral, the cubic and the dodeca- 
hedral face (Fig 5). A section at right angles to the elongated axis will 
always show a cubic face (Fig. 6). The three different faces of the cubic 
system are identified by the etching pits. 

The degree of undercooling affects the different vectors of the velocity 
of crystallization. According to Tammann, crystals will grow at a small 
amount of undercooling as polyhedrons, having many sides and faces, 



Fig. 5. — Columnar crystals of 3.29 

PER CENT SILICON STEEL COVERED WITH 
ETCHING PITS. X 30. A, (001) FACE; 
B , (111) face; <7, (101) face. 



Fig. 6. — Etching pits on (001) face of 
3.27 PER CENT SILICON STEEL. 


while at a high degree of undercooling, they will grow as crystal stringers. 
Differently expressed, we might say that a fast growth of a crystal would 
lead to stringers, while a slower growth would lead to polyhedrons. In 
other words, the columnar zone in an ingot would be favored by a fast 
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crystallization, while slower crystallization would produce polyhedrons, 
or equiaxed crystals. We shall see that this is quite in agreement with 
the results determined by experimentation. 

The amount of undercooling for metallic crystals is supposed to be 
approximately 0.1 to 3° C. It should be mentioned here that in the 
casting process the amount of undercooling of metal will be considerably 
smaller than this figure. In fact, it will be practically negligible. It 
should be further pointed out that the velocity of crystallization of 
different substances depends on how fast the latent heat can be dis- 
sipated. The velocity of crystallization can therefore be roughly 
expressed by a formula of the following type: 

Linear velocity of crystallization = 

Heat conductivity in kilocalories per unit of area and time 
Constant X the heat of crystallization 

The constant includes such factors as difference of equilibrium tempera- 
ture betvreen crystal and melt, and temperature of the melt (undercooled), 
and the thickness of the layer that is attached to the growing face of the 
crystal. This formula indicates that the velocity of crystallization 
depends upon the rate at which the heat is dissipated. This is partic- 
ularly important in metals that have higher heat conductivity than 
organic substances. 

Apart from these theoretical considerations, many factors are men- 
tioned in the metallurgical literature as having influenced the primary 
structure. Some of these factors are cited below: 

1. Alloy composition. Melting characteristics as determined by 
the constitutional diagram (solidus and liquidus ranges). 

2. Factors responsible for the equiaxed range: (a) turbulence during 
pouring, (6) metal cold shots caused in pouring, (c) mechanical influences, 

(d) decrease of rate of cooling by separation of ingot from ingot molds, 

(e) degrees of deoxidation in steel, and general shape of solidifica- 
tion diagram. 

3. Factors influencing the columnar range : (a) casting temperature; 
(&) rate of cooling influenced by mold temperature, mold dimensions, heat 
capacity, mold material, and separation of ingot from mold; (c) speed of 
pouring; (d) temperature differences in melt. 

4. Factors influencing the chill layer: rapid solidification. The chill 
layer disappears with : (a) very hot material, (6) very thin molds. 

5. The reason for formation of the cone-shaped zone on the bottom of 
the steel ingot: (a) precipitation of crystals of higher specific gravity, 
(b) type of deoxidation. 

It might be well to consider the term “undercooling” somewhat more 
carefully. Undercooling occurs when at a definite temperature equilib- 
rium conditions are not reached; that is, the solid phase does not occur* 
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According to the phase law, it is then possible that the temperature will 
decrease still further. It cannot be assumed that after we have a solid 
phase present the melt can be further undercooled, because of the good 
heat conductivity of metals. This is quite different with organic sub- 
stances. This type of undercooling was found with such metals as gold, 
copper, bismuth, antimony, lead, tin and a number of alloys. It was 
found, for instance, that iron-nickel alloys with 1.86 per cent cobalt could 
be undercooled as much as 100° C. 

Undercooling in metals or alloys that exhibit a phase change is also 
possible in the solid state, and by adding certain alloying elements to 
steel, for instance, it is possible to suppress the Ar points from 700° C. 
to below room temperature. 



Fig. 7. — Undercooling experiments with Salol. 


Undercooling also exists in the vicinity of a crystal growing in a solu- 
tion. In analogy with solutions, we might express this for melts as 
follows: A melt just above the melting point is not saturated. It reaches 
the saturation point at the melting point. As soon as the temperature 
drops below this point, saturation occurs, and a part of the solid phase is 
precipitated. This amount of undercooling is very small for metals and 
alloys. Only the first explanation of undercooling could be used for 
expl aining the change in orientation in the crystal structure of an ingot. 

It should be stated here that very few of the theoretical investigations 
were carried out under casting conditions. The term “ casting condi- 
tion,” means that the material is cast from a container into a mold having 
usually a somewhat rough surface. It was therefore of interest to make 
undercooling experiments with an organic compound such as Salol under 
casting conditions (Fig. 7). The following results were found: 

1. Heating in a smooth glass beaker and cooling quickly in water 
gave an undercooling of 18° to 20° C. Slow cooling decreased this amount 
of undercooling. 
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2. Heating in rough containers and cooling in either air or water 
decreased the undercooling considerably. 

3. Casting of Salol in a steel mold prevented the undercooling almost 
completely. The degree of overheating had only a slight effect on the 
undercooling. The reason for this is that when the Salol comes in con- 
tact with the rough mold, which has a high heat conductivity, nuclei are 
formed immediately. Very likely nuclei are formed on the outside of the 
pouring stream during casting. After the first nuclei have appeared, a 
decrease in temperature below the melting point is impossible. The 
temperature of the equiaxed zone, therefore, cannot fall into the labile 
range and solidify spontaneously by the formation of crystal showers, as is 
often assumed. 



Fig. 8. — Temperature of liquid during solidification of tin ingot cast in steel 

mold. 

It was of interest to study the actual temperature of the liquid in the 
mold, since it is frequently assumed that at a higher casting temperature 
the liquid metal inside of the solidified crust is hotter than when cast at 
lower temperature. It is further assumed that the temperature of the 
liquid is considerably above the melting point as long as the formation of 
columnar crystals occurs, while the equiaxed range is formed after the 
entire liquid has reached the melting point. The diagram in Fig. 8 shows 
the results of such a study with tin. » 

The temperature was measured by means of a thermocouple, which was 
placed in the center of the mold. It is evident that the superheat is lost 
immediately with the metal overheated 80° C. Only 5° to 10° C. over- 
heat were measurable after the mold was filled. These few degrees of 
overheating disappeared rapidly after a small crust formed on the walls of 
the mold. During the entire time of solidification afterwards, the tem- 
perature of the liquid remained constant at 232° C. 

Similar experiments were made by casting a superheated melt in a hot 
sand mold. Crystallization started in this case only after the entire 
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mass had cooled down to the melting point. In the sand casting, there- 
fore, the time-temperature cooling curves which are known from thermo- 
analysis hold true. The measurements were checked with melts of over 
30 lb., which took about 10 min. to solidify. The results of these tests can 
be summarized as follows: (1) There is no undercooling that could be 
measured within one-tenth of a degree; (2) the temperature of the melt 
drops almost immediately to the temperature of solidification. 

Another set of experiments was conducted to find out whether there is 
a temperature difference between two points in the melt. It was found 
that the convection currents do not 
allow any temperature difference to 
exist between two points of the 
melt, except at the moment when ! 
the hot metal comes in contact 
with the cold walls of the mold. 

At this instant the sudden dissipa- 
tion of heat is greater than the 
convection currents. 

A large number of tests were 

made in which the pouring time, _ 

. * t j . Fig. — Transition prom chill cone 

pouring temperature, mold tern- to columnar zone op 4.79 per cent 

perature and mold size were silicon steel. 

systematically changed and the various zones carefully studied. All 

these tests indicate that the variation in the primary structure can be 

fully accounted for by a “thermal” explanation. 

Random crystallization of a metal having a cubic or tetragonal struc- 
ture is caused either by a very quick heat dissipation, or an extremely 
slow heat dissipation. The fast heat dissipation is therefore responsible 
for the formation of the chill layer and the slow heat dissipation for the 
formation of the equiaxed zone. 

We may assume that the formation of columnar crystals continues only 
as long as only one layer of definite thickness solidifies in the unit of time. 
If the solidification is so fast that in the unit of time not only one but 
many layers solidify at the same time, the nuclei do not have time to grow 
and to assume a definite orientation, but must stay in the positions 
in which they were formed by chance. This phenomenon was particularly 
noticeable with materials that in casting conditions tend to form a fine 
grain. In Fig. 9 the change from the chill zone to the columnar zone is 
illustrated. In this case the change seems rather abrupt but it can be 
assumed that the columnar crystals grow from the last layer of 
chill crystals. 

The equiaxed zone is formed when the steady heat dissipation in the 
mold or in the solidified crust of the cast material is disturbed; that* is, 
the ratio of dissipated heat to the heat which is given up during solidifica- 


308 


PRIMARY CRYSTALLIZATION OF METALS 


tion* is such that the velocity of heat flow is not in the proper ratio to 
the velocity of crystallization. The formation of nuclei may then be as 
large as the tendency of the crystal to grow in the columnar shape. In 
the equiaxed zone, the heat is dissipated not only perpendicular to the 
mold surface but also towards the top and bottom of the mold. If 
the heat dissipation is unequal, a slight crystal orientation will occur 
in the direction of greatest heat flow. 

The effect of the heat capacity of the mold has been studied by many 
investigators. It has been assumed that the columnar crystals stop grow- 
ing as soon as the heat capacity of the mold is reached; which means, the 
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Fig. 10. — Heating op mold walls in casting tin. 


time when the heat is not dissipated by conduction, but by radiation and 
convection. Small-scale experiments were made, and it was found that 
the mold temperature had not reached its maximum when the entire 
ingot was solidified. The ingots showed columnar and equiaxed crystals. 
This indicates that the columnar crystals stopped growing long before 
the heat capacity of the mold was reached. Typical temperature-time 
curves of molds are shown in Fig. 10. 

In all cases there is first a rapid increase in mold temperature, then a 
slow decrease in mold temperature. Similar curves are found in tests on 
mold temperatures in steel molds. The peak in the curves corresponds to 
the time when the mold has reached its heat capacity. 

The fact that the depth of the columnar range is not alone a function 
of the mass of the mold, was confirmed by Leitner. He found that an 
increase of the dimensions of the mold above a certain limit does not 
influence the primary structure further. The reason for this is that after 
a eertain time the ingot separates from the mold and there is an air space 
between mold and ingot. In other words, the solidified crust of the ingot 

* After the sudden dissipation of the superheat it is necessary only to dissipkte^ 
the heat of solidification in order to cause crystallization. iJ| 
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acts as a container of the remaining liquid portion and it is quite possible 
to assume that in such a case solidification may be hastened by removing 
the billet from the ingot mold. 



Fig. 11. — Temperature gradient in solidifying crust of tin ingot. 


It has been further pointed out that the time after the ingot separates 
from the mold is responsible for the depth of the columnar crystals. 
Complete transcrystallization, which occurs rather frequently, cannot be 
brought into agreement with this explanation, because the separation of 
ingot and mold occurs after a small crust of the cast material has solidified. 

This phenomenon, however, is of consid- — * 1 

erable importance in very large ingots. 

A number of tests were made to 
determine the temperature gradient 
in the solidified crust of the cast 
material, because it is important for the 
steady heat flow and therewith for the 
crystal formation. A typical set of i 

curves is given in Fig. 11. No irregu- > 

larities were found. The curves taken a b c 

at various points of the solidified portion Fig. 12. — Casting experiments 

. , , . , n 1 WITH 4.8 PER CENT SILICON STEEL. 

Of the ingot are parallel. A, casting temperature 1580° C. 

It is difficult to calculate the heat (equiaxed zone of 68 per cent of 

dissipation from liquid metal through a ^jf^ting temperature 1530° C. 
mold to the air, because there are not (equiaxed zone 72 per cent of 

constant conditions during solidification di “ef^ting temperature 1480° C. 
of an ingot. The same is true in calcu- (equiaxed zone 100 per cent of 
lating the radiation and convection. eter ^' 

The temperature conditions change continuously. In most cases the 
depths of the columnar crystals increased with increasing casting tempera- 
ure, and the equiaxed range decreased as shown in Fig. 12. 
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In a high-purity tin (Fig. 13) an equiaxed zone was shown only at a 
casting temperature of 232° C. It should be noted, however, that the 
equiaxed zone reappears again when casting at 310° C. The grain size in 
this high-purity tin is large and does not seem to be much affected by the 
pouring temperature. 

The casting temperature affects greatly the time of solidification 
and therewith the velocity of crystallization. Casting tin at 232° C. in a 
mold required 2 min. 20 sec. to solidify (20 sec. casting time) . Casting tin 
at 340° C. in the same type of mold increased this time to 3 min. 50 sec. 
Increasing the casting time of a tin ingot containing small amounts of 
copper from 5 to 50 sec. moved the columnar crystals slightly towards the 



Fig. 13. — Casting experiments with Fig. 14. — Tin cast into chill mold at 

INCREASING CASTING TEMPERATURE, 450° C. HEAVY BOTTOM PLATE USED. 
high-purity tin. Crystals grow perpendicular to bottom 

Equiaxed zone at 232° C. casting tem- plate, 
perature and at 310° C. casting large 
grains. 

center of the ingot. Tin with small percentages of copper gives a very 
much smaller grain than a high-purity tin under the same casting condi- 
tions. Particularly at low casting temperatures, the impure tin had an 
extremely fine grain and formed very large equiaxed zones, while a high- 
purity tin casting under the same conditions would show columnar crystals 
almost towards the center of the ingot. 

In most of the experiments, complete transcrystallization occurred 
after reaching a certain degree of superheat in the melt. With a still 
higher superheat, the structure showed irregularities such as formation 
of localized equiaxed zones, which can be explained by our theory of 
the effect of disturbances in the heat flow on the primary crystallization. 

The chill layer increased at low casting temperatures with the thick- 
ness of the molds. At very high casting temperatures, the chill layer 
disappeared. By casting in a mold that was tilted approximately 30°, a 
chill layer was formed where the stream hit the mold, and the colu mn ar 
range was shifted towards the center. The bottom cone showed definite 
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disturbances in the heat flow with higher temperatures, and a random 
structure was formed. By pouring tin into a chill mold at 450° C. and 
by using a heavy bottom plate with the formation of intermediate equiaxed 
zones as is shown in Fig. 14. 

The effect of casting temperature on grain size is well illustrated in 
Fig. 15 w T hich shows a zinc ingot cast at 435° C. and one cast at 535° C. 
In the latter, the left half of the mold was preheated to 300° C., and it can 
be noticed that the columnar crystals grew faster from the cold half of the 
mold, which shifted the center of crystallization towards the left half of 
the mold. 

In order to simulate sand-casting conditions, tests were made with 
preheated molds. It was found that the depths of the columnar crystals is 
decreased with the preheating of the molds. This type of structure 



a b Fig. 16 . — Tin cast at 235° C. 

Fig. 15. — Zinc cast into chill moll. into chill mold, preheated to 
a, cast at 435° C.; 6 , at 535° C. (left half 235° C. and quenched in water 
of mold preheated to 300° C.) 

becomes similar to the equiaxed condition of sand castings and is caused 
by a slow dissipation of heat. 

It was found in the experiments that the preheating of the molds had 
to be extremely high in order to be effective. In casting tin, for instance, 
the molds were preheated 150° C . It was also found that the depths of the 
columnar crystals was increased in preheated molds when an extremely 
low casting temperature was used. In other words, the velocity of 
crystallization could be regulated by controlling the heat dissipation. 

A typical structure showing colu m nar and equiaxed zone was formed 
by quenching a mold preheated to the melting point of tin in water 
(Fig. 16). 

Experiments were also made with sand castings. By casting tin in 
cold sand molds at 280° C., the structure was completely at random and 
coarse-grained. Experiments were made with tin bronzes, and in this 
material columnar crystals did not occur in sand castings, not even in the 
chill castings. This points to the fact that the number of nuclei and 
velocity of crystallization are constants, which vary for each type of 
material. Typical differences, as in pure tin, were experienced with a 
10 per cent aluminum bronze. With a 30-70 brass, the largest columnar 
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crys tals were formed with very slow solidification in hot sand. With a 
shorter time of crystallization, a definite minimum in the size of the 
columnar crystals prevailed. Curves showing the influence of the time of 
solidification upon the grain size of a 5 per cent tin bronze and upon the 
depths of columnar crystals of 30-70 brass are given in Fig. 17. 



Fig. 17. — Influence of time of solidification upon (a) grain size of 5 per cent 
TIN BRONZE, (6) DEPTH OF COLUMNAR CRYSTALS OF 30-70 BRASS. 

German silver also shows a typical difference in the grain size between 
chill and sand castings. That is, the grain increases with increasing time 
of solidification. 

A few tests were made with zinc, which has a hexagonal crystal struc- 
ture. In this metal, the main axis has such definite thermal character- 
istics, particularly a higher heat conductivity, and the tendency of the 
crystals to grow in one preferred direction is so pronounced, that it is 



Fig. 18. — ( a ) Zinc cast into refractory mold at 435° C. and (6) zinc cast into 
SAND MOLD PREHEATED TO 450° C. CASTING TEMPERATURE 510° C- 

almost independent of the thermal conditions (Fig. 18). In all the 
experiments, there was complete transcrystallization. 

Conclusions 

It is hoped that these few fundamental considerations on the primary 
crystallization of metals will be helpful in explaining and overcoming 
certain difficulties that are encountered frequently in casting practice. 




Segregation in Single Crystals of Solid Solution Alloys 

By Arthur Phillips* and R. M. Brick, f Members A.I.M.E. 

(New York Meeting, February, 1937) 

The normal method of preparing metallic alloys for commercial use 
involves the preparation of a melt containing the given components in 
the chosen proportions and allowing the homogeneous liquid mass to 
solidify in a mold of the desired form. The solidification is frequently 
accompanied by a segregation of the alloying elements in different parts 
of the casting. When the segregation is occasioned primarily by marked 
differences in density of the solid and liquid phases, it is termed “ gravity ” 
segregation. When the segregation conforms to a selective freezing 
in harmony with the teachings of the equilibrium diagram of the alloy 
system — i.e., the lower melting phases are concentrated in the regions 
of the casting last to freeze — it is often referred to as “normal” segrega- 
tion. However, in many cases the lower-melting part of the system is 
concentrated in the parts of the casting first to freeze and the result in 
this case is termed “inverse” segregation. To complete the terminology 
of the subject, normal segregation in a single phase is usually called 
“coring” and the word will be used in that sense in this paper. Inverse 
segregation, particularly when the liquid phase is exuded or sweated 
out on the surface of the casting, is sometimes called “liquation.” 
Unfortunately, some ambiguity has arisen from the use of this term and 
it is perhaps advisable to confine its use to the dictionary definition; 
namely, “The separation of two phases by heat sufficient to melt one 
but not the other.” 

The gravity and normal types of segregation are both well understood 
and to some extent are controllable by taking advantage of the most 
favorable cooling rate for a given casting condition. Inverse segregation 
has received considerable attention from several investigators but none 
of the theories offered seem to account in a convincing way for the many 
examples of this type. The observations made in the present work on 
segregation in single crystals, and in some other castings, tend to support 
one theory of the mechanism of inverse segregation and definitely to 
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preclude the application of others. A different form of gravity segrega- 
tion has been observed and some data on diffusion within a liquid solution 
have been obtained. 

Facts and Theories on Inverse Segregation 

When a molten solution is cast in a mold, several unrelated factors 
become significant in influencing the progress of solidification and the 
resultant segregation. First, the. freezing characteristics, as described 
by the slope and spacing of the liquidus and solidus lines of the equilibrium 



— ► Crystallization Velocity-** 



— ► Crystallization Velocity-** 

Fig. 1 . — Inverse segregation in altjminto-copper allots. 


diagram, will influence the segregation, according to Bauer and Arndt 1 
and Iokibe 2 . A wide freezing range seems to encourage inverse segrega- 
tion although it is sometimes found in alloys with a narrow solidification 
range*; e.g., gold-silver and gold-copper. 

Masing 4 , Bohner 5 (in aluminum-copper alloys), and also Reader 6 have 
found that the inverse segregation in most alloys is a function of the 
cooling rate (Fig. 1). According to Masing, no segregation occurs on 
extremely slow cooling; segregation increases to a peak at somewhat 
faster rates, decreases to zero at intermediate speeds, increases again on 
more rapid cooling and finally disappears for extremely fast chill castings. 
In view of the cooling-rate factor, the casting temperature of the metal, 

References are at the end of the paper. 
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the mold temperature, volume and shape are obviously of considerable 
importance. Other variables will be considered in the discussion of the 
experimental results obtained in this paper. 

It is not proposed to make an exhaustive and critical review of the 
-literature on the subject, since this has been adequately done in several 
recent articles, notably those by Masing 7 ’ 8 and Genders 9 . The several 
proposed theories of inverse segregation will be reviewed briefly with a 
view to establishing a basis for further discussion. 

Ludwig-Soret Effect — The existence of a temperature gradient in a 
liquid solution of two components should result, according to Benedicks 10 
and Smith 11 , in a composition gradient with the solute atoms concentrated 
in the cooler portion of the system. The Ludwig-Soret effect, theoret- 
ically admissible and experimentally found in aqueous solutions, requires 
considerable time for atomic movements as well as am absence of agita- 
tion. Even under these favorable conditions, Hanson 12 failed to find 
the effect in low-melting alloys, and there seems to be no reason for 
believing that this factor operates in any of the common examples of 
inverse segregation. 

Undercooling . — Masing 13 first proposed that severe undercooling of a 
liquid solution to a temperature well below the normal solidus would 
result in inverse segregation, since the first crystals formed would theo- 
retically have a solute concentration greater than that of the melt. 
Genders 9 and others have shown that while undercooling undoubtedly 
decreases normal segregation it cannot cause an “inverse coring” effect 
because in even a metastable alloy system the liquidus must be above 
the solidus. 

Movement of Primary Crystals . — Some interesting experiments by 
Watson 14 have shown that primary crystals in a melt may be strongly 
repelled, even against the force of gravity, by the chilling action of a 
eold wall. Watson suggests that in a liquid solution, the first crystals 
formed, lower in solute atom concentration, are repelled towards the 
center of a casting while the enriched liquid flows outward. This effect 
is most interesting and probably operates in special cases, but is not 
applicable as a general explanation. The first dendrites or crystals 
formed at a cold mold wall quickly become interconnected and fixed, 
otherwise it would be impossible to make slush castings. 

Outward Displacement of Enriched Liquid after Solidification Has 
Begun . — Generally solidification begins with the growth of dendrites 
from the cold wall of the mold into the cooling liquid. The dendrites 
are necessarily below the solidus temperature for crystals of their compo- 
sition while the liquid phase may be just at or above this temperature. 
Interdendritic channels must exist, probably up to a point near the 
surface of the casting. Although it is generally conceded that the 
remaining liquid, enriched in solute atoms, flows through the dendritic 
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channels towards the surface of the casting, resulting in a higher average 
solute concentration at or near the surface, considerable difference of 
opinion exists as to the dominant cause for the flow. Possible forces 
acting in this direction are, according to Masing and Scheuer 7 : 

1. Gas Pressure.— Genders 9 first pointed out that during solidifica- 
tion of a melt, the residual liquid is continually enriched in the dissolved 
gas content as well as in solute atoms. At a late stage in the solidification 
process, the internal pressure of the supersaturated solution suddenly 
causes an evolution of gas in the form of bubbles. The hydrostatic 
pressure of the gas bubbles forces the liquid out through the interdendritic 
channels, leaving pores or cavities at the center of the casting. Masing 
suggests that gas pressure is the predominating influence accounting for 
segregates of the exudation type or for inverse segregation on slow 
cooling (Fig. 1). Allen 15 * 16 , while accepting the gas-pressure effect, 
ascribes equal importance to contraction pressure. It should be men- 
tioned in this connection that whereas Hoehne 17 and Claus and Bauer 18 * 19 

found that hydrogen definitely in- 
creased inverse segregation in a Cu-Sn 
bronze, Fraenkel 20 found that degas- 
sing in a vacuum did not eliminate the 
effect in zinc-copper or aluminum- 
copper alloys. Also, Archbutt 21 found 
inverse segregation in the shell (about 
0.5 in. thick) of slush castings of alu- 
minum-copper from which the liquid 
core was drained. It is obvious that 
gas pressure is not a universal 
explanation. 

2. Contraction Pressure. — Con- 

traction of the solid shell of a cast- 
ing on the liquid core has been 
favored by Price and Phillips 22 and 
by Kiihnel 23 as an explanation of the 
effect. However, as pointed out by 
Genders 9 , liquids have a higher con- 
traction rate in general than do solids. Also, the evidence of Archbutt 21 
is not consistent with this theory. Finally, Masing 8 has, by calculations, 
shown that the effect must be very small, particularly on slow cooling. 

3. Crystal Thrust. — The experiments of Iokibe 2 * 24 have shown, as 
in Fig. 2, that there is a sharp maximum of expansion on solidification of 
zinc-copper alloys and a concurrent maximum in inverse segregation. 
The indicated dilation of these alloys is not real but apparent, since it 
results in a porous ingot. The expansion and porosity do not seem to be 
connected with gassing but rather with a sharp crystal thrust; i.e., 
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dendrites growing against one another and pushing the metal apart. 
As they push apart and open up interdendritic spaces, the residual liquid 
flows into the openings, preferably to the cooler outer zones of lowest 
energy, with a resultant inverse segregation. The crystal-thrust force 
here is comparable to the volume increase that occurs on hydration of 
calcium oxide, in spite of the fact that the hydroxide has a true volume 
less than the sum of the volumes of calcium oxide and water. The 
crystallization pressure may explain Watson’s 
results 14 , previously mentioned. This theory ^ 
operates only in specific cases, since Masing 7 ’ 25 \ 2T v 
has shown that antimony-bismuth alloys, although \ 
they expand on solidification without the formation ^ — \ 
of channels, show inverse segregation. \ 

4. “Lunker-effect. ” — Finally, the theory of the N 

cause supported by Masing 7 as dominant particu- ^ S; 

larly on rapid cooling segregation (Fig. 1), is \ 
termed by him the “Lunker-effect.” He suggests V ^ 

that suction results from the freezing contraction A 

in the dendritic solidifying zone. Employing nu- \ \ 

merous simplifying assumptions, and with only V 

approximations for many important factors, Masing \\ N 

nevertheless calculated the extent of inverse \ \ 

segregation possible on this basis. He found that in V 

aluminum-copper, silver-copper and zinc-copper \\ \ 

alloys the calculated values were from 34 to 200 \ \ 

per cent of the actual observed segregation. This 
agreement is not unsatisfactory in view of the many s\ 

uncertainties involved in the calculations and the \ 
probability that some other factors might influence S\ 

the dominant force. Vs V 


Experimental Methods s^\ ^ 

The specimens to be discussed were all obtained gg E nI 

under experimental conditions that, although in no 
way unique, should be described in some detail as 
essential for proper evaluation of the data. Alu- x\v\j^xNS 
minum-base alloys were melted and alloyed in a 
gas-fired muffle under a somewhat oxidizing atmos- Fia 3.— Casting mold. 
phere, while copper-base and silver-base alloys 
were melted in a high-frequency furnace under dried charcoal. Melting 
crucibles were of pure Acheson graphite and the casting molds shown in 
Fig. 3 were of the same material. 

The single-crystal furnace was a vertical 3-in. alundum tube, 24 in. 
long, wound with Kanthal resistor ribbon, capable of operating at tern- 
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peratures up to 1300° C. The furnace was adequately thermally 
insulated. A pure nickel seamless tube ran through it, extending to 
16 in. below the hot zone, with a connection enabling any chosen gaseous 
atmosphere to be maintained within the furnace. The top of the nickel 
tube was closed with a clay plug having a %-in. hole. The graphite 
specimen mold was suspended by a nichrome ribbon, which extended 
through the clay plug up to the lowering mechanism. The lowering 
mechanism, separate from the furnace, consisted of an electric motor 
with suitable gear reductions, which permitted the crucible to be lowered 
at rates of from to 12 in. per hour. Generally the single-crystal mold 
was suspended in the furnace and maintained at the operating tempera- 
ture while the alloy was separately melted and vigorously stirred. The 
metal was poured into the hot mold, held for an hour to attain tempera- 
ture equilibrium, and then lowered at the desired rate. Specific varia- 
tions from this procedure will be described as occasions arise. 

Data are presented in the form of chemical analyses, density deter- 
minations and photomicrographs. Analyses usually were for one element 
only, since all alloys were binary and melted from metals of the following 
purities: Aluminum, 99.95 per cent; copper, 99.99; silver, 99.99; mag- 
nesium, 99.5; tin, 99.5; silicon, 99.0; manganese, 98.5. Customary 
analytical procedures were followed throughout, employing electrolytic 
methods where possible. 

The method of sampling for chemical analyses was usually to cut a 
slice from the specimen, of such thickness that the entire cross section 
could be used as a sample. This was necessitated by the fact that some 
alloys were of two phases, one brittle and one ductile. It was impossible 
to obtain representative samples from drillings or millings from such 
material. Generally samples were taken from aluminum alloys as 
marked in Fig. 3. Copper alloys were analyzed by taking one slice from 
sections 3 B and 3 T and dividing the sample into triplicate parts. 

The density values were determined with a setup used normally for 
precision work; i.e., weighing in carefully standardized alcohol with an 
anodized platinum-wire suspension. 

Gravity Segregation on Melting 

Aluminum containing about 5 per cent copper was melted, stirred, 
cast in the hot graphite mold and solidified by immersing the bottom of 
the mold in cold water. Under these conditions, solidification took place 
from the bottom upward and with correct metal and mold temperatures, 
resulted in a perfectly homogeneous, fine-grained slug with a flat top 
(spec. 1, Table 1). Solidification was generally complete in about two 
minutes. The slug was then quietly remelted (without any agitation or ' 
stirring) in the single-crystal furnace and lowered at the chosen rate. 
The resultant single crystal was found to be greatly enriched in copper 
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at the bottom, where solidification started, rather than at the top (spec. 2, 
Table 1). Similar results were obtained when after the homogeneous 
slug had been quietly remelted, it was solidified rapidly from the bottom 
in water (spec. 9, 10). 

Table 1 . — Gravity Segregation in Alloys Melted Quietly and without 
Agitation in Furnace at 750° C. 


Specimen 
No. ' 


Alloy 

Nominal 
Concen- ' 
t ration, 
Wt. Per 
Cent 

Remelt 

Cooling Rate, 
In. per Hr. 

Analyses, Per Cent (See Fig. 3J 

Top 


Bottom 

IT 

2 T 

3 T 

4T 


4£ 

ZB 

2B 

Tip 

Al-Cu 

5 0 

None 

Water-cooled 


5 08 

5.09 


5.08 


5 08 

5 09 


Al-Cu 

5 0 

Once 

H in s.c * 


4 56 

4 60 




6 37 

6 51 


Al-Cu ’ 

5 0 

Twice 

in. s.c * 


4 26 

4.28 




5 96 

6.02 


Al-Cu 

5.0 

Once 

in s.c. 

4.8 2 

4 84 

4 84 


4 36 


6 10 

6.15 


Al-Cu 

5 0 

Once 

H in s.c 

4 39 

4 40 

4 62 

4.83 


5 44 

5 70 

5.76 


Al-Cu 

5 0 

Thrice 

)>£ in. s.c. 

3 69 

3 53 

3 62 

3.88 


6 83 

7 37 

7.65 


Al-Cu 

5 0 

Thnce 

M in. s.c. 

3 50 

3 68 

3 74 

3.73 


7 48 

8 05 

8.17 

8.44 

Al-Cu 

5 0 

Thrice 

2 m. s.o. 

3 69 

3 74 

3.74 

3.75 

4 40 

6.07 

6 26 

6 58 



5 0 

Thnce 

Water-cooled 

4 08 

4.28 

4.66 


4 65 


7.16 

8.14 

10.14 


5 0 

Thnce 

Water-cooled 

3 91 

3 94 


4 20 



7.73 

9.42 

11.46 

Al-Cu 

5 0 

Thnce 

Water-cooled 6 

4 01 

4 06 

4 16 

4 16 


6 48 

6.67 

7 06 

7 40 

Al-Cu 

2 5 

Thnce 

H m. s c. 

1 99 

2 05 

2 07 



2.77 

2.80 

2 87 

2 87 

Al-Cu 

2 5 

Thnce 

H in s.o. 

1 88 

1.93 

1.96 

1 98 


2 90 

2.96 

3 00 

3.22 

Al-Cu 

2 5 

Thnce 

>2 m. 8 c. 

2 13 

2.18 

2 08 




2.78 

2 77 

2 90 

Al-Cu 

2 0 

Thrice 

Water-cooled 

1 19 

1 34 

1 67 




2 09 

2 27 

2.43 

Cu-Si 

6 5 

a 

1 in. s.c. 

6 68 

6.54 

6 58 



6.01 

6 03 

5.96 


Cu-Si 

6 5 

Once 

1 m. s.c. 

7 04 

6.86 

6 88 



6.16 

6.18 

6.15 



1 

2 

3 

4 

5 

6 

7 

8 
9 

10 

11 

12 

13 

14 

15 

16 
17 


° The alloy only partly solidified in the furnace and then remelted quietly. 

b s.c. designates single crystal and while all specimens so marked were not perfect single crystals, they 
generally approached that condition. 

0 This specimen was held quiet and entirely molten at 750° C. for 12 hr. before freezing. 


It is evident that the segregation took place on melting rather than on 
solidification. On relatively slow heating through the range between 
solidus and liquidus, the first liquid formed is naturally rich in copper. 
At a certain stage in this temperature range, the heavier copper-rich 
solution tends to sink in the mold and eventually there are free grain 
particles low in copper, which tend to rise and float in the solution. By 
remelting twice more without stirring, it was possible to raise the copper 
content of the bottom of a slug from 5 to 11.5 per cent copper, while the 
top might be 3.9 per cent copper (spec. 10, Table 1). A similar gravity 
segregation on melting was found in the copper-silicon alloys (Fig. 4, 
also spec. 16 and 17, Table 1). 


Diffusion in Molten Allots % 

It is usually thought that the thermal activity of molten alloys is 
great enough to enable rapid diffusion in this state. However, specimen 
11 of Table 1, otherwise comparable to specimens 9 and 10, indicates that 
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in 12 hr. at 750° C. diffusion to a homogeneous liquid is far from complete. 
In a further experiment on the liquid diffusion in aluminum-copper alloys, 
a composite rod was cast in the single-crystal graphite mold with the 
lower half of pure aluminum-copper eutectic alloy containing 33 per cent 
copper. The top half was pure aluminum and the interface was clean 
and free from oxide. The rod was quietly melted and held at 725° for 



Fig. 4. — Copper-silicon alloy showing lines op original solid solution den- 
drites (top, right) with filling of silicon-rich solution. 

20 hr. It was then lowered at 8 in. per hour and subsequently analyzed. 
The results are shown in Fig. 5. 

Normal Segregation 

A consideration of the freezing process based on the conventional 
constitutional diagram for systems showing limited solid solubility (and 
consequently a range of solidification temperatures between liquidus and 



Fig. 5. — Diffusion in aluminum-copper alloy. 


solidus lines), naturally suggests segregation of the “normal” type. 
Furthermore, knowing that equilibrium between melt and solid is not 
attained by diffusion in the time available even during the slow cooling 
of single crystals, it might reasonably be expected that a homogeneous 
liquid, when formed into a single crystal, would show a vertical coring 
effect or normal segregation. As a matter of fact, the following alloys 
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did show normal segregation or coring in single crystals: Al-20 per cent 
Zn, 0 Al-Cu(CuAI 2 ), Al-6 per cent Mg, £ Al-Mg(Mg 2 Al 3 or MgsAlg), 
Cu-7.5 per cent Al, Cu-12.0 per cent Mn, Ag-8 per cent Cu. (Here 
and elsewhere in the paper, when referring to solid solution alloys, the sol- 
vent metal is given first.) As indicated in Table 2, the segregation in all 
cases was relatively small. In two cases, the aluminum-magnesium and 
the aluminum-zinc alloys, it is probable that the segregation would have 
been considerably greater had it not been for the volatility of the solute 
metals, magnesium and zinc. Some magnesium or zinc continued to 
distill from the molten top of the specimen during the lowering of the 
melt, thus reducing the degree of segregation. The distillation of mag- 
nesium resulted in a concave top of the specimen, clearly showing the 



(«) (« 

Fig 6. — Normal segregation: (a) Aluminum with 5 per cent magnesium; (&) 
ALUMINUM WITH 1.0 PER CENT MAGNESIUM. X 2. 


dendrite axes with nearly idiomorphic crystalline faces (Fig. 6). Usually 
above this clean face was a large void topped by successive layers of 
aluminum and magnesium oxides lifted by the vapor pressure of the 
distilling magnesium. 

Density determinations on sections from the rods were made as cast and 
after 50 per cent cold reduction with the purpose of determining the extent 
of porosity in the rods. The data show in general a slight amount of 
porosity in the top of each rod while very little or none is found at the 
bottom where feeding is complete. 

Some of these alloys that showed slight normal segregation on 
extremely slow cooling formed homogeneous rods on rapid cooling from 
the bottom in water. The analytical results are detailed in Table 3. 
The copper-silicon alloys showed no segregation on either rapid or 
slow cooling. 





322 SEGREGATION IN SINGLE CRYSTALS OF SOLID SOLUTION ALLOYS 


Table 2. — Alloys Showing Normal Segregation from Homogeneous 
Liquid When Made into Single Crystals 
Analyses Average of Triplicates from Positions 37* and SB (Pig. 3) 


Speci- 

men 

No. 

Alloy 

Solute 
Nominal 
Concen- 
tration, 
Per Cent 

Furnace 

Atmos- 

phere 

Furnace 
Tem- 
perature, 
Deg. C. 

Lower 
Rate, 
In. per 
Hr. 

Analyses, 
Per Cent 

Density, D 

D (Rolled 

50 Per Cent) 

Top 




Top 

Bottom 

IS 

Al-Mg 

2 0 

Air 

700 

X 

1 

0 74 

2.686 

2 689 

2.686 

2.691 

19 

Al-Mg 

11.0 

Air 

700 

X 

EtS 

5 59 

2.596 

2.629 

2.628 

2.631 

20 

0 (Al-Mg) 

37 6 

Vacuum 

600 


32 81 

30 75 





21 

£( Al-Mg) 

41 0 

Dry Ns 

600 

2 

43.76 

41 08 





22 

Al-Zn 

20.0 

Air 

700 

X 

10.47 

18 89 





23 

Al-Zn 

15.0 

Dry Ns 

700 

1 

14 98 

14.78 





24 

0(AliCu)° 

52.0 


700 

1 

51.57 

52.40 

4.237 

4 267 



25 

Ag-Cu 

6.0 

Air 

1000 

V2 

6 38 

5.89 





26 

Ag-Cu 

6.0 

Air 

1000 


6 45 






27 

Ag-Cu 

6.0 

Air 

1000 

>2 

7 65 

6 35 





28 

Ag-Cu 

8.0 

City gas 

1000 

1 

8 30 

8 25 





29 

Ag-Cu 

8.0 

Dry N* 

■ 

1 

8.75 

7 83 

9.318 

9 347 

9.319 

9.336 

30 

Cu-Al- 

7.5 

Dry Ns 

1100 

1 

7 81 

7.48 

7.819 

7.853 



31 

Cu-Mn 

12.0 

Dry Ns 

1100 

1 

12 65 

11 98 

8 396 

8.421 

8.407 

8 426 


* These were the only complete single crystals. Others usually had one dominant crystal with 
several smaller ones present. 


Inverse Segregation 

It was rather surprising to find a pronounced inverse segregation in 
some solid solution alloys when they were allowed to solidify into single 
crystals. The tendency in this direction was most pronounced in the 
case of aluminum-copper and copper-silver alloys. Table 4 shows data 

Table 3. — Alloys Showing No Segregation from Homogeneous Liquid 
When Cooled as Indicated 


Specimen 

No- 

Alloy 

Cooling 

Analyses, Wt. 
Per Cent Solute 

Density, D 

D (Rolled 

50 Per Cent) 

Segre- 

gation, 

Slow 

Cooling 

Top 

Bottom 

Top 

Bottom 

Top 

Bottom 

32 

Ag-Cu 

Water 

8.02 

8.02 





Normal 

33 

Cu-AI i 

Water 

6.57 

6.57 





Normal 

34 

Cu-Al 

Water 

' 7.27 

7.16 

7.844 

7.906 

7.903 

7.904 

Normal 

35 

Cu-Si 

Water 

5.93 

5.88 

8 224 

8.251 



None 

36 

Cu-Si 

s.o. 1 in. per hr. 

4.63 

4.63 

8.409 

8.405 

8.406 

8.406 



on several specimens. All of these alloys were melted under similar 
conditions using pure metals (except for a few heats of commercial 
aluminum with copper), pure- graphite crucibles and molds and with a 
dry nitrogen atmosphere maintained in the single-crystal furnace. In 
some cases, to thoroughly degas the metal it was held molten under a 
vacuum of one micron for an hour before placing in the single-crystal 
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furnace. It seems very unlikely that gas pressure could be the factor 
responsible for the inverse segregation. Under the conditions employed 
in forming the single crystals, no large internal gas pressure was possible 
because all bubbles would have time (and be free) to rise through the still 
molten upper part of the melt. The gas-pressure explanation proposed 
by Genders and applied by Masing to most cases of inverse segregation on 
slow cooling is apparently not applicable in this particular case. 


Table 4. — Inverse Segregation in Several Solid Solution Alloy Rods 
Made from Homogeneous Liquid Solutions 


Specimen 

No. 

Alloy 

Lower 
Rate, 
In per 
Hr. 

Analyses, Wt. Per 
Cent Solute (Fig. 3) 

Density, D 

D (Rolled 

50 Per Cent) 

IT 

2 T 

2B 

IB 

Top 

Bottom 

Top 

Bottom 

37 

Al-Cu 

H 

2.21 

2 23 

2.27 

2.30 





38 

Al-Cu® 


4.42 

4.45 

5.00 

5.04 





39 

Al-Cu® 


4.34 

4.44 

4.80 

4.80 





40 

Al-Cu 

& 

5.05 

5.11 

5.60 

5.08 

2.801 

2.812 

2.796 

2.799 

41 

Al-Cu 

V* 

5.15 

5.16 

5.70 

5.73 

2.803 

2.811 

(above, speci- 

42 

Al-Cu 

K 

5.21 

5.26 

5.50 

5 53 

2.797 

2 811 

mens heat- 

43 

Al-Cu 

2 

5.12 

5.20 

5.66 

5.73 



treated for 

44 

Al-Cu* 

8 

5.44 



6.21 



rolling) 

45 

Al-Cu* 

| Water 

5.44 



5.73 





46 

Al-Cu* 

1 

(5.40 



6 04 






Al-Cu (Fe content) 


(0.44 



0.47 






Al-Cu (Si content) 


(0.33 



0.36 






Al-Cu (Mn content) 


(0.04 



0.02 





47 

Al-Cu 

1 

15.11 

15.18 

16.92 

16.84 


1 



48 

Al-Cu 

Water 

15.54 

15.75 

16.59 

16.66 





49 

Al-Cu 

1 

32.73 

32.76 

32.93 

32.98 

3.515 

3.520 



50 

Cu-Ag 

y< 

8.19 

8 52 





51 

Cu-Ag 

i 

7.56 

8.90 

8.785 

9.030 

8.944 

9.046 

52 

Cu-Sn 

i 

9.38 

9.84 





53 

Cu-Sn 

i 

12.62 

12.77 

8.916 

8 923 



54 

Cu-Sn 

Water 

8.56 

9.43 

8.632 

8.902 

(cracked) 


a Melted and stirred under vaouum. 

* Used commercial aluminum, 99.0 per cent. 


The conditions prevailing during solidification of the single crystals, 
sketched in Fig. 7, seem to preclude the acceptance of most of the theories 
of inverse segregation, certainly in explaining the mechanism of segre- 
gation in single crystals. The maimer of freezing the specimens elimi- 
nates the possibility of a contraction pressure originating in the external 
layers of the rod. At any stage in the freezing, there is a relatively 
solid portion at a temperature below the solidus, and above that a 
certain height of dendrites growing into the melt. The primary dendrites 
in most specimens probably extended up an inch or more into the liquid 
solution. At any horizontal level within this zone, the solid and liquid 
phases coexist at substantially the same temperature. In other words, a 
temperature gradient probably existed only along the vertical axis of the 
single-crystal rods. 
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Although most of the alloy compositions were theoretically single- 
phase solid solutions at temperatures just under the solidus, the rate of 
diffusion was too slow to attain equilibrium conditions even during the 
relatively slow cooling of the alloys. Practically all alloys showed two 
phases when examined micrographically (Figs. 8 to 11). This condition 
may be explained on the basis that the solidification and contraction of 
the dendrites leads to the opening of interdendritic channels. Conse- 
quently, feeding into these channels with liquid enriched in the solute 
element would be possible for a considerable time interval after the 
bottom portion of the rod had cooled below the nominal solidus tempera- 
ture. The presence of a second phase at the lower end of a single- 
crystal rod is rather positive evidence 
that a liquid considerably richer in 
solute atoms than the original melt has 
Liquid us filled the interdendritic channels at a 
temperature below the normal solidus 
temperature for the given composition. 

Masing 7 used a very much simplified 
equation to calculate the segregation 
possible on the basis of zero diffusion 
and adequate feeding of contraction 
cavities. Letting Ac represent the con- 
centration difference between top and 
bottom, s the volume change on freez- 
ing, c' the concentration of the liquid 
phase at a temperature midway between 
Midas solidus and liquidus and c 0 the initial 
solute concentration, Masing suggests: 

Cidectic Ac ” s ^ c ' <*>)« ^his basis, the 
aluminum-copper alloys should give 

Contraction Channels about 0.7 per cent copper inverse 

Fig. 7. — Conditions prevailing segregation, which is approximately 
crtot als 80LTDIFIC ATI0N OF BINGLE the maximum result found experimen- 
tally. It can be assumed that the 
assumptions used in setting up the equation were experimentally 
approximated. 

The microstructural examinations and density determinations were 
made with the hope of obtaining further confirmation of this viewpoint. 
Porosity generally occurred at points where the second phase was con- 
centrated ; i.e., at the places last to freeze, as would be expected. From 
the structural characteristics of the openings, they appeared to be 
contraction cavities rather than gas bubbles. It was hoped that density 
figures on the cast material supplemented by further data on the material 
after rolling (to completely eliminate the pores) would furnish data on 
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the relative degree of porosity. However, other troublesome complica- 
tions arising from structural and composition differences, and particularly 
the formation of cracks during rolling, etc., made it impossible to rely 



Figs. 8-11. — Two phases in solid solution alloys. Bottoms op single crystals 
Fig. 8. Specimen 24, 0(CuAl s ). Fig. 10. Specimen 17, Cu-6.5 per cent Si. 

Fig. 9. Specimen 51, Cu-8 per cent Ag. Fig. 11. Specimen 36, Cu-4.6 per cent Si. 
Original magnification 150; reduced in reproduction. 


on the density data for more than a qualitative estimate of porosity. In 
general, it appears that the porosity is greater at the top of the single 
crystal than at the bottom, presumably resulting from the absence of any 
residual liquid to feed the contraction cavities. 
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Masing’s curve (Fig. 1) for inverse segregation shows two maxima, of 
which Masing attributes one, on slow cooling, to gas pressure and the 
other, on rapid cooling, to interdendntic flow. The data in Table 4 
show but one maximum in aluminum-copper alloys for the six different 
cooling speeds employed (Fig. 12). 

It is interesting that in the commercial aluminum-copper alloy 
specimen (No. 46, Table 4), iron and silicon segregate inversely in nearly 
the same prpportion as does the copper. It is known that these three 
elements with aluminum form a low-melting quaternary eutectic. 
Manganese, which is present in small quantities, apparently does not 
enter the eutectic, since it segregated normally. Similar results on the 
iron, silicon and manganese segregation were obtained on five other 
comparable rods. 

The interpretation of the results obtained on single-crystal rods may 
not apply generally, since the particular cir6umstances controlling 



Fig. 12. — Inverse segregation in altjminum-copper alloys. 

Solid lines, pure alloys; dashed line, commercial alloys. 

solidification of the rods were peculiar to the present work. It might be 
expected that the temperature gradient of the single-crystal furnace 
would affect the results, because it would change the length of the freezing 
zone (Fig. 11) and perhaps thereby the length of the interdendritic 
channels. Another factor might well influence the segregation; namely, 
the viscosity of the liquid feeding the channels. No work was done along 
this line except the use of commercial aluminum-copper alloys containing 
iron and silicon contrasted with pure al umi num-copper melts. Both 
alloys showed nearly the same maximum segregation of copper, although 
the viscosity of the feeding liquid may have differed somewhat. It is 
probable, however, that the lower melting point of the quaternary 
eutectic liquid in the commercial al uminum alloy permitted feeding on 
even rapid cooling and hence inverse segregation (Fig. 12). 

General Remarks 

The results of the present work on solid solution alloys may be qualita- 
tively summarized as in Table 5. 
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With the experimental conditions employed in this work, it is possible 
to explain inverse segregation of aluminum-copper alloys on the basis of 
slow solid diffusion of copper together with a flow of enriched liquid into 
interdendritic contraction channels. The absence of noticeable segrega- 
tion on very rapid cooling may be explained on the basis that the channels 
were too cold to permit the residual liquid to enter. The decreased segre- 
gation on very slow cooling may be attributed to the more complete 
diffusion. The absence of segregation, as in copper-silicon alloys, may 
also be caused by a more rapid diffusion of solute atoms, which makes the 
feeding liquid less rich in the second element. Since a second phase was 
observed in the bottom of the copper-silicon alloys, it is certain that feed- 
ing had occurred with a somewhat enriched liquid phase. 


Table 5. — Summary of Results 


Alloy 

Segregation 

Solvent 

Solute 

Slow Cooling 

Fast Cooling 

Melting 

A1 

Cu 

Inverse 

None 

Gravity 

A1 

Mg 

Normal 



AI 

Zn 

Normal 



Cu 

Ag 

Inverse 



Cu 

Al 

Normal 

'Tone 


Cu 

Mn 

Normal 



Cu 

Si 

None 

None 

Gravity 

Cu 

Sn 

Inverse 

Inverse 


Ag 

Ou 

Normal 

None 



Some of the data included in the tables do not appear to support the 
viewpoint that has been expressed regarding the causes of segregation. 
Probably no simple fundamental statement can be made that will 
properly account for all known cases of segregation. In order to obtain a 
clear picture of the mechanism of segregation, it is necessary to know, and 
to properly evaluate, the many variables playing a part in the involved 
processes associated with the solidification and cooling of a solid solution 
alloy. It is evident that, whatever may be the chief motivating force 
directed toward segregation, the net results in many cases may be the 
sum total effect of modifying factors, such as internal gas and external 
shrinkage pressures, crystallization pressures, inherent variables such as 
volatility of one component, viscosity of the liquid phase, relative atomic 
sizes and melting points, extent of freezing range, diffusional character- 
istics, and so forth. 


Summary 

1. A special case of gravity segregation was found during the 
melting of solid solution alloys. It occurs upon heating through the 
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solidus-liquidus range when the two component elements differ greatly 
in density. 

2. Segregation during slow solidification along a vertical temperature 
gradient was studied in numerous aluminum-base and copper-base binary 
solid solution alloys. It is believed that under conditions eliminating gas 
and contraction pressures, the results show that interdendritic feeding 
took place in practically all specimens. Whether this feeding overcomes 
the natural tendency towards normal segregation or coring depends to a 
large extent on the diffusion rate of the solute element and the tempera- 
ture conditions along the dendritic contraction channels. 

3. The above basic factors are generally modified in ordinary practice 
by external casting variables and inherent alloy peculiarities. 
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DISCUSSION 

{Georg Sachs presiding) 

G. Sachs, * Newark, N. J. — These investigations by Phillips and Brick are perhaps 
the first step toward solving some of the problems of segregation m cast ingots using 
definite and exact conditions. Previous experimental work has not fully succeeded, 
as far as I know, in creating conditions that can be completely overlooked. They 
apparently have not realized that the casting process has at least two phases: filling 
the mold and solidifying of the material (that which was not solidified during the first 
phase and filling the pipe in the mold). I think the experimental conditions used by 
the authors do avoid these difficulties and therefore they show perhaps more clearly 
results that can never be obtamed in practical work, the real features of the process 
of segregation. 

Another interesting point in this paper is that the aluminum alloys show a most 
pronounced segregation, as they really do in practice. 

F. N. B-hines, t Pittsburgh, Pa. — The most striking feature of this investigation lies 
in the almost insignificant magnitude of the normal and inverse segregation effects 
observed. Perhaps this is chiefly a result of the method of sampling, and much larger 
concentration differences might have been found had the analytical samples been 
drawn from smaller zones. Certainly segregation of a much larger order of magnitude 
is frequently encountered in aluminum-copper and copper-tm alloys, and I question 
whether any great difference could exiBt between smgle and polycrystallme ingots in 
this respect. 

The authors have found the rate of diffusion of copper in molten aluminum to be 
small compared to that which would be required to transfer large quantities of copper 
from one end to the other of an ingot several inches in length within a period of a few 
hours. It would seem, therefore, that extensive segregation of the normal type could 
be expected to involve only a relatively small volume of metal unless the rate of cooling 
was excessively slow, for the mechanism of normal segregation must be mainly one of 
diffusion. Similarly, the accumulation of low-melting material under physical condi- 
tions ultimately leading to inverse segregation could hardly be expected to occur in 
masses of a size comparable to the size of the ingot itself, but rather in small and widely 
distributed regions. Thus the true magnitude of the segregation effects could be 
detected only by taking small samples within more limited zones. For example, the 
skin of the aluminum-copper ingot should be much higher in copper than the metal 
just inside if inverse segregation has occurred. 

L. W. KBMPF,t Cleveland, Ohio. — There is just one thing that has been bothering 
me during the presentation of the two papers by Phillips and Brick; that is why com- 
mercial ingots of our alloys containing magnesium do not act as they are supposed 
to. Actually, under some conditions, we do get inverse segregation in aluminum- 
magnesium alloy ingots. 

* Baker & Co., Inc. 

t Assistant Professor of Metallurgy, Carnegie Institute of Technology. 

t Aluminum Research Laboratories. 
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A. Phillips and R. M. Beick (written discussion). — The fact that commer- 
cial ingots of aluminum-magnesium alloys show inverse segregation, as Mr. Kempf 
remarks, is not necessarily contradictory to the absence of such segregation in single 
crystals. The conditions employed in the present work were chosen to eliminate 
many variables and concentrate on a linear temperature gradient effect. The results 
may be misleading in systems, such as the aluminum-magnesium alloys, where one 
component is relatively volatile. 

One or two remarks by Dr. Rhines may be somewhat misleading — for example, 
when it is stated that “the mechanism of normal segregation must be mainly one of 
diffusion.” It seems probable that very slow or incomplete diffusion is the chief 
factor m normal segregation. Also m the present work, it was found that the skin of 
aluminum-copper ingots was not richer in copper than the metal just inside. The 
segregation effects were along a vertical axis only, probably resulting from the presence 
of a temperature gradient along a vertical axis with nearly uniform temperature condi- 
tions from skin to center of transverse sections of single crystals. There is no doubt, 
of course, that local microscopic segregations of considerable magnitude occur as 
suggested by Dr. Rhines. Even during single-crystal formation, diffusion is too slow 
to form a homogeneous solid solution and localized areas of compound, rich in the 
solute alloy element, are formed. 



Diffusion of Copper and Magnesium into Aluminum 

By R. M. Brick* and Arthur Phillips,! Members A.I.M.E. 

(New York Meeting, February, 1937) 

The Institute of Metals Division Lecture in 1936, given by R. F. Mehl, 
on diffusion in solid metals 1 , was introduced with the statement that 
“the phenomena of diffusion are intimately related to many basic prob- 
lems of the metallic state, but in addition to this the process of diffusion 
is of first importance practically.” In view of the scope of that lecture, 
it does not seem necessary to review the importance, history or present 
status of diffusion problems. 

One aspect of the subject of diffusion that has received little attention 
became of some immediate importance in the course of a study on segrega- 
tion. When a solid solution alloy freezes, the familiar mechanism of 
solidification requires that the first nuclei formed be low in solute con- 
centration, with a resultant normal segregation or coring effect during 
freezing. Theoretically, diffusion of solute atoms during solidification 
should result in a homogeneous solid solution. Actually, of course, it is 
impossible in most binary alloys to obtain a cooling rate that will permit 
diffusion to eliminate coring in the freezing dendrites. For a given 
alloy, the extent of diffusion attained up to the point of final solidification 
will determine the degree of enrichment in solute atoms of the final liquid 
phase. The flow of this liquid into dendritic contraction channels and 
the solute concentration of the liquid seem to be the determining factors 
as to whether the final gross segregation is normal, inverse or absent. 

The purpose of the present study of diffusion was to determine to some 
extent the separate diffusion rates of copper and magnesium into pure 
aluminum with a view to clarifying previous results on segregation in 
these alloys; i.e., the fact that under similar freezing conditions aluminum- 
copper alloys segregate inversely and aluminum-magnesium alloys segre- 
gate normally. Of concomitant interest were the questions of the 
homogenization times required for segregated ingots or partially melted, 
i.e., “burnt,” structures, and the solution heat-treatment times required 
for cast, hardenable aluminum-copper and aluminum-magnesium alloys, 
for worked and annealed structures, and so forth. 

Manuscript received at the office of the Institute Dec. 21, 1936. 

* Research Assistant in Metallurgy, Hammond Laboratory, Yale University, New 
Haven, Conn. 

t Professor of Metallurgy, Hammond Laboratory, Yale University, 

1 References are at the end of the paper. 
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The diffusion data on aluminum-copper alloys are meager and unre- 
liable. Burkhardt and Sachs 2 studied the diffusion of copper from 
aluminum-copper (Lautal) alloys into a pure aluminum coating (e.g., 
Alclad 24S alloy). They used X-ray lattice-parameter measurements to 
determine the depth of diffusion but did not express their results in the 
form of diffusion coefficients. Freche 3 studied the diffusion of magnesium 
on a similar Alclad sample, although in the specimen of the binary mag- 
nesium-aluminum diffusion the alloy core was far from being saturated 
in magnesium at the interface during diffusion. In this work, the depth- 
concentration relations in the diffusion zone were determined spectro- 
graphically. Two studies 4 * 6 of the diffusion of copper into aluminum have 
been made employing aluminum with an electrodeposited coating of 
copper. Reliable diffusion coefficients were not obtained in either work. 

Experimental Methods 

When an alloy melt is cooled through the liquidus-solidus interval, 
homogeneity depends primarily on diffusion within the solid phase, not 
on diffusion at the liquid-solid interface. To establish conditions com- 
parable to those operating during the growth of crystal nuclei in a melt, 
and indeed to obtain diffusion data of any accuracy, it is necessary to 
have an absolutely clean interface. It is believed that this primary 
condition was obtained by the following method of specimen preparation. 

Rods of pure aluminum, H in. in diameter and for the most part 
rather fine grained, were cleaned and heated to 550° C. for copper-diffusion 
studies and to 455° C. for magnesium diffusion. In a separate graphite 
crucible, 1 in. in diameter and 9 in. long, aluminum-copper or aluminum- 
magnesium eutectic was melted and held at temperatures of 555° C. and 
455° C., respectively. The eutectic was covered with a molten flux of 
mixed chlorides and the hot aluminum rod inserted into the eutectic, first 
passing through the chloride flux. The flux probably dissolved most of 
the oxide film from the rod but, in addition, when held at slightly above 
the eutectic temperature equilibrium relationships demanded that a small 
amount of aluminum dissolve into the eutectic, thus leaving an absolutely 
clean diffusion interface. After agitation of the rod in the eutectic for 
a few minutes, the composite specimen (aluminum rod covered with a 
thick coating of eutectic) was chilled and solidified from the bottom. 
Examination of the specimens at this time showed that the initial diffu- 
sion zone was always less than 0.0005 centimeter. 

The actual diffusion process was performed by reheating the composite 
specimens at chosen temperatures for various times. The diffusion of 
copper into aluminum was studied at 540°, 490°, 440° and 400° C.; of 
magnesium, at 440°, 400° and 365° C. At the conclusion of the diffusion 
treatment, the concentration of solute atoms in the solid solution in con- 
tact with the eutectic was the saturation solubility value at the diffusion 
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temperature. The concentration of solute atoms decreased with increas- 
ing distance from this point into the solvent metal, aluminum. The exact 
change in concentration with distance was determined micrograpbically. 

The method depends on the known decrease in solid solubility of 
copper and magnesium, respectively, in pure aluminum. The National 
Metals Handbook lists the change of solubility of the two metals with 
temperature as follows: 



548° C 


451° C 


350° G 


250° C. 

200° C. 

Weight per cent Cu 

5 65“ 

4 1 

2 6 

1 5 

1 0 


0.6 

0 5 

Weight per cent Mg 



14 9“ 

11 5 

8.7 

6.4 

4 9 

2 9 


° Eutectic temperature. 


By reheating the diffusion specimens for relatively short times at tem- 
peratures below the actual diffusion temperature, 0 Cu-A1(CuA 1 2 ) or 
j3Mg-Al(Mg2Al* or Mg 6 AI s ) -was precipitated in areas where the solute 



a b c 

Fig. 1. — Typical diffusion zone precipitate structures in aluminum-magnesium 

SPECIMENS. 


concentration exceeded the solubility saturation value. The edge of 
the precipitated zone furthest from the eutectic was presumably at the 
saturation concentration limit. After reheating the specimens at the 
chosen precipitation temperature, they were polished, etched and exam- 
ined at a known magnification to determine the depth to which the 
specified concentration extended. Fig. 1 shows a typical series of 
diffusion zone precipitates for aluminum-magnesium specimens. 

Fig. 1 shows that the original interface between the eutectic and the 
pure aluminum was displaced during the diffusion process. Magnesium 
from the solid magnesium-aluminum eutectic formed a saturated solid 
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solution, which supplied magnesium atoms to be transported into the pure 
aluminum. An equal number of aluminum atoms diffused into the satu- 
rated solid solution and permitted more of the eutectic compound to go 
into solution. Thus the face of the eutectic did not remain at the original 
interface but was displaced outward. It was not always possible to see the 
original interface in the microstructure, although it was necessary to know 
its true position in calculating the diffusion coefficients. For this reason 
the specimens were polished before the diffusion heat-treatment, reference 
marks drilled in the structure and the distance from the marks to the 
true interface was determined. In this connection, the assumption is 
made that the interface does not actually move but that through it there 
is an equal interchange of solute and solvent atoms. 

The reheating of specimens for precipitation in the diffusion zone to 
determine depth-concentration relations will, of course, occasion some 
further diffusion. However, reheating at the higher temperatures was 
necessary for only a very short time as compared to the diffusion treat- 
ment at a still higher temperature. At the lower temperatures where 
reheating for relatively longer periods was necessary to clearly define the 
edge of the precipitate, diffusion was too slow to measurably influence the 
total depth of diffusion. The error occasioned by this factor is estimated 
in the next section. It should be remarked, however, that in most cases, 
the specimens were treated so as to approach equilibrium from both 
directions; i.e., precipitation from a supersaturated solid solution or 
partial solution in a completely precipitated structure. The copper- 
aluminum specimens were usually reheated at the successively decreasing 
temperatures of 490°, 440°, 350° and 250° C. and then were reheated at 
the same temperatures on a successively increasing scale. The data used 
to plot Figs. 2 and 3 were obtained in this manner, averaging the two 
diffusion-depth values obtained for a given concentration. 

Calculation of Diffusion Coefficients 
Copper 

The data (Fig. 2) for the diffusion of copper into aluminum and the 
known experimental methods show that the following limiting conditions 
were approximately true: 

Letting x — distance from interface in centimeters for a given 
c = atomic per cent copper, 

Co = saturation solubility of copper in atomic per cent at the 
diffusion temperature, 
t = time in seconds of diffusion, 

1. When x = oo (here the radius of the aluminum rod), c = 0. 

2. When t = 0, c = 0 for all values of x greater than 0. 

3. When x = 0, c = Co for all values of t. 
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Simply, these conditions state that diffusion did not proceed to the center 
of the rod, that there was zero diffusion at the start and that the interface 
always remained saturated with solute atoms. 



Fig. 2. — Depth-penetration (ob o-x) curves fob diffusion of copper into 

ALUM3ZN U M. 

1. 78 hr. at 440°. 4. 151 hr. at 490°. 

2. 185 hr. at 440°. 5. 32 hr. at 540°. 

3. 75 hr. at 490°. 6. 60 hr. at 540°. 


Mehl shows the following equation for the diffusion of solute atoms 
into a solvent lattice with the limits defined as above: 


c = 


= + 111 

The letter D represents the diffu- 
sion coefficient expressed in square | 
centimeters per second while 0 is § 
a quantity defined as the Gauss ^ 
error function, described in math- ^ 
ematical tables as the probability £ 
integral. Employing this equa- ^ 
tion in the same manner as ^ 
Freche, and using the data from 
the depth-concentration curves 
in Fig. 2, we have calculated the 
diffusion coefficients (Table 1). 

The diffusion equation does 



O JU .At jpJ 

Mistnce Am interact -centimeters 

Fig. 3. — D epth-penrtration (oe c-x) 

CURVES FOR THE DIFFUSION OF MAGNESIUM 
INTO ALUMINUM. 

•not provide for any variation of 1. 110 Iir. at 365°. 4. 110 hr. at 400°. 

t\ _!i , L _ ___ _ oifViAiKvVi 2. 158 hr. at 365°. 5. 60 hr. at 440°. 

D with concentration although 3 60 at 4 qqo_ 6 110 ^ at 440°. 

progressively changing values of 

D with increasing values of x have been found in many diffusion systems. 
In connection with the diffusion of copper into aluminum, errors in the 
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determination of D do not permit an evaluation of the relationship 
between D and c. 

It is known that the value of the diffusion coefficient is related to the 
temperature of diffusion by the exponential equation: 

_b_ 

D = Ae T [2] 

The logarithmic relationship between D and T is usually expressed 
by plotting the logarithm of D against the reciprocal of the abso- 
lute temperature. 


Table 1 . — Diffusion of Copper into Aluminum 



Diffusion 

Precipitation 












Co, 

Atomic 

Per 

Cent 

c, 

Atomic 

Per 

Cent 

Eutectic 
to Inter- 
face, 
Cm. 


2) 


Speci- 

men 

No. 

Time 

Hr 

Tem- 
per- 
ature, 
Deg C 

Time, 

Hr 

Tem- 
per- 
ature, 
Deg. C. 

X, Cm. 

Sq. Cm. 
per Sec 
X io-» 

Calcu- 

lated 0 

3B 

32 

540 

2 

490 

2.29 

1.61 

0.004 

0.003 






8 

440 

2 29 

1.02 

0.004 

0.013 

1 26 





10 

400 

2 29 

0 64 

0 004 

0 020 

1.48 





50 

250 

2.29 

0 30 

0 004 

0 027 

1 38 

31,400 

2B 

60 

540 

2 

490 

2.29 

1 61 

0 006 

0 004 






8 

440 

2 29 

1.02 

0 006 

0.018 

1.29 





10 


2 29 


0 006 

(0 028) 

1.64 





50 

250 

2.29 

0 30 

0 006 

0 037 

1 33 


5B 

76 

490 

8 

440 

1 61 

1 02 

0.002 

0 005 







400 

1 61 

0 64 

0.002 


0.26 






350 

1 61 

0 42 

0 002 

0 013 

0.25 





50 

260 

1 61 

0 30 

0 002 

0.016 

0 27 

31,400 

4B 

151 

490 

8 

440 

1 61 

1 02 

0.004 

0 006 








1.61 

0 64 

0.004 

0 012 

0.19 





50 

250 

1 61 

0 30 

0.004 

0 021 

0.23 


6B 

78 

440 

8 


1 02 

0 64 

0.0005 

0 003 

0 068 






350 

1 02 

0.42 

0 0005 


0.043 





50 

250 

1 02 

0.30 

0.0005 

(0.006) 

0.059 

31,500 

7B 

186 

440 

8 

400 

1 02 

0.64 

0.001 

0.004 

0.051 





■a 

350 

1.02 

0.42 

0.001 

0.007 

0 055 





H 

250 

1.02 

0.30 

0 001 

(0.010) 

0.068 



a Q from slope of lnD vb. 1/T m 34,900. 


Langmuir and Dushman have proposed as a general diffusion equation: 

D = m d *’ e ~^ l3] 

where D = diffusion coefficient, sq. cm. per sec. 

Q = heat of diffusion, ergs per gram-mol 
N = Avogadro’s number = 6.06 (10) 23 
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h = Planck's constant = 6.55(10)“ 27 erg. sec. 
d = interatomic distance (Al) = 2.85(10) -8 cm.* 

R = gas constant, 8.31 (10) 7 ergs, per deg. C. 

T = absolute temperature. 

Mehl has employed this equation in numerous systems to calculate Q 
from one value of D . Comparison of equations 3 and 2 suggests that 6, 
the slope of the InD vs. 1/T 
curve, is equal to Q/R and hence 
Q may also be obtained from 
diffusion data at several tem- 
peratures. Mehl reports that in 
every case the best diffusion data 
are in accord with the Langmuir- 
Dushman equation. 

In the present work, Q has 
been calculated by both methods. 

The Langmuir-Dushman equa- 
tion gives a value of about 
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Fig. 4. — Plot of natural logarithm 

OF DIFFUSION COEFFICIENT D OF MAGNESIUM 

31,400 at each temperature while and copper as a function ofthbrecipro- 
the slope of the In D vs. 1/T line cal of the absolute temperature T. 

in Fig. 4 indicates a value of 34,900 cal. per gram-mol. It is believed 
that the former figure is more accurate since, for example, doubling the 
values of D at lower temperatures would alter the slope of the logarithmic 
relationship greatly but only very slightly affect the Q calculated from 
equation 3. 


The diffusion data for magnesium and aluminum shown in Fig. 3 
differ from the copper data in that here the eutectic has moved further 
away from the interface. Consequently, the interface does not remain 
at the saturation concentration for the diffusion temperature. This, it 
will be recalled, was one of the conditions required for the use of equa- 
tion 1 in calculating the diffusion coefficient. 

Some criticism may be directed at the use of this diffusion equation 
where one condition is not fulfilled. However, Van Orstrand and Dewey 
proposed the equation specifically for diffusion from a saturated solution 
containing undissolved solute (the concentration of which thus remains 
unchanged) into pure solvent. Freche employed the same equation for 
specimens somewhat similar in physical relationships to those in the 
present work in that undissolved solute atoms were present on one side 
of the interface. Although Freche does not plot the ox values back to 

* Use of different values of d, depending on the change in lattice parameter of 
aluminum with solution of copper or magnesium, does not materially alter the Q 
values calculated from equation 3. 
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the interface, it seems certain that at the interface c did not equal Co. In 
all cases, the condition that the interface remain saturated seems to be 
physically impossible of realization. Excess solute atoms in the form 
of particles of undissolved compound (or element) cannot dissolve until 
the surrounding concentration falls below the saturation limit. Follow- 
ing this premise to its logical conclusion, it must be assumed that in all 
diffusion work it is probably impossible to maintain a saturated solid 
solution at the interface. With this justification, equation 1 has been 
employed for the magnesium-diffusion coefficient calculations. 

From the results shown in Table 2, it is again impossible to evaluate 
the change in D with concentration or depth. The values of x for c equal 
to 1.0 atom per cent at any temperature of diffusion are only estimates 
based on the appearance of the specimen when polished. The lowest 
concentration of magnesium that could be determined by precipitation 
was 4.3 atom per cent. Beyond that, there was a zone hardened suffi- 
ciently by magnesium in solution to polish brightly while the pure alumi- 
num was marked by adherent polishing abrasive. 

The so-called heat of diffusion, Q, was again calculated both by the 
Langmuir-Dushman equation and from the slope of the lnD vs. 1 JT line 
(Fig. 4). The values obtained, 29,000 and 38,500 cal., respectively, do 
not agree as well as in the copper-diffusion data. Again, the Langmuir- 
Dushman equation probably gives a value closer to the actual figure. A 
slight increase in the x values, and hence in the diffusion coefficients found 
at the lower temperatures, 400° and 365°, would bring the two sets of Q 
values into agreement. 

It should be noted that the calculated heat of diffusion, or Q value, 
for copper is somewhat greater than that for magnesium. In other 
words, it would seem that magnesium diffuses more readily into aluminum 
than does copper. This result is contrary to the general rule that ele- 
ments with the higher melting points will diffuse more readily into a given 
solvent. However, the diffusion-depth curves of Figs. 2 and 3 for pene- 
tration depths at 440° C. substantiate the relative diffusion rates of copper 
and magnesium as indicated by the Q values. 

If magnesium diffuses more readily into aluminum than copper, the 
higher rate may possibly be attributed to its far greater solubility satura- 
tion concentration, 16.5 atom per cent at the eutectic temperature, while 
the maximum for copper at its eutectic point is only 2.4 atom per cent. 
At a given diffusion temperature in their respective alpha solution fields, 
the atomic solubility of magnesium in aluminum exceeds that of copper 
by a comparable amount. It may be suggested that the greater atomic 
strain inherent with a high concentration of solute atom, evidenced by a 
considerably greater change in the lattice parameter of aluminum, would 
result in a greater driving force towards diffusion between adjacent areas 
of different solute concentration. In comparing the diffusion of mag- 
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Table 2. — Diffusion of Magnesium into Aluminum 


Speci- 

men 

No. 

Diffusion 

Piecipitation 

Co, 

Atomic 

Pei 

Cent 

c, 

Atomic 

Per 

Cent 

Eutectic 
to Inter- 
face, 
Cm. 

X, Cm. 

D, 

Sq. Cm 
per Sec 
X 10 -h 

Ca?eu- 
) lated a 

Time, 

Hi 

Tem- 

pei- 

Ut.UTP, 

Deg C 

Time, 

Hr 

Tem- 
per - 
aturp. 
Deg C 

11B 

60 

440 

2 

400 

15.7 

12 7 

0 000 

0 001 






8 

350 

15.7 

9.6 

0 006 

0 005 

2 2 





10 

310 

15 7 

7.6 

0 006 

0.008 

3.0 





100 

225 

15 7 

4 3 

0 006 

0.013 

3.2 







15.7 

(1 0) 

0 006 

(0.019) 

4 0 












29,000 

12B 

110 

440 

2 

400 

15 7 

12 7 

0 009 

0.002 






8 

350 

15.7 

9.6 

0 009 

0.009 

3 9 





10 

310 

15.7 

7.6 

0.009 

0.015 

5 8 





100 

225 

15.7 

4.3 

0.009 

0.020 

4.2 







15.7 

(1 0) 

0.009 

(0.028) 

2 9 


14B 

CO 

400 

8 

350 

12.7 

9.6 

0.003 

0 0005 






10 

310 

12.7 

7.6 

0 003 

0.003 

0.75 





100 

225 

12.7 

4.3 

0.003 

0.005 

0 63 







12.7 

(1.0) 

0 003 

(0.009) 

0.60 












29,600 

13B 

110 

400 

8 

350 

12.7 

9 6 

0 004 

0.001 






10 

310 

12.7 

7 6 

0.004 

0.004 

0.73 





100 

225 

12 7 

4.3 

0.004 

0 007 

0.67 







12.7 

(1.0) 

0.004 

(0.011) 

0.49 


16B 

110 

305 

10 

310 

10 6 

7.6 

0 001 

0 000 






50 

250 

10.6 

5.4 

0.001 

0.001 

0.03 





100 

223 

10.6 

4 3 

0 001 

0 0 02 

0.07 







10 6 

(1.0) 

0 001 

(0 005) 

0.11 












30,300 

I5B 

158 

365 

10 

310 

10.6 

7.6 

0 002 

0.000 






50 

250 

10 6 

5 4 

0 002 

0.002 

0 08 





100 

225 

10.6 

4.3 

0.002 

0.003 

0.11 







10 6 

(1.0) 

0.002 

(0.006) 

0 11 



* Q from entire slope of lnD « l/T curve «= 38,500 calories. 


nesium and copper into aluminum, this increased driving force apparently 
somewhat overbalances the atomic size and other factors that tend to 
make copper diffuse more readily than magnesium. 


Discussion of Errors 

With reference to the significance of the results of the present study, 
it would seem appropriate to evaluate the experimental errors in relation 
to the previous calculations. The depth-concentration curves contain 
all of the significant data. In obtaining these, the solid solubility and 
therefore the concentration values in each system are well known for 
each temperature of reheating. The accuracy of temperature measure- 
ment and control during the precipitation treatment will determine, 
therefore, the extent of errors in the plotted c values. Generally, these 
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errors may be considered negligible, certainly in relation to others to 
be discussed. 

It seems evident that the determination of the values for x represents 
the chief source of error. The time of reheating might well affect the 
completeness of precipitation and certainly the ease of reading the inner 
edge of the precipitated diffusion zone. Some specimens were reheated 
for further periods at the same temperature, to test whether precipitation 
had progressed to a greater depth. The heat-treatment periods listed 
in Tables 1 and 2 vrere such that precipitation was apparently complete 
at each temperature. Next, the accuracy with which the distance from 
the eutectic to the edge of precipitate could be read varied according to 
the temperature of precipitation, the quality of the subsequent metal- 
lographic polish and similar factors. It is estimated that the error in 
this reading was, under favorable conditions, about 10 per cent, although 
generally somewhat larger for low values of x. 

Errors in the determination of the position of the original interface 
were of considerable ’importance in evaluating x. In most of the alumi- 
num-magnesium diffusion specimens, this point was well marked in the 
microstructure (Fig. 1) and errors from this source would be about 10 per 
cent at intermediate points in the concentration range. In the alumi- 
num-copper alloys, the interface was less often structurally marked, and, 
as determined from the reference marks, a somewhat larger error was 
encountered. It might be in the neighborhood of 20 per cent at inter- 
mediate values of c. 

Earlier in the paper, some mention was made of a systematic error 
occasioned by further diffusion occurring during the precipitation heat- 
treatments. Obviously, this error does not exist at the highest precipita- 
tion temperature but somewhat increases the x values found at lower 
temperatures; i.e., lower concentrations. Thus the top of the diffusion 
c-x curves are unaffected but the lower portions may be placed somewhat 
too far to the right. It would be possible to apply a correction to the 
curves, knowing the diffusion data at each temperature. However, it 
was found that the correction would be small and, since this error is in 
the opposite direction to the normal error encountered in reading the 
edge of the low-temperature precipitates, no correction was applied to 
the ox curves. 

Another point of possible significance is the question of impurities. 
The aluminum used was 99.95 per cent A1 for single crystals and 99.90 per 
cent A1 for polycrystalline samples. In both, the chief impurities are 
iron and silicon. The 99.90 grade of aluminum had slightly more than 
double the amount of these two elements but there were no very marked 
differences in the diffusion rates of copper into the two grades of metal. 
The slight difference found may be attributed to grain size or to the 
impurities present. 



R. M. BRICK AND ARTHUR PHILLTPS 


341 


The last source of error in measuring the penetration depth entered 
from an apparent anisotropy of diffusion encountered in aluminum-copper 
diffusion specimens. The structures that were found most frequently 
are reproduced in a later section. With the uncertainty occasioned by 
this at present unknown factor, the diffusion coefficients for copper must 
be considered as approximations, since there are unknown errors in the 
absolute values and a possible error of approximately 50 per cent in the 
relative values. The data for the diffusion of magnesium into aluminum 
are somewhat more favorable, in that the depth of the precipitate struc- 
tures could always be definitely determined. The relative errors in this 
case may be about 25 per cent. 

Always, of course, the calculated values for D depend on the method 
of calculation; i.e., whether the diffusion equation is appropriate for the 
given experimental conditions. There is some question about the use of 
equation 1 for the present diffusion data. The equation gives unsatis- 
factory D values when x approaches zero, since c does not simultaneously 
approach c 0 . In Tables 1 and 2, no D values are given for the highest 
temperatures of precipitation; i.e., when x approaches zero. Another 
equation similar to equation 1 has been employed for cases of diffusion 
across an interface in a system where the concentration at the further 
end of the enriched solution remains unchanged. In this case, co/2 is 
substituted for Co in equation 1. Again, the use of this equation in the 
present work leads to impossible results when x approaches zero. 

Discussion of Experimental Method 

The experimental approach employed in the present work, while based 
on sound metallographic principles, apparently has not previously been 
applied to diffusion studies. This is understandable in view of the neces- 
sary limitations involved. A good deal of the fundamental work on 
diffusion has naturally been done on systems exhibiting complete solid 
solubility at all temperatures. The present method is limited to systems 
of incomplete solid solubility, in which the solubility decreases markedly 
with temperature. At the same time, it must be remembered that 
systems in which this equilibrium condition exists are usually of con- 
siderable industrial importance. 

The method of specimen preparation provides an unusually clean 
interface with a supply of solute atoms, which for practical purposes may 
be termed inexhaustible. The assumption has been made that the 
solution of solute atoms from excess compound into the momentarily 
slightly unsaturated solid solution in contact with it proceeds more 
rapidly than does diffusion from the saturated solid solution into the 
neighboring unsaturated area. While no proof exists in support of this 
assumption, similar assumptions as to the relative rates of solution and 
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diffusion exist in a large part of the data on diffusion for liquid solutions 
as well as for solid, metallic alloys. 

It might seem that the method employed in the determination of 
depth-concentration curves is crude in comparison to some of the more 
elaborate methods employed in other work. While spectrographic, 
lattice-parameter, electron-diffraction and similar measurements are 
more spectacular, they need not be more accurate than the micrographic 
method within the experimental limitations of the latter. Furthermore, 
this method immediately gives information that may be overlooked or 
undetectable by other approaches. Specific cases that might be men- 
tioned in this connection are data on grain-boundary diffusion, on the 
possible crystallographic anisotropy of diffusion rates and on recrystalli- 
zation in diffusion zones under microscopic and macroscopic stresses. 
Indeed, use of the metallurgical microscope for research should require 
no defense in view of the significant and accurate micrographic deter- 
minations of solid solubility by Dix and collaborators, or the impor- 
tant, fundamental, micrographic studies of transformation rates by 
Bain, Davenport, Smith and others. 

Anisotropy of Diffusion 

Mehl has remarked that diffusion might be expected to be aniso- 
tropic — i.e., the rate should vary with the crystallographic direction of 

diffusion — but that such an effect has not yet 
been experimentally observed in a cubic metal. 
In the present work, the diffusion of mag- 
nesium into aluminum seemed to be regular 
and even regardless of the crystalline orienta- 
tion. However, the diffusion of copper into 
aluminum is marked sporadically by a pro- 
nounced, apparently anisotropic difference in 
rate with crystalline orientation. The effect 
is shown in the depth-concentration diffusion 
curve of a single crystal (Fig. 5). In the one 
specimen here represented, the apparent depth 
of penetration at higher concentrations was 
found to change gradually as the specimen 
was rotated. Penetration seemed to be uni- 
form at low concentrations. The exact position of the original interface 
was not determined. 

Fig. 6 shows a difference in penetration depth of copper into another 
single crystal of aluminum when reheated to bring out a low concentration 
level of copper, 0.7 wt. per bent. The direction of the CuA 1 2 plates, 
precipitated on the (110) planes, is approximately parallel to the direction 
of diffusion in the specimen showing a deep zone and at 60° to the direc- 



Fig. 5. — Limiting pene- 
tration DEPTH VARIATIONS 
AROUND THE PERIPHERY OF 
A SINGLE CRYSTAL OF ALU- 
MINUM. Diffusion of cop- 
per AFTER 200 HOURS AT 
540° C. 
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tion of diffusion in the shallow zone, about 120° around the edge of 
the specimen. 

Similar effects are shown in some polycrystalline specimens (Figs. 7 
and 8). Again the difference in penetration depth was found only at 



a b 

Fig. 6. — Diffusion of copper into single crystal of aluminum after 20 hours 
at 550° C. Reheated at 300° C. X 200. 



Fig. 7. Fig. 8. 

Fig. 7. — Precipitate structure in copper-aluminum diffusion specimens. 
Fig. 8. — Precipitate structure in coppbr-alumxnum diffusion specimen. 


higher concentrations. On reheating at low temperatures, the differences 
were scarcely noticeable. 

In spite of the micrographic evidence indicating an anisotropy of 
diffusion, the suggested effect cannot be evaluated or even definitely sup- 
ported on these grounds. In single-crystal specimens, it was only occa- 
sionally noted. This may have been due to a fortuitous orientation of 
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the solvent lattice with respect to the interface, a relationship that has 
not yet been determined. Another source of doubt arises from the 
polycrystalline specimens. Micrographic fields as shown in Figs. 7 and 8 
were found in about 50 per cent of the specimens examined. When 
similar samples were heat-treated at the same temperatures, some exhib- 
ited numerous fields with a peculiar, unresolved microstructure as shown 
in Fig. 8 but others showed a uniform penetration. Repolishing at a 
greater depth to eliminate the possibility of a surface effect from previous 
polishings did not alter the differences. There is a possibility that struc- 
tures such as these originate in some unknown manner quite separate 
from actual precipitation. There must be stresses of considerable magni- 
tude in the diffusion zone, originating in marked lattice-parameter varia- 
tions within a narrow band together with unknown cooling stresses. It 
is possible that the total stresses are anisotropic and result in a related 
variation in solubility. At any rate, it is believed the micrographic 
evidence suggests an anisotropy of diffusion without offering substantial 
proof of the effect. 


Diffusion-zone Markings 

Mehl 1 has pointed out that two types of distortion are created by the 
solid solution formation accompanying diffusion; a microscopic distortion 
characteristic of the solid solution state and a macroscopic distortion 
resulting from gross volume changes accompanying the penetration of 
solute atoms into regions of low concentration. He reports that the 
latter type of distortion may lead to some recrystallization and grain 
growth, and, as an example, shows recrystallization in regions where zinc 
has diffused into a bi-crystal of copper. 

In the present work, when copper diffused into aluminum to a depth 
of 0.015 in. or more, two types of markings were sometimes found in the 
diffusion zone after precipitation of the CuAlg. They are shown in 
Fig. 9, where copper has diffused into a single crystal of aluminum, as a 
series of parallel lines across the diffusion zone and as an apparent recrys- 
tallization line at the inner limit of the diffusion zone. Fig. 10, a higher 
magnification of this latter part, seems to indicate that the directions of 
the CuAl* plates are approximately the same on both sides of the “ recrys- 
tallization ” line. In Fig. 11, another section of the same specimen, a 
small recrystallized zone is shown. The same area at a higher magnifica- 
tion in Fig. 12 again indicates that the CuA 1 2 plate directions have not 
been altered by the apparent recrystallization. In addition, from the 
photomicrograph of Fig. 12, it is apparent that the “recrystallization” 
lines are made up of a series of CuAl* plates and that there is no visible 
grain-boundary line. There does not seem to have been any true recrys- 
tallization and the origin of the lines cannot be rationally explained. It 
seems very possible that these areas may be macromosaics formed by 
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Fig. 9. — Diffusion of copper into a single crystal of aluminum after 10 days 
AT 550° C., REHEATED AT 300° C. X 100. 

Fig. 10. — Same as Fig. 9, enlarged. X 500. 

Fig. 11. — Same specimen as Fig. 9, another field. X 100. 

Fig. 12. — Same as Fig. 11, enlarged. X 500. 
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deformation under the lattice stresses during diffusion but the areas 
cannot be more than a few degrees away from the major orientation. 

With regard to the straight parallel lines, again there is at present no 
rational explanation of their origin or presence in the structure, although 
it seems certain that they are crystallographically related to the matrix. 
It is apparent from Figs. 10 and 12 that the lines are made up of CuAl* 
plates, closely packed and for the most part at angles of about 66° and 35° 
to the direction of the lines. Also, when copper diffused into polycrys- 
talline aluminum, parallel lines of closely packed CuA 1 2 plates were found 
to end at the grain boundaries of the aluminum matrix. 

One case of recrystallization as a result of diffusion distortion is shown 
in Fig. 13. A specimen of 5 per cent Cu aluminum alloy with very coarse 



Fig. 13. — A 5 pun cent copper- aluminum allot homogenized at 540°, heated 
4 HOTJBS AT 600° C., 2 HOURS AT 620°, QUENCHED, REHEATED AT 460° (COPPER OVER 
3.0 PER CENT PRECIPITATED). 

grains was homogenized at 640° C., raised to 600° C. for 4 hr. and then 
to 620® C. for 2 hr. It was air-cooled, then reheated to 460° C., at which 
temperature copper in solid solution in excess of 3 per cent is precipitated. 
Aside from the usual grain-boundary melting and pools of eutectic melted 
within the grains, it should be noted that new grain boundaries have been 
set up around the eutectic pools at about the 3 per cent Cu concentration 
limit and also through the grains. 

Summary 

1. The diffusion of copper and magnesium into al uminum has been 
studied at various temperatures, employing specimens where a eutectic 
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of the solute and solvent metals was brought in clean and intimate contact 
with pure aluminum. 

2. The depth-concentration relations in the diffusion zone were deter- 
mined micrographically by reheating the specimens at temperatures of 
known solubility limits. 

3. The diffusion coefficients were calculated and the change of the 
coefficient with temperature was noted. The heat of diffusion Q was 
calculated from the Langmuir-Dushman equation and from the slope 
of the InD-l/T line. 



Copper 

Magnesium 

540° C. 

490° C 

440° C. 

440° C. 


365° C. 

D, sq. cm. per sec. X 10“ 10 

13 8 

2.4 

0 57 

3.2 

0 64 

0.11 

Q (Langmuir-Dushman) 






30,300 

Q QnD-l/T line) 








The relative Q values derived from the Langmuir-Dushman equation are 
considered to be more accurate. 

4. Micrographic evidence was obtained which suggests a possible 
anisotropy of the diffusion of copper into aluminum. No crystallographic 
relationships were determined. 

5. Several diffusion-zone structures, which showed straight-line mark- 
ings and apparent lines of recrystallization, were examined, with the 
conclusion that no true recrystallization had occurred. 
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DISCUSSION 

(Georg Sachs presiding) 

H. R. Freche, * New Kensington, Pa. (written discussion). — The subject of diffu- 
sion is important and fundamental in metallurgy. Accordingly, a report in which it 
has been attempted to work out the quantitative elements of diffusion of metal systems 
should be welcome to the metallurgist. The quantitative data given by Dr. Brick and 
Dr. Phillips are the only data so far published on the diffusion of magnesium and cop- 

per into aluminum from alloys saturated with respect to the diffusing metaL 

* Aluminum Research Laboratories. 
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The method of procedure employed by the authors for the preparation of the diffu- 
sion samples, dipping hot aluminum rods into the molten eutectic, may have an 
appreciable effect on the subsequent diffusion of magnesium and copper into aluminum 
in the solid state. To be sure, the diffusion that occurred during the dipping of the 
aluminum rod into the eutectic melt was less than 0.0005 cm., but it was initiated and 
at a higher temperature than any of the diffusion temperatures studied. It is, of 
course, possible that the effects of this procedure on the ultimate experimental results 
are negligible, but it would be most interesting to know how these results would com- 
pare with diffusion data obtained from samples produced by effecting adherence 
between the aluminum and a copper-rich core in the solid state. 

The micrographic method does not give directly a quantitative determination of 
the concentration of the diffusing element but requires interpretation. For example, 
what was selected as “the edge of the precipitated zone furthest from the eutec- 
tic . . . ”? Does that edge refer to the particles precipitated within the grains or to 
the precipitate along the grain boundaries? It is, of course, a known fact and is also 
apparent from the splendid photomicrographs, illustrated by Fig. 1, that precipi- 
tated particles occur at a greater distance from the interface along grain boundaries 
than elsewhere. 

Work done by Mr. Keller 6 shows that the authors are correct m assuming that the 
reheating of the specimen effected further diffusion. It was shown that the diffusion 
zone effected by the migration of the copper, magnesium and silicon from the 17S-T 
core into the high-purity aluminum coating corresponded to 0.0025 cm. after 15 min. 
heating at 500° C. and to 0.010 cm. after 4% hr. heating at the same temperature. In 
view of this, the amount of diffusion effected during the reheating of the samples to 
produce precipitation may become appreciable. 

Finally, the depth-concentration curves should theoretically approach the :r-axis 
asymptotically. All of the experimental curves in this paper appear to intersect 
the ar-axis at finite values. This may not be the case. The method used by the 
authors has limited the results to a small range beyond the interface, and it is possible 
that the slope of the curve may change as the distance from the interface increases. 

F. N. Rhines,* Pittsburgh, Pa. — Evidently, as the authors have pointed out, this 
very ingenious method of measuring diffusion coefficients is not capable of a high 
degree of precision, but its experimental simplicity is certainly a decided advantage 
over the schemes previously employed. Whereas the old system of measuring diffu- 
sion rates by the analysis of layers involves months of arduous labor, ultimately 
yielding values of a fairly high degree of accuracy, this new method gives a relatively 
quick means for obtaining somewhat less accurate diffusion coefficients. 

The linear plots of composition versus distance from the interface seem to be a 
peculiar characteristic of this method of analysis. Other methods of investigation 
have shown the composition-distance curve to have a modified S form with the ends 
asymptotic to the distance axis. Where diffusion involves only a single phase the 
whole of the S-curve is realized, but when a second phase appears at the interface, only 
the lower half of the S is obtained. It is true, of course, that all of the published 
diffusion curves are nearly linear near the interface, but they begin to exhibit concavity 
long before they reach the zero composition value. Perhaps the present observations 
are the result of some sort of systematic error, such as the formation of precipitate 
particles too small to be detected at low concentrations of the diffusing el emen t. 

It may be of interest also in this connection to mention that the normal S-curves 
are not exactly symmetrical with respect to the interface. This means that the value 

* F. Keller: Diffusion of Zinc into Copper. Tran*. A.I.M.E. (1929) 83, 555. 

* Metals Research Laboratory, Carnegie Institute of Technology. 
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of the diffusion coefficient is a function of the concentration of the diffusing element. 
In the course of measuring diffusion rates in a series of copper-base alloys, I have found 
that the diffusion coefficient may change as much as 10 or even 100 times over a con- 
centration range of a few per cent. Thus the coefficients reported in the present paper 
should be understood to apply to only one concentration of copper or magnesium. 
The actual value of the reference concentration may be somewhat difficult to deter- 
mine, but probably is not far from the c value selected for the analysis in each case. 

I am particularly interested in the observation of what appears to be an anisotropy 
of the diffusion rate in some of the authors’ samples, because I have sought in vain 
to find evidence of such a phenomenon in a number of the cubic metal systems. Is 
it not possible that this effect is more apparent than real, and that the appearance of 
a more advanced front of precipitation in some crystals than in their neighbors may 
simply be an optical effect resulting from a different orientation of the Widmanstatten 
pattern in each crystal? 

R. F. Mehl,* Pittsburgh, Pa. — I should like to express my admiration for the 
ingenuity exercised by the authors of this paper. To be sure, their ingenuity has been 
demonstrated frequently in the past, but any new trick or short-cut method that will 
facilitate the derivation of diffusion data, even when only approximately, is espe- 
cially to be welcomed in view of the great labor required for the more usual and direct 
methods. When the analysis is performed on a bar, and the diffusion occurs between 
the alloy core and a heavy plated coating — the usual way — a large number of samples 
for analysis must be machined from the bar and analyzed chemically. In one research 
program on this subject current in our laboratory, some six hundred analyses were 
required for a series of samples. Such work requires years to perform. 

The depth-penetration curves shown in Figs. 2 and 3 are, of course, anomalous: 
these should not be straight lines but should approach the abscissas asymptotically 
as required by equation 1. This may be restated by saying that the concentration 
(ordinate) values near the abscissas are too low. Is it not possible that the precipita- 
tion at the low temperature, which gives these presumably low values, might have 
produced a precipitate too finely divided to be recognized in the neighborhood of the 
precipitation boundary measured, and thus an inferior depth of precipitation recorded 
equivalent to an inferior concentration? 

It must be admitted that very little is understood about the factors that determine 
the relative diffusion coefficients in binary alloy systems. I have recently had occasion 
to summarize the information available on this point [Jnl. Applied Physics (1937) 8 , 
174]. Various factors have from time to time been suggested : (1 ) it has been reasoned 
that the rate of diffusion should increase with smaller and smaller diffusing atoms; 
(2) it has been suggested that the rate of diffusion should become greater as the degree 
of solid solubility decreases; (3) it has been shown that in some systems the rate of 
diffusion is the greater the higher the melting point of the solute in comparison to that 
of the solvent; and (4) it has been shown that chemical, electrovalency effects are 
important. Exceptions obtain in every case except the last. It is certain that the 
mutual electrovalency effects are highly important, but it is difficult so to characterize 
the electrovalent properties of the various atoms in the solid state that predictions of 
relative diffusion coefficients can be made. The best that can be done is to state that 
the diffusion coefficient tends to increase with increasing distance of removal of the 
solute and the solvent elements in the periodic table. Many more data will have to be 
assembled before more definite conclusions can be drawn. 

R. M. Brick and A. Phillips (written discussion). — It is believed that the method 
chosen for a study of the relative diffusion rates of copper and magnesium into alumi- 

* Metals Research Laboratory and Department of Metallurgy, Carnegie Institute 
of Technology. 
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num is a convenient and reasonably reliable approach to a type of investigation which 
thus far has developed no generally accepted experimental procedure. There are 
admittedly some factors of unknown significance associated with this plan of attack. 
These points have been considered in the pertinent discussions offered by Dr. Freche 
and Dr. Rhines and it seems unnecessary to add anything to their remarks. The 
subject oi diffusion, metallurgically at least, has received its greatest impetus from 
Dr. Mehl and his co-workers and their future work will probably clarify many of the 
unanswered questions relating to this important subject. 



Effect of Reversed Deformation on Recrystallization* 


By Paul A. BBCK,t Member A.I.M.E. 

(New York Meeting, February, 1937) 

It is well known that the hardness of metallic single crystals, like 
that of polycrystalline metals, increases during deformation (hardening 
by cold-work). It is also known that, as a consequence of deformation, 
the metallic material acquires an evident thermodynamic instability, 
revealed, for example, by the fact that the increased hardness gradually 
decreases with time, especially at elevated temperatures (softening by 
annealing). The temperature at which the stabilizing process begins is 
different for various metals, and for any metal it depends on the amount 
of deformation. 

Such stabilization of deformed metals may proceed in two different 
ways: through recovery, and through recrystallization. The former 
process allows the unstable deformed metal body to approach stability 
gradually and without visible change in the grain structure; the latter 
process, like an allotropic transformation, yields directly the undeformed 
stable “ phase” in the form of new undeformed crystals, which, starting 
out of a certain number of nuclei, grow into and “consume” the deformed 
hard material. 

The extent of stability attainable through recovery is limited, espe- 
cially if the deformation of the metal crystal or crystals involves not 
only the gliding along slip planes, but also the bending of the slip lamellae, 
or at any rate the bending of comparatively large parts of the crystal 
lattice. In such cases, for instance in bent single crystals or poly- 
crystalline metals subjected to any deformation, recovery will not as a 
rule be able to restore the “straight” undeformed lattice, and stability 
can be attained only by recrystallization; that is, by the consumption of 
the bent crystal lattice parts by new, undeformed crystals — a much more 
drastic process. It is evident that the part of the surplus free energy 
stored in deformed crystals, which is present in the form of the elastic 
energy of the bent lamellae, is in these instances not considerably involved 

The experiments were carried out by the author in collaboration with Prof. M. 
Polanyi, at the Kaiser-Wilhelm Institut fur Metallforschung, Berlin-Dahlem, Ger- 
many, and some of the results are published in two articles in: (1) Die Naturwissen - 
schaften (1931) 19 , 505, and (2) Ztsch. Elektrochem . angew. phys. Chem. (1931) 37 , 
521. Manuscript received at the office of the Institute Dec. 23, 1936. 

* Research Engineer at the Michigan College of Mining and Technology, Hough- 
ton, Mich. 
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in recovery. However, there has been much controversy among different 
authors as to the role of such bending in recrystallization. 

Polanyi and E. Schmid found 1 that in single crystals of tin that have 
been deformed by strain in tension, recrystallization occurred preferably 
in those portions of the specimens where the bending of the lamellae is 
most pronounced. This observation is of particular interest because the 
portions of the specimens in which the lamellae were restraightened in 
the course of straining in tension did not show recrystallization in spite 
of their higher deformation and hardening. Consequently, Polanyi con- 
sidered the bending of the lamellae as specifically responsible for recrys- 
tallization. Experiments by Czochralski on aluminum single crystals 
exposed to torsion and partial retorsion seemed to confirm this view 2 * 3 . 

A contrary view, however, has resulted from investigations into the 
recrystallization of polycrystalline metals. The results of these investi- 
gations, expressed, for instance, in the well-known Czochralski diagrams 
and in the “hardening rule” (Verfestigungsregel) of van Arkel 4 * 6 , show 
that in polycrystalline metals the number of grains formed by recrystalli- 
zation increases continuously with increasing deformation (Czochralski) 
or with the hardening (van Arkel). Furthermore, van Arkel and Ploos 
van Amstel 6 , repeating the original experiment of Polanyi and Schmid 
with single crystals of tin, found that nuclei of recrystallized grains are 
preferably formed in that part of the specimens where hardening is most 
pronounced. This observation is contrary to that of Polanyi and Schmid. 
On the basis of this experiment van Arkel has maintained that in single 
crystals, as well as in polycrystalline metals, the number of recrystalliza- 
tion nuclei formed after a certain deformation depends directly on the 
hardening produced by the deformation. 

On the other hand, Polanyi and Beck 7 * 8 found, in working with bent 
single crystals of aluminum, partially restraightened before recrystalliza- 
tion, that the recrystallization power is diminished, and sometimes nulli- 
fied, in the restraightened part even though the hardness in that part is 
further increased. The decrease in recrystallization power is accom- 
panied by an increase in hardness in the restraightened part. This is in 
apparent contradiction to the views of van Arkel. 

Burgers ®* 10 admits Polanyi’s explanation — that the decrease of recrys- 
tallization power on restraightening is due to a decrease of stress content 
in the bent lattice. He believes, however, that the bending here involved 
is that of the “local curvatures” and not the bending of the comparatively 
large lattice parts in the lamellae. An attempt to settle this divergence 
of opinions will be made in the present article. 

Definition of Recrystallization Power 

Some confusion seems to have been due to lack of agreement among 
authors as to definitions and nomenclature; let us consider first what has 


1 References are at the end of the paper. 
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really been measured. As mentioned above, recrystallization is similar 
to the “heterogeneous” type of allotropic transitions in so far as it 
consists of the formation of nuclei and of their growth. The two charac- 
teristic factors of such transformations are: (1) the capacity of the 
unstable phase to form nuclei of the stable phase (number of nuclei*); 
(21 the capacity of the unstable phase to be consumed by the stable phase 
(as measured, for instance, by the velocity of growth of the new crystals). 
These two factors react very differently to changes in the conditions of 
transformation, as has been well known since the classical researches of 
Tammann, and should be determined separately. Now what has actually 
been determined in the experiments of van Arkel and his collaborators 
and of Burgers and his collaborators is, strictly speaking, neither of these 
factors but is the size or number of the fully developed new grains. It is 
evident, however, that a certain grain size can be obtained by various 
combinations of factors 1 and 2, and that a certain change in grain size 
can be accounted for in general by a change in either one or in both. 
Consequently, without further data or assumptions, no quantitative 
determination of either of these factors can be made by measuring the 
grain size alone. In the articles of van Arkel and his collaborators, 
changes in grain size are referred to as changes in the number of nuclei. 
Variations in factor 2 are, obviously, assumed to have practically no 
influence on the grain size.f Karnop and Sachs 11 have found that an 
increase in deformation as small as 1 per cent results in doubling the 
velocity of growth of the new crystals in deformed polycrystalline alumi- 
num. Even though analogous changes can be expected to be smaller in 
deformed single crystals, van Arkel’s assumption is not at all obvious 
and should not be made without further examination. 

It is clear that “recrystallization power” can be correctly charac- 
terized only in terms of data obtained by independent determination 
of the two factors: number of nuclei, and “consumptibility”t of the 
deformed crystal. Such independent determination has been made by 
Polanyi and Beck for consumptibility in bent and restraightened sin- 
gle crystals. 


♦The term “number of nuclei” is applied here in a general sense, and it is 
doubtful whether it can be interpreted, according to Tammann’s usage, as the rate of 
formation of nuclei. Present evidence tends to show that m recrystallization there 
is first a definite incubation period during which practically no nuclei are formed, 
and, second, an apparent recovery which in the later stages of heating decreases the 
rate of formation of nuclei. 

t Neither this assumption nor the reasons for making it seem to have been stated 
explicitly by van Arkel. Burgers explicitly makes this assumption 10 , but does not 
give the reasons for it. 

t Consumptibility is used here as a measure of the tendency of the deformed 
crystals to be consumed by the growing new grains, 
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In this work the relative thickness of the layer of new crystals formed 
by recrystallization of the sample is used as a measure of the consumpti- 
bility of bent single crystals. It is, of course, not directly equal to the 
velocity of growth in a homogeneously deformed medium; it is rather an 
indication of the deformation value* (in terms of per cent of the maximum 



Fig. 1. — Partly bestraightened sample after recrystallization. Recrystal- 


LIZED LAYER PARTLY REMOVED. 

Side view (upper picture) shows thickness of recrystallized layer in bent part 
(left side), in restraightened part (extreme right) and in transition part. 

deformation in the outermost part of the sample) at which the velocity 
of growth becomes practically zero under the specific deformation condi- 
tions prevalent in the sample. Important is the fact that consumptibility, 
as defined here, is entirely independent of the number of nuclei in the 
above sense . 

* Here deformation value means the percentage of axial elongation, or compression, 
in a certain layer of the bent crystal. It has been found with al umin um crystals that 
for all layers of a certain bent crystal this value is approximately proportional to the 
distance of the layer from the neutral zone. Perpendicular cross sections, marked 
on the surface of the cylindrical crystal, remain after bending radial plane sections. 
Maxim um elongation occurs in the outermost layer of the crystal and can be calcu- 
lated from the diameters of the crystal and of the curvature. Hereafter in paper, 
the value referred to as deformation is taken to be this maximum elongation* 
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The physical existence of a well defined, sharp boundary of consumpti- 
bility in bent crystals is shown in the following experiments. 

Cylindrical single crystals of aluminum (impurities: silicon 0.15 per 
cent, and iron 0.28 per cent) were produced by the recrystallization 
method. The crystals were bent to 
different curvatures, heated for recrys- 
tallization, and then etched. Fig. 1 
shows such a recrystallized sample; in 
it the boundary surface between the 
deformed crystal and the new crystals 
is made visible by the removal of some 
of the new crystals. This surface is 
found to be everywhere perpendicular 
to the plane of bending (plane contain- 
ing the middle line of the sample and the 
radius of curvature of the bending). 

The cross section of a recrystallized sam- 
ple, like that of Fig. 1, is shown in Fig. 2. The diameter d of the 
cylindrical sample was kept constant in all experiments at 4.23 ± 0.02 
mm. The consumptibility was calculated according to the formula 



Fig. 2. — Gross section op a re- 
crystallized sample. The shaded 
AREA REPRESENTS THE CROSS SECTION 
OF THE RECRYSTALLIZED NEW CRYSTAL. 



Fig. 3. 


V = t/d. The depth of the recrystallized layer t was calculated by add- 
ing 0.2 mm. to the measured depth t ', in order to correct for the small 
error due to the rims formed on both sides of the new crystals (Fig. 3). 
The elevation of this rim, r, was always found to be approximately 0.2mm. 
When the depth was very small, the actual measurement was preferably 
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made of the width, 6, of the new crystals; from this width the depth was 
then calculated. 

Fig. 4 show’s a typical recrystallized sample, consisting of three dis- 
tinct layers of uniform thickness. The most severely deformed extreme 
layers on the inner and on the outer side are recrystallized, and consist of 
several undeformed individual crystals of different orientations; in the 
medium layer the deformed lattice of the original bent Ringle crystal still 



Fig, 4. — Typical recrystallized sample. 


persists. The uniform thickness of the recrystallized layers in such 
samples shows that the consumptibility of the bent crystal does not depend 
on the orientation of the new crystals. 

A crystal 36 cm. long was cut in four parts of 9 cm. each (a, 6 , c and d). 
Every crystal part w r as subjected to the same amount of bending and 
was heated at 620° C. for 6 to 120 min. The result of this experiment is 
shown in Table 1. It can be seen that consumptibility practically does 


Table 1 . — Consumptibility as a Function of Time at Temperature of 

Heating 


Crystal, Part 

Duration of Heating, Min. 

Consumptibility 

a 

6 

0.43 

b 

12 

0 43 

c 

34 

0.43 

d 

120 

0 45 


not depend on the duration of heating; the new crystals grow to full size 
in less than 6 min. and do not grow further even during a period 20 times 
as long. 

Three pieces of a long crystal were subjected to the same amount 
of deformation and were recrystallized at different temperatures. Table 2 
shows that in a temperature range of approximately 100° C. consumpti- 
bility is practically independent of the recrystallization temperature . 

Three pieces of a long crystal, subjected to the same amount of defor- 
mation, were heated to 640° C. at different rates of heating in order to 
study the effect of the preceding recovery. The specimens were placed 
in the furnace at the lower temperatures of the intervals indicated in 
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Table 2. — Consumptibility as a Function of Temperature of Healing 


Crystal 

Recrystalhzation Temperature, 
Deg C 

Consumptibility 

a 

550 

0 26 

b 

594 

0 26 

c 

646 

0 28 


Table 3, and heated to the higher temperatures in 30 min. The initial 
temperature for samples b and c was well below the recrystallization 
temperature. The table shows that the consumptibility is only very 
slightly decreased by recovery. 


Table 3. — Consumptibility as a Function of Rate of Heating 


Crystal 

Temperature Interval, Deg C. 

Consumptibility 

a 

640-640 

0.41 

b 

480-640 

0.39 

c 

320-640 

0.38 


Another experiment gave the same result. One piece of a crystal 
was first heated for 30 min. at 400° C. for recovery and was then recrys- 
tallized at 640° C. Another piece of the 
same crystal, which had previously been sub- 0.15 
jected to the same deformation but not 
heated for recovery, was also recrystallized 
at 640° C. These two samples were then 4^ 
compared, and no noticeable difference in 
the consumptibilities was found. On the 
other hand, the number of grains seemed to g" 
have a tendency to decrease when the 5 }q. 05 
recrystallization was preceded by recovery.* § 

In bent single crystals there is a very u 
well defined, sharp lower limit of the tem- 
perature of recrystallization. Fig. 5 shows u 
the result of an experiment carried out 
With four pieces of a single crystal. After Fig. 5. — Consumptibility as 

being subjected to the same deformation £ I0 F ~ 

(10.8 per cent) they were heated to different 

temperatures for 30 min. Consumptibility rose within an interval of 
12° C. from zero to 80 per cent of its final value. It was shown that the 

* These results are consistent with those of Komfeld and Pawlow 11 . These 
authors measure the consumptibility of the deformed material as the velocity of 
growth of the new grains and show that it is practically unchanged by recovery . The 
effect of recovery is manifested only by an increase of the incubation period of the 
nuclei (by decrease of the velocity of formation of the nuclei). 



550 600 

Tempered ure, deg . C. 
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absence of recrystallization in sample a, heated to 559° C., was not due 
to the absence of nuclei. In this sample artificial inoculation was made 
by scratching (a strong deformation confined to a very small part of the 
specimen);* thus the formation of nuclei upon heating was secured. 
The observed absence of recrystallization was therefore entirely due 
to the absence, in this case, of consumptibility. The “artificial” nuclei 
were unable to grow. 

Changes Due to Restraightening 

Let us consider now the changes in these factors due to restraighten- 
ing. It was shown by Polanyi and Beck 7 - 8 that if a part of a bent crystal 
is restraightened the consumptibility of the restraightened part will be 
smaller than that of the bent part of the sample. Consumptibility 
decreases by restraightening, though the hardness, increased by bending, 
further increases. Fig. 1 shows such a partly restraightened sample after 
recrystallization, the recrystallized layer having been partly removed. 
The side view (upper picture) shows the thickness of the recrystallized 
layer in the bent part (left side), in the restraightened part (extreme 
right), and in the relatively short transition part between them. These 
three stages are all incorporated in the long new crystal partly separated 
from the mother crystal, shown on the right side of Fig. 1. They can be 
clearly seen as a variation in thickness of this crystal in the side view 
(upper picture), and as a variation in width of the crystal, in the top view 
(lower picture). 

On the other hand, the interesting investigation by Burgers 9 * 10 proves 
that, although in his conception of a plastically deformed crystal the 
“local curvatures” are fundamentally connected both with hardening 
and with recrystallization power, an exact parallelism cannot be expected 
between these two properties in the sense that for a given crystal a definite 
shear hardening corresponds to a definite recrystallization power. This 
result, which was assumed to be in agreement with the experimental 
results of Polanyi and Beck, actually does not seem to bear any direct 
relation to them, because what Burgers means by “recrystallization 
power” is the number of nuclei, whereas the data given by Beck and 
Polanyi relate to consumptibility. Burgers supported his theoretical 
results by experiments ; in interpreting his experiments he assumed that the 
number of grains actually measured was equal to the number of nuclei 
involved in his theory. 

The bent and partly restraightened samples of Polanyi and Beck give 
information about effect of reversed deformation not only on the con- 
sumptibility but also on the number of grains formed by recrystallization. 
While the thickness of the crystals in the recrystallized layer is a measure 

* This method of artificial inoculation was first given by van Arkel and van 
Bruggen 1 *. 
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of the consumptibility, the length of the new crystals (their dimension 
in the direction of the axis of the sample) is equal to the grain diameter 
in the ordinary sense. It has been found in many tests that the number 
of grains also decreases by restraightening,* as does the consumptibility. 
There are, however, certain crystal orientations for which this is not 
true.f Kg- 6 shows a sample in which the decrease in consumptibility 
by restraightening is accompanied by an increase in the number of grains. 
The photograph represents the inner side of the bent part (at the right) 
and the corresponding side of the restraightened part (at the left). It 
can be seen that the wide, and consequently deep-grown, new crystals 
in the bent part are long, but that the much thinner new crystals in the 


mmmr 


Fig. 6. — Sample in which decrease in consumptibility in rbstraightening is 

ACCOMPANIED BY INCREASE IN NUMBER OP GRAINS. 

Inner side of bent part (right) and corresponding side of restraightened part 
(left). 

restraightened part are short and numerous. This sample proves the 
necessity for careful discrimination between the two factors of “recrys- 
tallization power” — the number of grains and the consumptibility. 

While the situation is rather complex with regard to the number of 
grains, the consumptibility always has decreased in restraightening. 
Figs. 7, 8 and 9 show the effect for different orientations of the deformed 
crystal and of the plane of bending. The crystal orientations were deter- 
mined by P. W. Bridgman's method. Fig. 7 represents a case where the 
axis of the samples corresponds to the [100] direction of the crystal, and 
the plane of bending to the (001) plane; in that shown in Fig. 8 the sample 
axis is [100] again, but the plane of bending is (011). The samples repre- 
sented in Fig. 9 are oriented to the [110] direction, and bent in the (001) 
plane. The orientations here given are “ideal orientations” approxi- 
mated by the real crystals used. However, the actual orientations of 
the individual crystals were varying in a certain range, a fact that 
accounts for the irregularity of the measured values. The irregularity 
in the data of these experiments is much more pronounced than in those 
of the experiments described above, where pieces of the same crystal were 
used. In each figure the points indicated by circles represent the con- 
sumptibilities of the bent crystals for different values of the bending. 
Recrystallization starts first (for small deformations) on only the inner 
or the outer side of the sample (depending on the orientation), and begins 

* This has also been found in torsion and retorsion, by van Arkel and^van 
Bruggen . 14 

t The theory of Burgers seems to allow for the dependence upon the orientation 
of the effect of reversed deformation on the number of “nuclei.” 
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Figs. 7, 8, 9. — Consumptibility as a function of deformation, for different 

CRYSTAL ORIENTATIONS. THE TIPPER CURVE, IN EACH FIQTJRB, REPRESENTS THE CON- 
SUM PTIBILITY OF THE BENT CRYSTALS, THE LOWER CURVE THE CONSUMPTIBILITY OF 
THE BENT AND RESTRAIGHTENED CRYSTALS. 

. represent consumptibilities of bent crystals, crosses indicate consump- 
tibilities of parts bent and then restraightened. 
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on the opposite side at some higher deformation value. For the sake of 
conciseness the consumptibilities of both sides are added together and 
represented in a single curve. Each curve, therefore, is composed of 
two parts, one corresponding to recrystallization on one side only and 
the other corresponding to recrystallization on both sides, the two being 
separated by a pronounced break in the curve. The points indicated 
by crosses represent the consumptibilities of the parts bent to various 
extent (the abscissas give the deformation values corresponding to the 
respective bending) and then restraightened. The two curves corre- 
sponding to recrystallization on the inner and on the outer side are again 
united and represent the total effect. 

Fig. 7 shows that with that particular orientation there is no recrys- 
tallization at all up to a deformation of 6.4 per cent. In the range from 
6.4 to 8.5 per cent deformation, the inner side of the bent part of the 



Fig. 10. — Five characteristic ranges. 


crystals recrystallizes, but the restraightened parts do not recrystallize 
at all. In the range between 8.5 and 9.6 per cent deformation the 
restraightened part also recrystallizes on the same side, though its con- 
sumptibility, of course, is still smaller. Between 9.6 and 10.5 per cent, 
the outer side of the bent part of the crystals also recrystallizes, but there 
is no recrystallization on the corresponding side of the restraightened 
part. At still higher deformation values both the inner and the outer 
sides of both the bent and the restraightened parts recrystallize; but the 
consumptibilities are smaller in the restraightened part. One sample 
of each of these five characteristic ranges is shown in Fig. 10. The situa- 
tion is similar with the two other orientations examined, except that, in 
these latter, recrystallization starts on both the inner and the outer side 
of the bent part before it appears in the restraightened part. There 
are also some differences in the critical deformation values for the three 
orientations: the [100] (001) needs the largest amount of deformation for 
recrystallization; the [110] (001), the smallest; and the [100] (Oil), a 
deformation value between the two. 

The figures show that for dll orientations and for all deformation values 
examined, the consumptibility of the restraightened part is smaller than that 
of the crystal just bent to the same extent but not restraightened . 
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The orientation [110], (001) offers a peculiarity worth mentioning: at 
small deformations, below about 6.2 per cent, recrystallization proceeds 
only when there is artificial inoculation. In the first experiments, 
without inoculation, a curve corresponding to the dotted line in Fig. 
9 was found. This seems to be the only case of recrystallization so far 
encountered in which there is a definite consumptibility but no nuclei, 
a condition similar to that of an undercooled or superheated phase. The 
difference between the behavior of the two factors — number of nuclei, and 
consumptibility — should be noted with reference to what has been said 
earlier in this paper. 

It is interesting that where recrystallization occurs only after inocula- 
tion, the number of grains appears to have no relation to the number of 
nuclei. In fact, in almost every such sample the whole recrystallized 
layer consists of one large crystal only, while in the immediate vicinity 
of the inoculating scratch an immense number of very small crystals 
(about 0.1 mm. appears, a fact that shows the formation of a large 
number of nuclei. A great difference between the velocity of growth of 
the individual nuclei formed seems to exist in this instance. 

Finally, mention should here be made of an experiment in which 
fine-grained polycrystalline samples were subjected to bending, to partial 
restraightening and to recrystallization. An analogous decrease in the 
depth of the recrystallized layer was found as a consequence of restraight- 
ening.* The sharpness of the boundary of consumptibility is smaller 
in this case than in single crystals, of course, because the consumptibility 
is different for grains of different orientation, and consequently varies 
from grain to grain in the polycrystalline sample. 

Conclusions 

Considering the results of this investigation, the present status of 
experimental facts and of basic conceptions in connection with the effect 
of reversed deformation on recrystallization of single crystals may be 
summarized, in the author’s opinion, as follows: 

1. There is no direct physical relation between hardening and recrys- 
tallization. While the " hardening rule” of van Arkel is probably a very 
convenient statistical rule in practical mill operations with polycrystalline 
metals, it has been shown theoretically by Burgers that hardening bears 
no direct physical relation to the formation of nuclei, and experimentally 
by Polanyi and Beck that hardening, as such, is fundamentally unrelated 
to consumptibility. 

2. According to Burgers the formation of nuclei is in i mm ediate 
physical relation with the “ local curvatures” existent in the deformed 
crystals, especially with those of the highest degree of bending. This 

* The effect of inverse deformation in polycrystalline material has been studied 
by Kamop and Sachs 1 * and by van Arkel and van Bruggen 14 . 
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conception involves the dependence of the number of nuclei, for a certain 
value of hardening, on the specific distribution of the total deformation 
over the diff erent slip systems of the crystal and thus on the orientation 
of the deformed crystal. Actual experimental determination of the 
effect of reversed deformation on the number of nuclei has not been made. 

3. Ex per im ental evidence (Beck and Polanyi, van Arkel and van 
Bruggen) r elating to the effect of reversed deformation on the number 
of grains shows a general tendency of decrease, but some characteristic 
exceptions indicate the necessity of a more thorough investigation of these 
complicated relations. 

4. Consumptibility is decreased by reversed deformation for all orienta- 
tions and deformation values examined (Beck-Polanyi). 

5. The contradiction between the experimental results obtained by 
Polanyi-Schmid on the one side and by van Arkel-Ploos van Amstel on 
the other side, relating to the recrystallization of tin crystals, may be 
due to differences in the impurities in the metals used, and/or to the 
complicated laws governing the formation of nuclei referred to above. 
Consequently these observations, which were limited to a very small 
number of samples, hardly prove anything at all, and certainly do not 
allow any conclusion regarding the consumptibility. 

6. The apparent contradiction between the view formulated by 
Polanyi, that “recrystallization power” depends on the bending of the 
slip lamella e, and the view of Burgers, that it depends on the existence 
and quality of local curvatures, is not really a contradiction; the term 
“recrystallization power” is used by Polanyi in the sense of consumpti- 
bility, while it is defined by Burgers as the number of nuclei and is meas- 
ured by him as number of grains. Furthermore, it is quite probable that 
both Polanyi and Burgers are right, consumptibility depending mainly 
on the bend in g of larger parts of the lattice (lamellae) and the formation 
of nuclei being bound to the existence of local curvatures. In fact, in 
some characteristic cases the reaction of the consumptibility toward 
restraightening is very different from that of the number of grains (as 
reflected in Fig. 6). This fact proves that these two factors are fundar 
mentally related to different structural qualities of the deformed crystal. 
The independence of consumptibility from recovery supports Polanyi’s 
view that consumptibility is related to the bending of comparatively 
large lattice parts, or lamellae, because the decrease in the bending of 
such parts during recovery may be expected to be very small (as pointed 
out in the introduction to this article). On the other hand, the decrease 
in the number of grains by recovery can be attributed to a decrease 
in the number of nuclei, for there is no reason to suppose an increase by 
recovery of the velocity of growth. The decrease in the number of 
nuclei by recovery would be in agreement with the view of Burgers that 
the nuclei axe physically related to local curvatures, provided the plausi- 



364 EFFECT OF REVERSED DEFORMATION ON RE CRYSTALLIZATION 


ble assumption is allowed that the effect of recovery on the bending of 
local curvatures is relatively larger than on the bending of the lamellae. 

In certain cases it is evident what is meant by bent lamellae and by 
local curvatures; however, it should be noted that in others an exact 
discrimination seems to be much more difficult. 
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DISCUSSION 

(D. E. Ackerman presiding ) 

R. F. Mehl, * Pittsburgh, Pa. — There has been a great deal of work on the preferred 
orientations generated in metal aggregates by cold-work and on the recrystallization 
orientations that form from these preferred orientations on annealing; but one basic 
problem remains entirely unsolved — namely, what the relationships of these two 
orientations are and w T hat mechanism in changing from one to the other may be. In 
some cases the recrystallization orientations are identical with the initial preferred 
orientations, but in others, as in copper, the two orientations are quite different. We 
lack utterly a crystallographic growth mechanism that will explain the latter case; 
in fact, we are much in need of a basic idea to apply to this problem. It seems likely 
that experiments on the recrystallization of deformed single crystals might furnish 
orientation relationships simple enough to lead the observer to the proper basic 
conception of the mechanism. I should like to ask whether Dr. Beck has determined 
the orientation relationships between the new grains on the surface of his single-crystal 
specimens and the original single crystals. 

R. F. Miller, t Kearny, N. J. — In regard to Dr. MehPs comment, I should like to 
add that when a zinc single crystal has been deformed to produce twinning and subse- 
sequently allowed to recryBtallize at 200° C., all the resulting polycrystals disclose one 
of three types of preferred orientation. One orientation is derived from the original 
single crystal and the other two are directly inherited from the two sets of twins 
produced by the drastic deformation. This marked preferred orientation 16 indicates 

* Metals Research Laboratory and Department of Metallurgy, Carnegie Insti- 
tute of Technology. 

t Research Laboratory, U. S. Steel Corporation. 

lf R- F. Miller: Creep and Twinning in Zinc Single Crystals. Trans . A.I.M.E. 
(1936) 122, 188, Fig. 13. 
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that the nuclei for recrystallization are in the twins and not at random in the 
twin boundaries. 

C. H. Mathewson, * New Haven, Conn. — I have been trying to think of some 
shorter and pleasanter word than consumptibility, but have not been able to find any, 
so I am led to ask whether it. has been possible, by any form of bending or manipulation 
of the specimen, to induce this “tendency to be consumed” to vanish, so that the awk- 
ward word may be removed entirely? 

One other thing — I wonder whether the author has any opmion (doubtless he has 
thought about it) on the bearing of these results on the fundamental question of 
deformation as to whether something does or does not happen to the atom. Doubt- 
less it is difficult to get a very close connection here, but it would appear that the 
recrystallization behavior is dependent upon distortion effects that can be removed, by 
reverse bending, for example, and cannot be explained purely on the basis of the pri- 
mary slip phenomena of gliding. 

C. S. Barrett, f Pittsburgh, Pa. — I should like to express admiration for the beauti- 
ful simplicity of these experiments and the amount of data obtained from them. 
But at the same time, I wonder whether the nonumformitv of deformation is not a 
drawback. The magnitude of the difference in consumptibility that is observed in 
these experiments may be very much limited by the fact that the center of the bent 
rods receive much less deformation than the outside. Perhaps more homogeneous 
deformation might be worth while. 

R. F. Meiil. — I should like to ask Dr. Beck whether the results of his work are 
similar to those obtained on the recrystallization of alternately compressed and 
elongated specimens. 

S. L. Hoyt,§ Milwaukee, Wis. — I should like to ask if the crystals you have 
described here have been examined by X-ray methods to at least record the data that 
are available by X-ray analysis. 

R. F. Miller. — In my experiments on the elongation of aluminum single crystals, 
from 0 to 5 per cent extension and from room temperature to 300° C., and in creep 
tests on ductile zinc single crystals in the same temperature range, there was no 
evidence of recrystallization and the deformation followed the normal laws for crys- 
tal glide. 

P. A. Beck (written discussion). — There is no doubt as to the fundamental impor- 
tance of the experiments suggested by Dr. Mehl in his first remark. Some years ago 
Burgers attempted to determine the orientation relations between the recrystallized 
grains and the deformed matrix in a compressed aluminum single crystal. He also 
developed a theory regarding the mechanism of the formation of recrystallization 
nuclei. References to his work have been given in the paper. We have not attempted 
to attack this problem in connection with the work described above, since our aim has 
been a quite different one; namely, the separate determination of the effect of reversed 
deformation on the two factors of “ recrystallization power on the number of recrystal- 
lized grains, and on consumptibility. However, without having made any measure- 
ments, and judging merely by looking at the deep-etched specimens, it seems to me 
that there is no well developed or consistent preferred orientation of the new grains. 
The orientations of the individual recrystallized grains are scattered over a rather wide 
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range in both the bent and the restraightened parts of our samples; they are different 
from each other, and also from the orientation of the matrix crystal. 

As to the remarks of Dr. Barrett, may I say that our experiments having been 
directed toward the specific goal described above, the type of deformation was chosen 
accordingly. I do not believe that the magnitude of the effect was very much (or to 
any extent at all) limited by the nonuniformity of the deformation, and cannot perceive 
any serious drawback, for our purposes, due to this nonuniformity. On the other 
hand the method has considerable advantage — for instance, simplicity— as had been 
pointed out already by Dr. Barrett. The reversed deformation can be carried out 
easily, and the samples allow conclusions as regards both factors: the number of grains, 
and the consumptibility. These questions have been discussed in the paper itself. 

The term “consumptibility,” to which Professor Mathewson has objected, is 
certainly not a short and pleasant one, but unfortunately I have not been able as yet 
to find a better one. As has been shown in the paper, there is a range of deformation 
for each orientation, in which the consumptibility is entirely nullified by restraighten- 
ing. This range, however, is not large enough to warrant the entire removal of the 
clumsy term itself. 

I am sorry but obliged to say that our experiments and results do not seem to 
possess much bearing on the question as to whether something does or does not happen 
to the atom during deformation. 

Concerning Dr. Mehl’s second question, I would like to state that, so far as I 
know, there has been no investigation on the recrystallization of single crystals sub- 
jected alternatively to homogeneous compression and elongation. The only recrystal- 
lization experiments usmg homogeneously compressed and elongated samples are 
those by Karaop and Sachs, referred to in the paper. However these authors used 
polycrystalline specimens, and consequently their results are, strictly speaking, not 
comparable with ours. 

Kamop and Sachs found that the reversed deformation has: (1) increased the 
lowest temperature of recrystallization, and (2) increased the number of recrystallized 
grains. The first effect may be attributed to either one or to both of the following 
reasons: (a) reversed deformation raises the temperature of the formation of nuclei; 
(6) reversed deformation raises the temperature at which the nuclei are able to grow — 
that is, for a given temperature of annealing, it decreases the consumptibility. Of 
these two explanations, (a) is certainly not contradictory to our results, and ( b ) would 
closely correspond to that, what we have found for single crystals. 

The second effect found by Karnop and Sachs corresponds to what we have found 
for a certain crystal orientation (Fig. 6), and it is in disagreement with what has been 
found for single crystals of other orientations. 

The X-ray investigation suggested by Dr. Hoyt has not been carried out with our 
samples, though this would be interesting to do. An earlier experiment of CzochralRki, 
referred to in the paper, shows that the Laue asterism caused by torsion of an alu- 
minum single crystal is decreased by re-torsion. 
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The orientation relationships resulting from allotropic transforma- 
tions and the formation of segregate structures in metals and alloys have 
been the subject of the eight earlier papers in this series 1 . A brief 
summary of orientation studies has also been given by Sachs 2 . A survey 
of these papers discloses that the factors that determine the orientation 
relationship of a precipitated phase to its parent solid solution, as well as 
the outward form and appearance of the new phase, are not completely 
understood. It is now evident that crystallographically analogous 
systems, as a rule, exhibit the same type of Widmanstatten figure and 
orientation relations, so that useful information is not to be expected from 
examination of a new alloy involving lattice combinations of which the 
orientation relationships are already known. Therefore, the determina- 
tion of the relations existing between lattice types that have not already 
been studied seems to be the most promising mode of attack upon the 
problem; both of the systems reported in this paper represent new com- 
binations of lattice types. 

A. The Mg-Mg 2 Sn System 

The magnesium-tin equilibrium diagram given by Hansen 3 shows the 
phase Mg 2 Sn to be the only intermediate phase. The solid solubility of 
3n in Mg decreases from 14.8 weight per cent at the eutectic temperature, 
561° C., to 2.3 per cent at 450°, while no solid solubility of Mg in Mg 2 Sn 
Tas been observed. The crystal structure of Mg is close-packed hexa- 
gonal with a,o = 3.202 A. and c 0 = 5.199 A. 4 , while Mg 2 Sn is of the CaF* 
iype with a 0 — 6.78 A., with four molecules in a unit cell 5 * 6 . 

Alloys from two different sources have been used: (1) those supplied by 
;he Dow Chemical Co., which contain 6 and 8 weight per cent Sn, and 
[2) those prepared in this laboratory, containing 8 and 13.5 per cent Sn. 
The latter were made from Dow high-purity Mg and Baker chemically 
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pure Sn, melted in iron crucibles under Dow Flux Number 21 ; the Sn 
was added to molten Mg. Large grains suitable for X-ray analysis were 
prepared by the strain-anneal technique developed for Mg solid solutions 
by Schmid and Seliger 7 . 

The plane of precipitation of Mg s Sn in the Mg matrix was determined 
by the usual method of combining direction-frequency counts with 
X-ray orientations of the matrix on a stereographic projection (see 
ref. 1, pt. I). The orientation of the matrix was determined by the 
Davey-Wilson method, using copper radiation. 

The most complete study was made with alloys containing 8 per cent 
Sn, in which the Widmanstatten figure was developed by homogenizing 



Fig. 1. — WidmanstXtten figure of alloy of Mg with 8 per cent Sn. X 680. 

Heat-treatment: cooled slowly from 560° C. Etchant 0.5 N HC1. 

just below the eutectic temperature, cooling to 400° in 8 hr., and furnace- 
cooling to room temperature in 24 hr. The solid solubility of Mg 2 Sn in 
Mg precludes the possibility of precipitation above 500° in alloys of this 
composition. The microstructure produced is shown in Fig. 1. Six 
different grains from alloys of type 2 and one of type 1 were analyzed. 
Two specimens of type 2 were sectioned so that two perpendicular faces 
could be examined. Thus a total of nine direction-frequency plots were 
made, of which four showed seven distinct maxima, four showed six, and 
one only five. Fig. 2 is the stereographic projection showing the normals 
to these directions on a surface A (full straight lines), the normals to the 
directions found on the surface perpendicular to A (dotted great circles), 
and the {10.1} and {00.1} poles of the matrix as found by X-rays; the 
surface A is the plane of the projection. The manipulations involved in 
such a projection have already been described (ref. 1, pt. I). It is 
evident that the directions of the precipitate plates can be explained by 
precipitation on the {10.1} and {00.1} planes of the matrix. Similar 
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treatment of the other frequency plots led to the same result, and no 
other satisfactory solution was found. Precipitation on the basal plane 
was found in every instance; when fewer than seven directions were 
observed, traces of two different planes of precipitation were found to be 
parallel in the polished section. 

Two other examples of plate formation on more than one family of 
planes have been described (ref. 1, pt. Ill), and in one of these examples 
it was found that as the alloy 
content increased the amount of 
precipitation on the second family 
of planes also increased. The 
same effect might therefore be 
expected in the Mg-Sn system. 

However, alloys with 6 per cent 
Sn were identical with the 8 per 
cent material in this respect. 

When alloys containing- 13.5 
per cent Sn were given the same 
heat-treatment the Widmanstatten 
pattern was not as well developed, 
and the plates were smaller; ac- 
cordingly, direction-f requency 
counts were not accurate. In the 
three grains studied, 8, 12 and 14 
directions were observed, and 
these, with one exception, could 
be explained by plate formation 
parallel to the {00.1}, {10.1} 
and {10.2} planes of the ma- 
trix. This precipitation on an 
additional plane led to an investigation of structures developed at 
other temperatures. 

A photomicrograph furnished by Dr. Gann, of the Dow Chemical Co., 
at the beginning of this research showed plates in one direction only. 
This was an 8 per cent alloy that had been water-quenched from 470° C. 
and aged for 72 hr. at 250° C. When the 13.5 per cent Sn alloys were 
quenched from the eutectic temperature and aged at 250° C., a very well 
developed Widmanstatten pattern with practically all plates in one 
direction was developed (Fig. 3). This structure can be explained 
only by precipitation on the basal plane, and this was confirmed by 
X-ray analysis. 

It is therefore possible to control the plane of precipitation by heat- 
treatment; at 250° plate formation is parallel to the {00.1} plane only, at 
temperatures between 250° and 500° plates form parallel to the {10.1} 



Fig. 2. — Stereographic projection op 
normals to trace direction in allot op 
Mg with 8 per cent Sn. 

Heat-treatment: cooled slowly from 560° 
C. 

Full lines are normals to trace directions 
in the surface of the projection. 

Dashed great circles are normals to trace 
directions m surface normal to plane of 
projection. 

Open circles, {10.1} poles of matrix. 

Filled circle, (00.1) pole of matrix. 
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planes also, while when precipitation begins at 560° (in alloys with 
higher Sn contents) plates form parallel to the {10.2} planes as well as 
those already listed. The implications of this phenomenon will be dis- 
cussed later. 

The slowly cooled 13.5 per cent alloys were used to determine the 
orientation relationships between the matrix and the precipitate. Davey- 
Wilson photograms of 11 large grains were made with a Weissenberg 
camera, using copper radiation. In solving these complex films the 
following procedure was used: The matrix orientation was first deter- 



Fig. 3. — Widmanstatten figube of alloy of Mg with 13.5 per cent Sn. X 400. 

Heat-treatment: quenched into ice water from 560° C.. aged 80 hr. at 250° C. 
Etchant 0.5N HC1. 

Polycrystalline specimen, showing a single plate direction in each grain. 

mined stereographically, then all the precipitate spots that could be 
definitely identified on both the stationary and oscillating films were 
plotted on the same stereographic projection. The interplanar angles 
between these precipitate poles were then measured from the projection 
and when two or more poles had the proper angles for a single cubic 
crystal, the corresponding orientation was plotted in relation to that of 
the matrix. Results from the 11 films are given in Table 1, in which the 
first column describes the orientation relationship that was found to exist 
between the two lattices, the second column lists the number of times 
this relation was observed, and the third column gives the number of 
MgjSn reflections upon which each individual Mg 2 Sn orientation was 
based. Thus relation 1 was found for only one precipitate orientation, 
which was derived from five Mg a Sn reflections, but it was also found for 
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four different precipitate orientations which were each derived from 
four Mg 2 Sn reflections. In describing the orientation relationships, 
the directions are those that lie in the plane specified.* Thus, by relation 
1, a (111) plane of Mg 2 Sn lies parallel to a (00.1) plane of Mg oriented in 
such a way that a [110] direction in this (111) plane is parallel to a [10.0] 
direction in the (00.1) plane. 


Table 1 . — Orientation Relationships 


Orientation Relationship 


Number of Examples 


Number of MgsSn 
Reflections upon Which 
Each Example Is Based 


Allots Cooled Slowly from 560° C. 


1 

1 mj/ioo.i} 

1 

5 


[110]/ [10.0] 

4 

4 



3 

3 



4 

2 

2 

{U0}/{00.1} 

2 

3 


[110]/ [10.0] 

2 

2 

3 

{110} /{00.1 } 

1 

3 


[110]/ [11.0] 

2 

2 

4 

(211}/{00.1] 

2 

2 


[111]/ [10.1] 




Allots Quenched into Ice Brine from 560° C., Aged 80 Hr. at 250° C. 


1 

(1U)/(00.1] 
[110]/ [10.0] ' 

1 

2 

2 

{110} /{00. 1 } 

1 

3 


[110]/ [10 0] 



5 

flU}/{00.1} 

2 

4 


[110]/ [11 0] 

2 

3 



1 

2 


There can be little question concerning the reality of relationship 1. 
It is equally certain that another relationship exists in which a (110) 
plane of Mg 2 Sn is parallel to the basal plane of Mg, for this is apparent on 
several of the films; but whether the complete relationship is that of 2 
or 3, or whether both exist, is uncertain. The tabulated X-ray evidence 
somewhat favors relation 2. Relation 4 will not be considered further, 


* The Miller-Bravais system of hexagonal notation has been used. For a descrip- 
tion of this notation see E. Schmid and W. Boas 8 . 
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because the evidence in its favor is so slight. Since precipitation has been 
found on three different groups of planes, it is to be expected that more 
than one orientation relationship exists. 

Hoping to connect each possible orientation relation with a definite 
plane of precipitation, four grains of the 13.5 per cent Sn alloy, which had 
been treated so that all plates were parallel to the basal plane only, were 
studied. The results from four different grains are given in the lower 
part of Table 1. Some evidence for both relations 1 and 2 was found, 
but the new orientation relation 5 was also very prominent. It seems 
certain that this relation 5 is the correct one for plates parallel to the 
basal plane when formed by the heat-treatment specified. 

Discussion of Results 

Widmanstatten structures already studied have served to emphasize 
the importance of matching of atomic positions on conjugate planes in 
determining orientation relationships. The matching resulting from 
the orientations observed by X-rays has been determined for all three 
planes upon which plates have been observed, but only those that appear 
favorable will be described. 

Relation 1. — The small, filled circles of Fig. 4 represent the positions 
of atoms on the basal plane of the Mg lattice, while the open circles repre- 
sent the Sn atoms on an octahedral plane of the Mg 2 Sn lattice, and the 
open circles marked plus and minus are the Mg atoms in this lattice that 
lie in planes 0.97 A, above and below the (111) plane respectively; all 
of these Mg 2 Sn positions are superimposed on those of the basal plane of 
the matrix as specified by relation 1. The (111) Mg 2 Sn.is thus con- 
sidered as a single warped plane, which really includes three parallel 
planes of atoms. These arrays are very much the same when aligned in 
this way. A 12.7 per cent shrinkage of the interatomic distance of 5.5 A. 
to 4.8 A. is the largest change of dimensions required and is well within 
the tolerance limits that have been found in other oriented segre- 
gate structures. 

This relationship is also such that a {201 } plane of the precipitate lies 
within 5° of a {10.2} plane of the matrix. When the atomic positions of 
the two lattices on these planes are plotted, no striking similarity of 
pattern exists; however, the atomic densities on these planes are very 
nearly the same, and it is conceivable that the thermal vibrations of the 
lattice near the eutectic temperature are of sufficient magnitude to allow 
the formation of nuclei with this orientation relationship. 

If this orientation is compared with that found in crystallographically 
similar systems, it is seen that face-centered cubic lattices are related to 
hexagonal close-packed lattices by the condition of relation 5, while 
body-centered cubic lattices are related to hexagonal by the condition of 
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relation 1. The Mg 2 Sn lattice is a face-centered cubic lattice of Sn 
atoms with eight Mg atoms within each unit cell; evidently with proper 
heat-treatment these Mg atoms cause precipitation to occur by a body- 
centered rather than a face-centered cubic mechanism. 

Relation 2. — The atomic plot for the conjugate (110) and (00.1) planes 
of this relation is shown in Fig. 5. It is evident that these arrays are very 
similar and that very little atomic motion could be required for the 

O 0 © 

• * • * 

©0O©e 



• Atoms on (OO.l) plane of Mg 
O Sn atoms on (III) plane of Mg 2 Sn 
0 Mg atoms 0. 97 A above ( 111 ) plane of Mg 2 Sn 
© Mg atoms 097 A. below ( ill) plane of Mg 2 Sn 

Fig. 4. — Atomic matching on (00.1) plane of Mg by relation 1. 

formation of nuclei of the precipitate with this orientation; a 9.4 per cent 
contraction, from 3.2 A. to 2.9 A., is the greatest dimensional change. 

This relationship is such that a (110) pole of the Mg 2 Sn lattice lies 
within 5° of a (10.1) pole of the matrix. The corresponding plot of 
atomic positions, Fig. 6, shows a close similarity between the two planes 
oriented in this manner, and it is reasonable to account for the plates 
parallel to the {10.1} planes in this way. 

Relation 3. — The plot of atomic positions for this orientation shows 
no similarity between the two phases on any plane of precipitation. On 
the basis of atomic matching this orientation is excluded. 

Relation 5. — This relation has been found only in specimens aged at 
250° after quenching, so that it may definitely be related to plates parallel 
to the basal plane formed at 250°. The atomic matching is satisfactory. 

The combined information derived from X-ray studies and atomic 
matching therefore indicates that plates may form parallel to the {00.1} 
planes with orientation relationships 1 and 2, parallel to the {10.1} planes 





• Atoms on (10.1) plane of Mg 

Atoms 0.2 A. above (10.1) plane of Mg 
O atoms on ( 110) plane of Mg z Sn 

© Mg atoms on ( 1J0) plane of Mg 2 Sn 

Fig. 6. Atomic matching on (10.1) plane of Mg by relation 2. 

quenched and aged at 250° C, plates form parallel to the basal plane only, 
predominantly with relation 5. 
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The formation of plates parallel to different planes of the matrix, 
varying with the heat-treatment given the sample, is of special interest. 
It has been observed 8 that below 200° C. slip in Mg occurs on only the 
{00.1} planes, while above this temperature slip occurs on the { 10.1 j and 
possibly the {10.2} planes, these effects becoming prominent above 400°. 
Twinning also occurs on the [10.2} planes. It has already been demon- 
strated 1 that plate formation does not necessarily take place upon the 
slip planes of the matrix. It should be pointed out, however, that 
precipitation mechanisms may be described as shearing processes in the 
matrix lattice. It is probable that when factors of atomic matching are 
favorable for more than one relation, the mechanism that shall operate 
will be determined by the shearing properties inherent in the lattice; 
thus in Mg alloys different mechanisms might be expected to operate at 
different temperatures, corresponding to the different slip processes 
effective at these temperatures, and experiments show that this is exactly 
what happens. 

It might be postulated that quenching strains caused slip on the basal 
plane, which induced plate formation parallel to this plane only in the 
alloys aged at 250° C. The marked tendency for precipitation to begin 
on slip planes has often been demonstrated 9 . However, Koster's photo- 
micrographs 10 also establish that precipitation, even though it starts at 
the slip plane, proceeds by the mechanism characteristic of the unstrained 
system. It has also been shown that when precipitation is initiated by 
strains induced by twinning, the normal Widmanstatten mechanism still 
operates (see ref. 1, pt. I, discussion by C. S. Smith). There is, therefore, 
justification for believing that the plane of precipitation is controlled by 
temperature only. Such an influence of temperature upon Widman- 
statten mechanism was also observed in Fe-Ni alloys (ref. 1, pt. VIII), 
and in this case also the effect may possibly be related to the type of shear 
to be expected at the temperature in question. 

The change in the plane of precipitation effected by a change in the 
temperature of aging suggests interesting possibilities for research. It is 
possible that the precipitation of a single phase upon different planes 
may be characterized by different mechanisms whose rates have different 
temperature coefficients, and, furthermore, that the properties developed 
in the precipitated (aged) alloy may also be quite different. Differences 
in the anisotropy of the elastic properties and of tensile strength of 
single crystals of such alloys might well be observed; the significance of 
such observations for the slip-interference theory of hardening is obvious. 
More than one type of slip plane has been reported for Al 11 , and by 
inference we might expect to discover that certain aluminum alloys might 
show a multiple effect such as that reported here for Mg-Sn alloys; 
furthermore, that such alloys might show interesting variations in aging 
rates and ^physical properteis. 
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B. The Pb-Sb System 

Since no Widmanstatten pattern involving a rhombohedral phase has 
been examined crystallographically, the Pb-Sb system was selected for 
study. Pb has a face-centered cubic lattice with a 0 = 4.92 A., while Sb 
is rhombohedral with a 0 = 4.50 A., co = 56° 37', and m = 0.466 12 . This 
is a simple eutectic system (ref. 3, 985) with the solid solubility of Sb in 
Pb decreasing from 2.94 weight per cent at the eutectic temperature, 
247° C., to 0.24 per cent at room temperature. The solid solubility of 

Pb in Sb has not been well 
established but is apparently of 
the same order. 

Experiments designed to pro- 
duce Widmanstatten patterns 
were successful only with the 
Pb-rich alloys. Only a very small 
amount of precipitate was formed 
in these alloys; consequently there 
appeared to be little possibility of 
obtaining complete orientation 
relationships between the two 
phases. For this reason only the 
plane of precipitation of Sb in Pb 
was determined. 

The alloys were made from 
commercial sheet Pb and C. P. 
_ _ w . grade Sb from the Fisher Scientific 

* Fig. 7. — Widmanstatten figure of n rp, , , 

allot of Pb with 3.3 per cent Sb. x 600. '-'O- sample used was a 100- 

Polished with MgO, not etched. This area gram melt. 96.65 per cent Pb and 
includes only a part of one grain. o or , ,,, , . 

3.35 per cent Sb, prepared in a 

graphite crucible under a flux of the mixed chlorides, of Na, K, Ba and 
Mg. Slow cooling produced suitably large grains, which subsequently 
were homogenized for 120 hr. at 242° C., then cooled to 145° C. over a 
period of 42 hr. and finally furnace-cooled to room temperature. The 
Widmanstatten pattern produced by this treatment is shown in Fig. 7. 

Direction-frequency counts made on ten of these grains showed four or 
fewer maxima for a single crystal, which in itself is convincing evidence 
that the Sb plates have formed on the {111} planes of the Pb matrix 
(ref. 1, pt. I). The orientations of five of these grains were determined 
by the Davey-Wilson method and then related to the trace directions. 
Fig. 8 is one example of such a stereographic plot. In all of these cases 
the precipitate directions could be explained satisfactorily by the {111} 
poles of the matrix, and by no other poles, offering conclusive proof of 
plate formation on the {111} planes. 
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Discussion 

Knowing that Sb precipitates by the formation of plates parallel to 
the (111} planes of the Pb solid solution, it is possible to postulate the 
orientation relationship between these phases from considerations of 
atomic matching. The atoms on 
the {111} planes of Pb are disposed 
in an array of equilateral triangles 
with an interatomic distance of 
3.49 A. The atoms on the [001} 
planes of Sb are disposed in an 
array of isosceles triangles with 
the angle at the vertex equal to 
56° 37'; the interatomic distance 
on the equal sides is 4.50 A., while 
on the base it is 3.56 A. There- 
fore, if these two lattices are 
related to each other so that (111) 

Pb # (001)Sb, [110]Pb ,/[100]Sb, 
an Sb nucleus could form on a 
(111) plane of the solid solution 
matrix with a very slight dis- 
placement of the atoms from their 
normal positions in the face-centered cubic lattice, and it is highly 
probable that this is the relationship that exists. 

Summary 

1. Mg 2 Sn with a CaF 2 type of lattice precipitates from its solid 
solution in the close-packed hexagonal Mg lattice as plates parallel to the 
{00.1}, {10.1} and {10.2} planes of the matrix. 

2. It is possible to eliminate the formation of plates on the {10.1} and 
( 10.2} planes by aging at 250° C. rather than slow cooling from 560° C. 

3. Three orientation relationships exist between these lattices: 

а. {111}/{00.1} and [110]/[10.0] 

б. {110}/{00.1} and [110]/[10.0] 
c. (111}/'{00.1} and [110]/[11.0] 

4. The different precipitation mechanisms are evidently related to the 
shearing processes that occur at the heat-treating temperature and may 
have an important bearing on age-hardening processes. 

5. Body-centered rhombohedral Sb precipitates from face-centered 
cubic Pb as plates parallel to the {111} planes of Pb, probably by the 
relation {lll}Pb/{001}Sb and [110]Pb/[100]Sb. 



OF NORMALS TO TRACE DIRECTIONS IN ALLOY 
of Fig. 7. 

Open circles are { 111 } poles of matrix. 
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Lattice Relationships Developed by the Peritectic Formation 
of Beta in the Copper-zinc System 

By Aldbn B. Greningbr,* Member A.I.M.E. 

(New York Meeting, February, 1937) 

Although the crystallography of lattice transformations has been 
studied extensively during the past few years, these studies have been 
limited, with few exceptions 1 ' 2 , to specimens in which the transformed 
lattice appears as a segregate phase. A realization of the technical 
importance of the segregation mechanism, especially in the formation of 
martensitic structures and in age-hardening phenomena, has undoubtedly 
stimulated research in this direction. 

In the crystallographic studies of segregation, the general problem has 
been to relate the orientation of the parent crystal to that of the segregate 
crystals. The technique has been complicated by the fact that it has 
been necessary to deal with the presence of as many as 24 ideal segregate 
orientations within one parent lattice; furthermore, the segregate lattices 
are invariably scattered (seldom less than ±2°, often as much as 15° or 
20°) about these ideal positions. 

It is probable that a more complete picture of phase transformations 
may result from a study in which complete lattice relationships between 
individual grains are evaluated, thereby providing an additional param- 
eter which when it is necessary to work with multiple segregate orienta- 
tions, cannot be evaluated. The present paper presents the results of 
such a study, t wherein a peritectic reaction is made use of to produce the 
transformed lattices. 


Materials and Methods 

Peritectic Reaction . — In Fig. 1 is reproduced a portion of the copper- 
zinc equilibrium diagram, which includes the peritectic reaction a + liq. 
— > p. A liquid of composition between B and D upon solidifying will 


Manuscript received at the office of the Institute Nov. 7, 1936. 

* Instructor in Metallurgy, Graduate School of Engineering, Harvard University, 
Cambridge, Mass. 

1 References are at the end of the paper. 

t The preliminary results of this study have been announced in Nature (April, 1936) 
137, 657. 
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precipitate alpha (f.c.c.*) until the temperature of the peritectic hori- 
zontal is reached. At this temperature (900° C.) alpha of composition B 
and the remaining liquid of composition D react to produce a new phase, 
beta (b.c.c.*), of composition C. For our purposes it is necessary to note 
only that the initial course of the reaction must involve a diffusion of 
zinc atoms (or zinc and copper atoms) into the alpha dendrite along the 

V 



Fig. 1 . — A pobtion of the coppeb-zinc eqoilibbium diagbam. 

Liquidus and peritectic points after Schramm 12 . Solid solubilities after Hansen 13 

alpha-liquid interfaces, and that this diffusion is accompanied by a trans- 
formation of a thin layer of alpha into beta. 

Preparation of Specimens . — In order to preserve at room temperature 
large grains of beta with nuclei that have been formed by the peritectic 
reaction, it is necessary to introduce into the specimen a composition 
gradient extending into the center of the pure beta field. Furthermore, 
subsequent orientation studies may be facilitated by having only one 
orientation of alpha present in each specimen. 

Specimens having these desired characteristics were prepared by 
solidifying a beta alloy under a unidirectional temperature gradient, and 
seeding the crystallization with a copper or alpha brass single crystal. 
The procedure was as follows: Several single crystals (prepared by a 
method already described 8 ) were sectioned into two parts with a fine 
jeweler’s saw. The sectioned surface was ground and polished and the 
crystal was then etched to remove about 0.5 mm. One of these crystals 


* F.c.c. designates face-centered cubic lattice; b.c.c. designates body-centered 
cubic lattice. 




ALDEN B. GRENINGEK 


381 


l \ 


(about yi in. long) was then placed in the bottom of a graphite crucible 
of which the inside diameter was only slightly larger than the diameter 
of the crystal (about % in.). On top of the crystal were placed several 
pieces of beta brass (Cu = 52.76 per cent, Zn = 47.19 per cent, Fe = less 
than 0.01 per cent, Si = 0.006 per cent, Pb = none). The crucible 
containing the crystal and the beta brass was then placed in a vertical- 
tube furnace maintained at 1050° C. The crucible (uncovered) was 
observed through a small opening at the top of the tube; as soon as the 
beta brass had melted, the crucible was removed from the furnace, placed 
on an iron block, and allowed to 
remain there until it had cooled to 
room temperature. One or two faces 
(parallel to the cylinder axis) were 
prepared on each suitable specimen* 
by grinding and polishing; the spec ; - 
men was then etched deeply with 
dilute HN0 8 . 

Photographs of two of these speci- 
mens are shown in Fig. 2. The speci- 
mens contain the following phases 
(in order, from bottom to top) : (1) 
copper (or alpha brass) crystal seed, 

(2) primary crystallized alpha, hav- 
ing the same orientation as the seed, 
and (3) beta grains whose nuclei 
originated in the peritectic reaction; 
this beta phase has a narrow rim of 
segregate alpha. This order of crys- 
tallization is, of course, a consequence 

of the composition gradient caused by the diffusion of copper (or alpha 
brass) into the liquid beta. 

Determination of Lattice Relationships . — The orientations of the indi- 
vidual copper and beta-brass crystals were determined by the back-reflec- 
tion Laue X-ray method 4 . The over-all maximum inaccuracy of this 
camera amounts to less than 0.1°. The orientations were plotted stereo- 
graphically (15^-in. circle), and the lattice relationships were evaluated 
to within either or }i°, depending upon the perfection of the 
pattern. A total of 41 lattice relationships were determiiied from five 
different specimens, f Specimens I, II and III were seeded with a copper 


Fig. 


a b 

2.— Specimen I (left); specimen 
II (right). 

Twice natural size, etched with dilute 
HNO*. a, copper seed; b z primary 
alpha and peritectic beta; c, primary beta 
and segregate alpha; d, primary beta. 


* Several specimens were rendered useless by a too extensive diffusion of copper 
into the liquid beta. 

t Two beta crystals at the top of one specimen were found to be randomly oriented 
with respect to the seed crystal and had evidently not been seeded by the peritectic 
reaction. These crystals are omitted in the tabulation of results. In general, only 
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crystal; specimen IV was seeded with an alpha brass (70-30) crystal. 
Specimen V was seeded with a copper crystal which had a rather pro- 
nounced macromosaic structure. Orientations reported for this specimen 
are averages; actual orientations registered on the X-ray patterns deviate 
from the mean ± 1°. 


Results 

The Three Ideal Lattice Relationships . — Each beta crystal was found to 
be oriented in such a way with respect to its seed crystal that one or more 
of the following lattice relationships was approximated: 

A /(110)*/(lll) o 
l(001)p/(lT0) a 
/(110V/(lll) a 
l(lll)*/(ll0) a 
„/(100)*/(100) a 
l( 0H)^/(0i0) a 

Of the 41 grains, 38 closely approximated relationships A and B; relation- 
ship C was more closely approximated by only three grains. In both 
relationships A and B a dodecahedral beta plane is parallel to an octa- 
hedral alpha plane. The two relationships differ slightly (5° 16') in the 
alignment of directions within these planes. Relationship A is the one 
recently proposed independently by Nishiyama 5 and Wassermann 8 for 
the decomposition of iron-nickel austenite. Before publication of 
Nisbiyama’s and Wassermann’s results, relationship B was generally 
accepted to hold forall oriented b.c.c. f.c.c. transformations. Relation- 
ship C has been proposed by B0ggild 7 to describe the highly scattered 
orientation relationships between kamacite and the octahedrite structure 
of meteoric irons. For any one parent lattice there are 24 possible B 
orientations, 12 possible A orientations, and only three possible C 
orientations. Each A orientation is a geometrical average of two 
adjacent B orientations; each C position lies at the geometrical center 
of (9° 44' removed from) four A positions. Each C position may be 
produced by placing the alpha and beta lattices parallel and then rotating 
the beta lattice 45° about <100>> 

A summary of orientation results is contained in Table 1, wherein the 
actual orientations are expressed in terms of deviations from the above 
ideal crystallographic relationships. The data contained in Table 1 may 
perhaps be more clearly visualized after an inspection of Fig. 3, which 
represents a stereographic projection of the pertinent poles of one of the 
evaluated lattice relationships. 


the first and second layers of beta grains adjacent to the seed on each specimen face 
were studied. 
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Table 1 . — Orientation Relationships Developed by the Peritedic 

Transformation 0 

Expressed in Terms of Deviations (in Degrees) from Ideal Lattice Relationships 


Deviations from, Degrees 


Specimen 

and Gram No. Relationship Relationship Relationship 

A and B A B 

(110)0^(111),, (OOl)0^(llO) o (111)0^(110)* 


Relationship C 

( 100 )^( 100 ) mi)fi/?(PlO)a 



a The three grains that more closely approximate relationship C are not included in the calculation of 
averages of the first three columns. 
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The figures for average denations, shown in Table 1 , do not indicate 
a preference for either of the two common relationships (A and B). _Thus 
the average deviation from (110)^(111)* is 2 J 4 °> from (001)0^(110)* is 
3}£°, and from {lll)^{ll0) a is However, the figures on devia- 

tion frequencies (Table 2) favor relationship A ; deviations_of 2° or less 
were found for twenty-one (110)^(111)*, twelve (001)0^(110)*, and only 
four (lTl) 0 ^(lTO)*; the corresponding deviation frequencies of 1 ° or less 
were, respectively, eight, six and one. 


Table 2. — Frequency of Deviations 11 


Deviations of 

From 

(UOJ^C Ul) a 

From _ 

(001)0^(110)* 

_ From _ 
(111)0^(110)* 

1° or less 

8 

6 

1 

1J4° to 2° 

13 

6 

3 

2^° to 3° 

12 




3M 0 to 4° 

3 

9 

11 

More than 4° 

2 

7 

13 




° The three grains that more closely approximate relationship C are not included in 
this tabulation. 


Direction of Deviation . — For deviations from ( 110 ) 0 ^( 111 )* of 2° or 
less, the direction of deviation from relationship A or B appears to be 
purely random. For deviations greater than 2J^° or 3°, a preferred devia- 
tion direction exists, becoming more pronounced the greater the deviation 
from ( 110 )|j^(lll) a ; this deviation direction is toward the adjacent 
C position. 

Any given A position is 9° 44' removed from a C position; that is, the 
angle between ( 100)0 and ( 100 )* is 9° 44'. For the two B positions 
adjacent to the given A position, this angle is about 10 J^°. Consequently, 
for a lattice relationship which lies between A and 5, the angle between 
(lOO)^ and (100)* will be slightly more than 10°; and for any given lattice 
relationship that deviates from A and B, the value of this angle will indi- 
cate whether or not the deviation has been in the general direction of the 
adjacent C position. 

Of the seventeen grains that deviate from ( 110 ) 0 ^( 111 )* by 2)4° to 
4J^°, ten show a decrease in the angle between ( 100)0 and ( 100 )*, six show 
an increase, and one shows no change, as follows: 

Increases (to); 12°, 11°, 11^°, HK°, 13^°, 14^°, 

Decreases (to): 6)4°, 7°, 8 °, 7°, 8 °, 5 M°, 7°, 7°, 8 °, 8 °. 

However, five of the six orientations that show increases have angles 
between ( 001)0 and (110)* of 12°, 9°, 8 °, 8 ° and 8 °, respectively; hence, 
might be regarded as exceptions to any generalization. The three grains 
that deviate from ( 110 ) 0 ^( 111 )* by 4° to 4K° all show large decreases in 
the angle between ( 100)0 and ( 100 )*. Furthermore, the only three grains 
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found to deviate from (110)^(lll) a by more than 5° all approximate 
relationship C more closely than either A or B. 

Discussion 

Crystallographic studies of the segregation of alpha from beta in 
copper-zinc alloys have been made by Weerts 8 , Marzke 9 , and Mehl 10 . 
Both Weerts and Marzke conclude that the resulting orientations are 
best accounted for by relationship B. Mehl’s investigation was largely 
confined to a study of the Widmanstatten structure; lattice relationships 
were not determined. Thus, the relationship found for alpha-beta segre- 
gate structures does not coincide with the relationship statistically favored 
by the peritectic transformation. The results of the investigation are 
likewise in disagreement with the theory, currently held by the German 
investigators in this field (see, for instance, Wassermann 6 ), which states 
that high-temperature transformations (involving nucleation and grain 
growth) produce randomly oriented structures. 

In comparing the above results with those obtained by previous investi- 
gators on segregate structures, it should be remembered that these earlier 
studies dealt with specimens in which the segregate lattices were in the 
form of a multiple-fiber structure.* The crystallographic relationships 
that appear in the literature cannot fully describe the orientations that 
actually exist in these specimens; they merely state which ideal lattice 
relationship can best account for the composite effect (on the X-ray 
patterns) due to the presence of both multiple orientations and scattering. 
Assume, for example, that a specimen were available in which the distribu- 
tion of segregate lattices conformed with those given in Table 1. The 
X-ray patterns obtained from this specimen (following the technique 
employed by Nishiyama, Wassermann, and others) would, according to 
the tabulation of deviation frequencies, agree nicely with relationship A, 
notwithstanding the fact that no single segregate lattice would actually be 
in an A position. 

Apparently, then, lattice transformations in general produce struc- 
tures in which the new lattices are not all in the same position with respect 
to the parent lattice. Too often this fact is lost sight of, and little atten- 
tion indeed has been paid to these deviations, which are generally con- 
sidered as induced by stresses due to the volume change that always 
accompanies a lattice transformation Nevertheless, it is possible, indeed 
probable, that the scattering of orientations is not wholly secondary in 
origin and that the ideal crystallographic relationship defines only one of 
many adjacent positions delimited by the transformation. If this is true, 
relationships A, B and C may be, intrinsically, of small importance, and 
should be regarded merely as convenient reference positions. 

* A composite of several individual fiber structures is described as a multiple-fiber 
structure. 
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It has often been remarked that in b.c.c. «=* f.c.c. transformations, 
relationship A (or B) * permits a good matching of atomic positions on the 
most closely packed planes (which are always of about equal spacing) 
of the two lattices; various shearing movements have been proposed to 
explain the mechanism by which the atom positions on the transformed 
lattice are derived from those on the parent lattice. These shearing 
mechanisms, arbitrarily proposed, are, of course, not to be regarded as 
giving an “explanation” of lattice relationships. They have, however, 
permitted certain correlations to be made (in terms of results) between 
transformations involving phases of different crystal structures. Unfor- 
tunately, they are inapplicable to what is geometrically the simplest type 
of transformation — a transformation in which the two phases are of the 
same crystal structure but differ in lattice parameter. 

It is undoubtedly true that any general approach to the explanation of 
lattice relationships developed by phase transformations must consider 
the lattice-point interchange in terms of three dimensions; furthermore, 
the approach logically must be from a statistical viewpoint. As a pre- 
liminary step, however, it should be interesting to correlate, for the trans- 
formations f.c.c. — » f.c.c. and f.c.c. — > b.c.c., the lattice relationships that 
would allow the best matching of atomic positions in three dimensions with 
the relationships experimentally determined. It will be necessary to 
assume that the transformations proceed by a process of nucleation fol- 
lowed by growth. Although the position assumed by a nucleus must be 
the result of a cooperation of forces between a large number of atoms, and 
in the final analysis there can be no sharp separation between the end of 
nucleation and the beginning of growth, for purposes of calculation only it 
might be assumed that a nucleus may be formed by a coordination number 
of atomsf moving into their positions on the new lattice. 

An f.c.c. — > f.c.c. transformation has been studied by Barrett, Kaiser 
and Mehl 11 ; they proved that the lattices of the phase precipitating from 
both silver-rich and copper-rich copper-silver alloys were always parallel 
to the lattice of the parent phase. The parameter differences for these 
transformations were about 10 per cent: judging from the X-ray patterns, 
deviations must have been extremely small — probably less than 1°. 
It is evident, then, that the experimentally determined lattice relationship 
is also that which permits the best matching of atomic positions, t For the 
f.c.c. — » f.c.c. transformation, the minimum position (in which the sum of 
all atom displacements needed to reach the new positions, and therefore 

* An A position permits the best matching in two dimensions; a B position the best 
matching in one dimension. 

fThe number of nearest atom sites surrounding any given atom site on the 
nucleus lattice. 

t This is true no matter how many atoms cooperate in the formation of a nucleus, 
so long as we assume a reasonable minimum number. 
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to form a nucleus, is a minimum) is reached only when the lattices are 
parallel. Under these conditions, all displacements are equal in 



Fig. 3. — Sterbographic plot op pertinent poles op lattice relationship deter- 
mined FOR GRAIN IVD (TABLE 1). 

^ Large symbols indicate poles of copper seed; small symbols, poles of beta grain 

magnitude and any random deviation from parallelism would involve an 
increase in each displacement. The proportionate increase in total 


Table 3. — Displacements Required for Nucleus Formation * 


Relationship 

Individual Displacements 

Total . 

Displacements A. 

Number of 
Displacements 

A. 

c 

8 

0.443 

3.54 

A 

4 

0.246 



4 

0.774 

4.07 

B 

2 

0.065 



2 

0.480 



2 

0 642 



2 

0.905 

4 18 


fl The ratio of displacements A:B:C tends to favor C all the more as we include 
more zones of neighboring atoms in the calculations. Thus, displacement considera- 
tions would show a higher ratio in favor of C for b.c.c. — > f.c.c. (12 atom positions) 
than the above ratio for f.c.c. b.c c. 

displacements for a given angular deviation would be a function of the 
difference in lattice parameter of the two phases. For example, if the 
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parameter difference is 1 per cent, a deviation from parallelism of about 1° 
would require (roughly) twice the total displacement needed when the 
lattices are parallel. For a 10 per cent difference in parameter, displace- 
ments would be doubled (roughly) by a deviation from parallelism of 
about 12°. 

For the transformation f.c.c. — » b.c.c., the minimum position is defined 
by relationship C (see p. 382). If lattice parameters are assigned to the 
two crystalline phases involved in the peritectic transformation* as fol- 



C positions are derived from A positions by rotating 9° 44' about axis BOE. 
m Dots indicate b.c.c. atom positions; open circles, f.c.c. atom positions (relation- 
ship A); broken circles, f.c.c. atom positions (relationship C). 


lows : j8 = 2.945 A., and a = 3.70 A., then the actual displacements required 
for nucleus formation (eight atoms + center atom) according to relation- 
ships A, B and C are as shown in Table 3 and Fig. 4. Relationship C, 
then, defines the position at which the total displacement is a miniimmi j 
and in this position all displacements are equal. A deviation from this 
position would increase the total displacement; but inasmuch as any 
deviation within limits (up to ±9° 44' about [llOJ^OOl]^; up] to 
±5° 16' about [111]«, etc. — see Fig. 4) would increase some individual 
displacements and decrease others, the proportionate total increase for a 
given angular deviation will be much less than for the transformation 

*The room-temperature parameters of 52 per cent Cu and 62 per cent Cu, 
respectively. 
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f.c.c. — * f.c.c. Consequently, if nucleus position is delimited by minimum 
displacement considerations, we should expect considerably larger 
deviations from the most frequent position for f.c.c. — ► b.c.c. than for 
f.c.c. — » f.c.c. 

It is evident that the most frequent orientation relationship for the 
peritectic transformation does not agree with relationship C; it does, 
however, lie amidst relationships A , B and C, although closer to A and B 
than to C . It is not to be expected, of course, that a complete correla- 
tion should be arrived at from such a simple comparison. An important 
variable, which may have to be considered in a final displacement analysis 
of the f.c.c. — > b.c.c. transformation (and not in the f.c.c. — » f.c.c. trans- 
formation), is the multiplicity factor. That is, the final position assumed 
by any number of atoms may be some resultant of three mutually oppos- 
ing tendencies to assume C positions. However, judging from the data 
now available, it is apparent that a consideration of minimum displace- 
ments, although providing a loose explanation of deviations, will not in 
itself be capable of defining the most probable lattice relationship. 

Summary 

1. By seeding the crystallization of a 52-48 copper-zinc alloy (0) 
with a copper crystal, specimens suitable for accurate X-ray study of 
orientation relationships developed by the peritectic reaction a + liq. 
— » £ may be prepared. 

2. In spite of the fact that the peritectic transformation takes place 
at the highest temperature possible for an alpha brassy beta brass 
transformation, oriented lattices are developed. 

3. The beta lattices are related to the alpha seed in such a way that* 
three lattice relationships (defined on p. 382) are approximated. 

4. Considerations of minimum atom displacements would provide a 
satisfactory explanation of deviations from ideal lattice relationships, 
but would be incapable, at present, of defining the most probable or 
mean lattice relationship. 
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DISCUSSION 

(C. H. Samans 'presiding ) 

L. W. McKeehan,* New Haven, Conn. — I have two comments, both mathe- 
matical in character. The first has to do with the use of vulgar fractions to indicate 
parts of degrees. I suppose it is an instinct of modesty on the part of the author to 
underestimate his precision by using such fractions as H, Hi H, etc., rather than the 
more perspicuous decimal fractions, but that is not consistent, of course, with the 
appearance in the same table of both H and }£• The difference between those is 
only a little over 0.08, so that in effect the author is actually estimating to tenths or 
better. It seems to me considerably easier for the reader if it is understood that the 
data are perhaps not precise to tenths but that recording in tenths is the most con- 
venient way to do it. 

The second point is in respect to the small change in translations required for 
considerable deviations from position C, as the author has named it. That is, of 
course, merely a mathematical characteristic of a minimum. If one has a minimum 
sum, considerable deviations from the minimum state are accompanied by small 
changes in the sum. 

G. DESGE,t Pittsburgh, Pa. — A question arises in my mind in connection with 
the deviations of orientation the author has found. In an earlier paper* he found that 
copper crystals grown from the melt were highly imperfect, or, in his terminology, had 
a pronounced “lineage structure.” I wonder if this factor may not be responsible 
for some of the deviations found in these brasses, which seem to offer a favorable 
opportunity for the development of this type of imperfection. 

R. F. Mehl, t Pittsburgh, Pa. — Dr. Greninger has contributed some very excellent 
new data on the important question of the atomic genesis of metallic phases: data 
such as these are very welcome in a rapidly expanding field. 

* Director, Sloane Physics Laboratory, Yale University. 

t Metals Research Laboratory, Carnegie Institute of Technology. 

t Metals Research Laboratory and Department of Metallurgy, Carnegie Institute 
of Technology. 
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The connection between orientation relationships assumed when a new phase 
appears by a pentectic reaction, and when it appears as a result of a solid-solid 
precipitation or transformation, is closer than might appear on first sight. Dr. 
McCandless and I have shown 14 that reaction layers of the oxides of iron 
formed on iron by direct oxidation are distinctly oriented — just as Dr. Greninger's 
peritectic reaction layers are oriented, and as crystal overgrowths generally are 
oriented when lattice dimensions permit. Furthermore it has been shown that the 
orientation relationships that exist between “FeO” and Fe 3 0 4 m oxidation layers are 
identical with those that obtain when Fe 3 0 4 precipitates from “FeO” on cooling. 
Thus it seems that the orientation relationships between two conjugate phases may 
perhaps m every case be the same. If this may be assumed, evidently an indirect 
but much simpler method of solving Widmanstatten relationships is available. Work 
done recently by Mr. Woo m the Metals Research Laboratory, on the generation of 
0-brass from a-brass by inward diffusion of zinc vapor, supports this conclusion, for 
the orientation relationships seem identical with those that occur when a-brass is 
precipitated from p-brass. 

It is generally assumed by the metallurgical profession that papers of this sort 
are wholly theoretical and therefore of no practical importance. As a matter of fact, 
there is a confusion in terms here. Dr Greninger’s excellent paper, for instance, is not 
theoretical; it is experimental scientific, having as its objective an understanding 
of the atom mechanism in a phenomenon that is familiar to all metallurgists. If 
Dr. Greninger will pardon a personal reference — which I intrude on his good nature 
chiefly in support of and to justify such work as he has been doing for some years — 
I should like to refer to the many occasions when friends have asked me what the 
practical importance might be of our studies on Widmanstatten mechanisms, inferring 
that if there is no immediate and easily recognizable importance the metallurgist 
should not waste his tune on mental playthings. I think it would be well to state 
here the justification of such work. 

While it is an obvious truth that the metallurgist must be primarily interested in 
the engineering production and application of metals and alloys, it is now a well recog- 
nized fact in all branches of science and engineering that progress in industry will be 
the more rapid and the more certain as the development of the science itself is the more 
rapid and the more certain. Since age-hardening and heat-treatment are matters of 
prime practical importance, is it not then desirable to understand as much as possible 
of the basic atom processes that operate in age-hardening and in the heat-treatment 
of alloys. How much clearer are our notions — our practical notions — of recrystalliza- 
tion as a result of Jeffries' “theoretical” work on this subject, and how much greater 
is our effectiveness — our effectiveness in practice — m developing age-hardening alloys 
as a result of Merica’s theory ! Studies on Widmanstatten figures have as their objec- 
tive an understanding of the atom mechanisms of precipitation and transformation. 
When we understand these mechanisms thoroughly, perhaps we shall be able to 
contribute directly to engineering, in much the same way as studies on the mecha- 
nism of chemical reactions, much pursued 30 years ago, now contribute to chem- 
ical engineering. 

A. B. Grbningur (written discussion). — The listing of both thirds and quarters 
of a degree in the same table, when the limit of accuracy has been placed at is, as 
Dr. McKeehan has stated, unfortunate. Needless to say, the average given at the 
bottom of Table 1 should read 3J4 instead of 3J^. 

It is probable that no single factor is entirely responsible for the orientation devia- 
tions reported. However, judging from the evidence available, it would seem that 

14 R. F. Mehl and E. L. McCandless: Oxide Films on Iron. A.I.M.E. Tech. Pub . 
780 (1937). 
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macromosaic structure has little effect. The figures obtained from specimen 5 are 
similar to those from other specimens, yet No. 5 seed had a pronounced macromosaic 
structure (±1°) and the other crystal seeds were highly perfect in structure. 
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